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1. Introduction and Scope
During the last few decades, an enormous effort has been made to understand corrosion phenomena
and their mechanisms, and to elucidate the causes that dramatically influence the service lifetime
of metal materials. The performance of metal materials in aggressive environments is critical for
a sustainable society. The failure of the material in service impacts the economy, the environment,
health, and society. In this regard, corrosion-based economic losses due to maintenance, repair, and the
replacement of existing structures and infrastructure account for up to 4% of gross domestic product
(GDP) in well developed countries.
One of the biggest issues in corrosion engineering is estimating service lifetime. Corrosion
prediction has become very difficult, as there is no direct correlation with service lifetime and
experimental lab results, usually as a result of discrepancies between accelerated testing and real
corrosion processes. It is of major interest to forecast the impact of corrosion-based losses on society
and the global economy, since existing structures and infrastructure are becoming old, and crucial
decisions now need to be taken to replace them.
On the other hand, environmental protocols seek to reduce greenhouse effects. Therefore, low
emission policies, in force, establish regulations for the next generation of materials and technologies.
Advanced technologies and emergent materials will enable us to get through the next century.
Great advances are currently in progress for the development of corrosion-resistant metal materials for
different sectors, such as energy, transport, construction, and health.
This Special Issue on the corrosion and protection of metals is focused on current trends in
corrosion science, engineering, and technology, ranging from fundamental to applied research, thus
covering subjects related to corrosion mechanisms and modelling, protection and inhibition processes,
and mitigation strategies.
2. Contributions
This Special Issue comprises a large variety of interesting corrosion and protection of metal-based
studies, including research on stainless steel, carbon steel, Inconel, copper, and magnesium alloys.
Sensitization and surface modification, coatings, and processing influence on corrosion. The different
corrosion mechanisms are also included in this collection, including intergranular corrosion, localized
pitting corrosion, stress corrosion cracking, atmospheric corrosion, galvanic corrosion, numerical
simulation, and modeling. In addition, a wide spread of electrochemical, microstructural and
surface characterization techniques (CPP, EIS, DL-EPR, SEM, XPS, DRX, OM) are described in the
aforementioned studies.
The work by Ha et al. found Mo to impart a positive effect on pitting corrosion resistance of high
interstitial alloyed (HIA) FeCrMnMoNC austenitic stainless steel [1]. The alloyed Mo suppressed
metastable pitting corrosion and raised both pitting and repassivation potential Epit and Erp, respectively.
In addition, Mo reduced the critical dissolution rate of the HIA in acidified chloride solutions, and the
HIA with higher Mo content was able to resist active dissolution in stronger acid.
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In a study by Song and coauthors [2], the impact of high-speed rotating wire-brushing
nanocrystal surface modification (SNC) on the corrosion of extruded Cu-0.4%Mg alloys was reported.
Strain-induced grain refinement weakens the corrosion resistance of the SNC alloy during the initial
corrosion period in 0.1 M NaCl solution, resulting in the lower Ecorr value and higher Icorr values
in polarization tests, a smaller capacitive loop and Rp value in EIS tests, higher mass-loss rate,
and a partially corroded surface. The SNC sample with a smaller grain size has lower corrosion
resistance, indicating that the increased crystal defects and higher surface roughness results in increased
corrosion activity.
Lee et al. investigated the effect of shot peening on the corrosive behavior of spring steel
electrochemical polarization tests and the Mott–Schottky analysis [3]. The passive current density of
the specimens with stress was higher and showed fluctuation. It was found that compressive stress
produced passive films with lower point defect density than non-stressed specimens, thus revealing
that the growth mechanism of passive film and the transport of vacancies in the film on metals and
alloys depend on the residual stress on the metallic surface.
Veleva et al. discussed the initial stages of corrosion of AZ31B magnesium alloy in Ringer’s
solution at 37 ◦C [4]. Among the main findings, the corrosion current densities estimated by hydrogen
evolution are in good agreement with the time-integrated reciprocal charge transfer resistance values
estimated by electrochemical impedance spectroscopy (EIS). Moreover, the formation of corrosion
products with poorer protection properties and the increase in the tendency for pitting corrosion are
promoted by the significant content of Cl− in the form of aluminum oxychlorides salts. A marked
decrease in the EIS inductive loop was found to reflect the dissolution of aluminum oxychloride salt,
which is probably formed across the uniform corrosion layer during the initial stages, as suggested by
the EDS analysis.
The study by Zanotto et al. found that microstructural modifications imparted by heat treatment
produced sensitization and influenced the localized corrosion and stress corrosion cracking of 2304
duplex stainless steel [5]. Pitting and intergranular corrosion mainly initiated in Cr- and Mo-depleted
regions (ferrite/austenite interphases), near to the Cr23C6 precipitates within the γ2 and γ phases, then
propagated in the ferrite matrix. Moreover, SCC failure initiated at the bottom of pits and was likely
stimulated by hydrogen penetration.
In a study by Kim et al., the multi-galvanic effect of an Al fin-tube heat exchanger with cathodic
or anodic joints was evaluated using polarization tests, numerical simulation, and the seawater acetic
acid test (SWAAT) [6]. Determination of the polarization state using polarization curves was well
correlated with numerical simulations using a high-conductivity electrolyte, thus envisaging a novel
approach to improve the design of products subject to multi-galvanic corrosion. Results were verified
by SWATT, and the leakage time of the Al fin-tube heat exchanger assembled with the anodic joint was
42% longer than that of the exchanger assembled with the cathodic joint.
The work by Ahledel et al concluded that TiC additions into a Fe3Al matrix, prepared by
high-velocity oxy-fuel (HVOF) spraying, increased the corrosion resistance of Fe3Al/TiC composite
coating in 3.5 wt.% NaCl solution [7]. The addition of Cr contributed to the decrease in the corrosion rate
of Fe3Al-Cr/TiC HVOF coating, three times lower than that of Fe3Al/TiC. Furthermore, the addition of
TiC particles into Fe3Al matrix benefit the wear resistance while keeping corrosion-resistant properties.
A new atmospheric corrosion sensor utilizing strain measurements (ACSSM) was developed by
Purwasih et al. [8]. The sensor fundamentals are based on the influence of the strain variations (Δε) on
the compressive surface of a low-carbon steel under a bending moment, considering the corrosion
product layers formed, and assuming three different stages: stage I, free corrosion Fe surface (Δε = 0);
stage II, tight corrosion products (Δε < 0); and stage III, porous corrosion products layer (Δε > 0).
In the review paper by Mohtadi-Bonab [9], the important damage modes in pipeline steels
including stress corrosion cracking (SCC) and hydrogen induced cracking (HIC) are reported. Based
on a literature survey, it was concluded that many factors influence SCC, such as the microstructure
2
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of steel, residual stresses, chemical composition of steel, applied load, alternating current, surface
texture, and grain boundaries, influencing the crack initiation and propagation in pipeline steels.
Crystallographic texture plays a key role in crack propagation. Grain boundaries associated with
{111} and {110} parallel to the rolling plane, coincident site lattice boundaries and low angle grain
boundaries are recognized as crack resistant paths, while grains with high angle boundaries favor the
SCC intergranular crack propagation.
Choucri et al. studied a corrosion failure in service of copper pipes in drinking water distribution
systems, mostly related to their high β’ phase content, which undergoes dezincification and selective
dissolution attacks [10]. The corrosive behaviors of two representative α + β’ brass components were
compared to that of brass alloys with nominal compositions CuZn36Pb2As and CuZn21Si3P, marketed as
dezincification resistant. Analyses evidenced that the highest dezincification resistance was afforded by
CuZn36Pb2As (longitudinal section of extruded bar), exhibiting dealloying and subsequent oxidation of
β’, only at a small depth. Limited surface dealloying was also found in CuZn21Si3P, which underwent
selective silicon and zinc dissolution and negligible inner oxidation of both α and κ constituent phases,
likely due to galvanic effects.
A study by Bautista et al. observed the performance of lean duplex stainless steel (LDSS)
reinforcements (UNS S32304 and S32001) after long term exposure to chloride contained corrosion
environment [11]. The authors concluded that a decrease in the alkaline reserve of the mortars can
affect the corrosive behavior of the LDSS exposed to environments with high chloride concentrations.
In the pits formed in regions of the corrugated surface which were only moderately strained, the
austenite phase was dissolved selectively, while ferrite tended to remain uncorroded. The higher
tendency of ferrite to dissolve Cr can explain this observation. Ferrite should be more Cr-rich that
austenite, and therefore more corrosion-resistant. The duplex structure of the stainless steel influences
the selective dissolution of the phases, and austenite corrodes preferentially except in the most strained
areas of the corrugated surface, where ferrite dissolves selectively.
Both works by Santana et al. reported on atmospheric corrosion of zinc, copper and carbon
steel [12,13]. It was found that the most influential environmental parameter affecting the corrosion
rates was the chloride deposition rate (Sd), and on the contrary, the environmental temperature (T)
showed the smallest influence. The influence of test-coupon orientation and exposure angle on the time
of wetness (TOW) was of major interest. The authors summarized that corrosivity mathematical models
would need to be redefined, introducing the time of wetness and a new set of operation constants.
Therefore, they concluded that atmospheric corrosion classification standards need to be revisited.
The work by Galván-Martínez et al. on X70 pipeline steel immersed in acidified and aerated
synthetic soil solution [14] found a higher susceptibility to stress corrosion cracking (SCC) as the
cathodic polarization increased (Ecp). Nevertheless, when the Ecp was subjected to the maximum
cathodic potential (−970 mV), the susceptibility decreased; this behavior is attributed to the fact that
the anodic dissolution was suppressed and the process of the SCC was dominated only by hydrogen
embrittlement (HE). The EIS results showed that the cathodic process was influenced by the mass
transport (hydrogen diffusion) due to the steel undergoing so many changes in the metallic surface as
a result of the applied strain that it generated active sites at the surface.
Research studies by Martin and coauthors revealed the influence of ultrasonic nanocrystal surface
modification (UNSM) on the degree of sensitization (DOS) in Inconel 718 [15]. The double-loop
electrochemical potentiodynamic reactivation method (DL−EPR) showed that for UNSM processed
samples with no thermal treatment, the DOS increased, while for UNSM treated samples that were
post-annealed at 1000 ◦C and water quenched, the DOS notably decreased. It was found that
the annealing at 1000 ◦C and the water quenching of the UNSM treated specimens promoted the
transformation of γ” to form the δ phase on the grain boundaries, which reduces the intergranular
corrosion susceptibility.
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3. Conclusions and Caveats
This Special Issue on the corrosion and protection of metals presents a collection of research
articles covering the relevant topics and the current state of the art in the field. As the guest editor,
I hope that this collection of original research papers and reviews may be useful to researchers working
in the field, promoting more research studies, debates, and discussions that will continue to shed light
and bridge the gap in the understanding of corrosion and protection fundamentals and mechanisms.
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Abstract: In this work, influence of ultrasonic nanocrystal surface modification (UNSM) on the
degree of sensitization (DOS) in Inconel 718 has been studied and correlated with the resulting
microstructure. The UNSM processed samples decreased their grain size from 11.9 μm to 7.75 μm,
increasing the surface of grain boundaries, and thus enhancing the area where δ phase and niobium
carbides precipitate. The effect of the UNSM process on the DOS of Inconel 718 was studied by the
double loop electrochemical potentiokinetic reactivation (DL−EPR) test. The DL−EPR showed that
for UNSM processed samples with no thermal treatment, the DOS increased up to 59.6%, while
for UNSM treated samples that were post-annealed at 1000 ◦C for 10 min and water quenched the
DOS decreased down to 40.9%. The increase of grain boundaries surface area and triple junctions
after the UNSM process enables the formation of twice the amount of δ phase compared to the
as-received Inconel 718 bulk sample. The area fraction of the grain boundary covered by δ phase
was of 9.87% in the UNSM region while in the bulk the area fraction was 4.09%. In summary, it was
found that after UNSM process, the annealing at 1000 ◦C for 10 min and water quenching promoted
the transformation of γ” to form δ phase on the grain boundaries, which reduces the intergranular
corrosion susceptibility.
Keywords: double loop electrochemical potentiokinetic reactivation (DL−EPR); sensitization;
ultrasonic nanocrystal surface modification (UNSM); intergranular corrosion; Inconel 718
1. Introduction
Inconel 718 is a Ni-Fe-Cr superalloy widely used in the aerospace and nuclear industries due to
its enhanced corrosion properties within extreme environment conditions [1–3]. Its mechanical and
corrosion properties are maintained at temperatures as high as 700 ◦C, making the Inconel 718 alloy
suitable for demanding working conditions [1,4–6]. Among the high strength, fatigue, creep and wear
resistance properties, Inconel 718 also has favorable weldability [7–10]. The outstanding mechanical
and corrosion properties of Inconel 718 are attributed to its microstructure, which is mainly constituted
of austenite, γ phase. The composition of Inconel 718 presents a Ni equivalent value (Nieq) high enough
to promote a single-phase microstructure (γ phase) as seen in the Schaeffler diagram [11]. Besides the γ
phase, Inconel 718 precipitates other phases, the most common are: γ′ being a face centered cubic (FCC),
with a Ni3(Al, Ti) composition; γ” being a body centered tetragonal (BCT) with a Ni3Nb composition,
and δ phase with an orthorhombic crystal structure having a Ni3Nb composition [4,12–14]. The γ”
phase confers most of the hardening to the Inconel 718 γ-phase matrix; however, it is a metastable
phase the more stable form of which is the δ phase. The increased amount of δ phase is at an expense of
depleting the γ” phase concentration in the γ-phase matrix; leading to the worsening of the mechanical
properties, mainly the hardness. Nevertheless, δ phase can control the limiting grain growth during
Metals 2020, 10, 204; doi:10.3390/met10020204 www.mdpi.com/journal/metals7
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solution treatment when present in small amounts [4,15]. Moreover, the δ phase enhances the corrosion
resistance as it is a more stable phase [16].
Although Inconel 718 excels with its mechanical properties at elevated temperatures, the depletion
of the γ” phase in exchange of the δ phase, promotes early failure by fatigue and creep [1]. Thus, further
improvement of the mechanical properties of Inconel 718 can be achieved through the combination of
mechanical and thermal treatments. Mechanical treatments like laser shock peening, shot peening or
ultrasonic nanocrystal surface modification (UNSM) are among the most common surface modification
treatments used to improve the tribological performance, wear and friction resistance, of Inconel
718 [17–19]. However, the improvement of the mechanical properties may produce some decrease in
the corrosion performance. The UNSM process causes the grains on the surface and at the nearest
surroundings layers to be crushed and hence the grain boundaries increase, enlarging the available
surface coverage for the chromium and niobium carbides to precipitate which will raise the degree
of sensitization (DOS) and therefore the intergranular corrosion susceptibility. This corrosion issue
has not been considered in previous studies regarding the UNSM surface processing of Inconel and
only few works mention it [17,20]. Previous works assert that the corrosion properties are improved
after UNSM processing, showing micrographs of the top surface and its deformation by using TEM
(transmission electron microscopy). However, there is a lack of electrochemical tests to prove the
hypothesis based on the microstructure studies previously mentioned. A combined study of the
mechanical performance, the microstructure and the electrochemistry should be carried out to better
understand the tradeoff between the mechanical and the corrosion resistance properties.
In order to characterize the effect of thermal treatments on the DOS, previous researchers have used
the double loop electrochemical potentiokinetic reactivation (DL−EPR) test. The DL−EPR enables a
straightforward comparison between current peaks in the forward scan, activation scan; and backward
scan, reactivation scan [21–23]. This method has been shown to produce reliable data from different
thermal treatments to sensitized steels [21,24–29]. The DL−EPR has a higher reproducibility among
results than the single loop EPR [30]. Previous studies on the Inconel family—mainly the 600
series—have provided promising results on the characterization of the DOS by the DL−EPR method.
The Cr depleted areas due to thermal treatments or working conditions can be detected by the DL−EPR,
due to the ability of the method to selectively attack the grain boundaries. Studies by DL−EPR on
Inconel 600 have shown the enhancement of the susceptibility to intergranular corrosion due to the Cr
depleted grain boundaries [31,32]. More recently, studies on grain boundary engineering on Inconel
600 have also been tested with the DL−EPR. They have shown the improvement on Inconel 600 by
thermo-mechanical treatments on the protection against intergranular corrosion [33–35]. In addition
to the thermal treatments, mechanical processing such as cold work also use DL−EPR to assess the
degree of sensitization of steels [36–38].
This work studies the effect of thermo-mechanical processing, UNSM plus annealing, has on the
intergranular corrosion susceptibility of Inconel 718. The grain size reduction induces larger grain
boundary areas, which then are thermally activated promoting the growth of precipitates, mainly δ
phase and Nb carbides. The effect of the UNSM on the DOS in Inconel 718 is studied by means of the
DL−EPR. In addition to the electrochemical tests, a microstructural characterization was performed by
optical, scanning electron microscopy (SEM) and X-ray diffraction (XRD) to support the DOS results.
2. Materials and Methods
2.1. Materials and Thermo-Mechanical Processing
The material used for this study was Inconel 718, the chemical composition of which is shown in
Table 1. Samples were cut into squared sheets of 15 mm length size with a thickness of 3 mm. Before
any thermo-mechanical treatment, the samples were polished up to grade 1200 with SiC sandpapers.
The different samples studied can be identified in Table 2, where each sample abbreviation corresponds
with its thermal and/or mechanical treatment. Four different thermo-mechanically treated samples
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were studied: Sample I1 was thermally treated in the furnace for 2 h at 675 ◦C and then water quenched;
sample I2 was thermally treated in the furnace at 1000 ◦C for 10 min and then water quenched,
this process was repeated three times; sample I3 was mechanically processed with the UNSM treatment
three times; and sample I4 was mechanically processed with the UNSM, annealed at 1000 ◦C for 10 min
and then water quenched. This thermo-mechanical process was repeated three times.
Table 1. Chemical composition of Inconel 718 (wt.%).
Element Al C Cr Fe Mo Nb Ni Ti
Content (wt.%). 0.2−1 0.1 17−21 Bal. 2.8−3.3 4.6−5.75 50−55 0.3−1.3
Table 2. UNSM (ultrasonic nanocrystal surface modification) and thermal processing details of
Inconel 718.
Sample Treatment
I1 Annealed at 675 ◦C for 2 h
I2 Annealed at 1000 ◦C for 10 min, water quenched, repeated 3 times
I3 UNSM treated, repeated 3 times
I4 UNSM treated and annealed at 1000 ◦C for 10 min, water quenched, 3 times
The processing parameters used for the UNSM treatment were a tungsten carbide ball with 2.4 mm
tip diameter, a static load of 20 N, a scanning speed of 1000 mm/min, an amplitude of 16 μm and a
spacing of 10 μm [39].
2.2. Electrochemical Characterization
Cyclic potentiodynamic polarization (CPP) tests were done for each sample in 3.5 wt.% NaCl
solution (VWR Chemicals, LLC, Solon, OH, USA) at room temperature (25 ◦C). All electrochemical
tests were conducted using a potentiostat/galvanostat Gamry Reference 600 (Gamry Instruments
Inc., Warminster, PA, USA). A three-electrodes configuration cell setup was used, with a saturated
calomel electrode (SCE) as the reference electrode (RE), a graphite rod as the counter electrode (CE)
and the Inconel 718 samples as the working electrode (WE). The area exposed for the WE was 1 cm2.
The polarization scan was ±1.0 VOCP at a scan rate of 1.667 mV/s for both, forward and backward scans.
An open circuit potential (OCP) of 3 h was monitored prior to performing each CPP test.
The DOS of the sensitized samples was obtained by means of the DL−EPR test. A 0.1 M
H2SO4 + 0.01 M KSCN (VWR Chemicals, LLC, Solon, OH, USA) test solution was used at room
temperature [22,23,40]. All the samples were polished with sandpaper up to 1200 grit and rinsed with
water and ethanol and dried with air. The electrochemical cell set up for the DL−EPR test was the
same that for the three-electrodes configuration cell from the CPP. This system avoided the intrusion of
air and separated the solution from the sample until the chamber was completely deaerated, avoiding
the premature contact of the acid solution and the metal, which could attack the surface. The cell
was deaerated with nitrogen for 30 min, then the solution was pumped into the electrochemical cell.
Continuous N2 bubbling was kept for the entire test to keep the air from entering the system. The OCP
was monitored for 30 min from the moment the solution covered the sample until a stable potential
was reached. After recording the OCP, a potentiostatic hold of −1.0 VOCP was applied for 1 min
with an imposed current limit of 100 mA/cm2. Then, the samples were polarized from −500 mVOCP
to +500 mVOCP, and subsequently reversed for a complete DL−EPR test [22]. The scan rate for the
potentiokinetic scans was 0.2 mV/s. The DOS was calculated with the ratio between the current density
peak in the activation process (forward scan) (ia) and the current density peak in the reactivation
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process (backward scan) (ir) (see Equation (1)). The DL−EPR tests were done in triplicate for each of




× 100 (%) (1)
2.3. Microstructural Characterization
The microstructural study was conducted at the cross-section of the Inconel 718 samples.
The samples were cut in half, mounted in epoxy resin and polished with 0.05 μm diamond powder.
To reveal the microstructure, an etchant solution containing 17 mL HCl and 1 mL H2O2 (VWR Chemicals,
LLC, Solon, OH, USA) was used. The optical images were taken with a metallographic microscope
Nikon eclipse MA 100 (Nikon Corp., Tokyo, Japan), and a Hitachi TM3030 (Hitachi High-Tech. America
Inc., Schaumburg, IL, USA) was used to perform the micrographs analysis with the scanning electron
microscopy (SEM) technique, as well as energy dispersed X-ray (EDX). The grain size was calculated
based on the optical microscopy images from the metallographic microscope at ×100 magnifications
following ASTM E112–13 [41]. The amount of precipitates coverage for each sample was measured
with the ImageJ software v.1.8.0_112 (National Institutes of Health, Bethesda, MD, USA).
X-ray diffraction (XRD) analysis was performed using a Rigaku SmartLab 3kW X-ray diffractometer
(Rigaku Corp., Tokyo, Japan), with a Cu target (Kα = 1.5406 Å). The scan speed was 2◦/min over the 2θ
range of 40◦–95◦. The γ, γ”, δ and NiFe2O4 phases were elucidated in the XRD patterns.
3. Results and Discussion
3.1. Cyclic Potentiodynamic Polarization (CPP)
The CPP curves for each sample are showed in Figure 1. Sample I3 has the lowest corrosion
potential (Ecorr) from all the samples, having a value of −625 mVSCE. However, its corrosion current
density (icorr) is the lowest with a value of 2.37 μA/cm2. The icorr remains in the μA/cm2 range for all
the thermo-mechanical treatments; I2 has an icorr of 3.83 μA/cm2, while I4 and I1 4.54 μA /cm2 and 5.51
μA/cm2, respectively. All the values of the Ecorr and icorr are presented in Table 3. The most passive
sample is I2 with an Ecorr of −484 mVSCE. Samples I2 and I4 present a peak in the anodic branch
around the same current density of 0.36 mA/cm2; this peak is associated with the dissolution of the δ
phase and NbC [42]. During the anodic polarization of Sample I2, after the dissolution of the δ phase,
the sample shows greater repassivation than was observed in Sample I4. Sample I4 shows higher icorr
value and, thus is more active compared to Sample I2, despite having the same thermal treatment.
 
Figure 1. Cyclic potentiodynamic polarization (CPP) curves of each sample in 3.5 wt.% NaCl.
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Table 3. Ecorr and icorr values from the cyclic potentiodinamic polarization (CPP) curves of each sample.





3.2. Double Loop Electrochemical Potentiokinetic Eeactivation (DL−EPR)
The effect on the intergranular corrosion susceptibility of the thermo-mechanical process for
each of the four Inconel 718 samples was tested with the DL−EPR method. The DL−EPR plot for
Sample I1 presents three branches in the backward scan while in the forward resulted in only one;
this is because during the backward scan there are three different states (see Figure 2). The upper
state is the passive state; here the acid has not broken the passive film that protects the substrate.
The second state is the transient state; in this unstable state the passive film is becoming depleted
and the acid initiates the surface attack of the Inconel 718. The last state is the active state and it is
the only stable one; here the passive film is completely broken and the acid solution can dissolve the
metal [21]. The ir is obtained from the anodic branch which is in between the active and transient
states, its value is 75 μA/cm2 [43]. The DOS for sample I1 is 15.7%, this sensitization is expected
for the applied thermal treatment at 675 ◦C, which is within the range of sensitization temperature
for Inconel 718. No intergranular corrosion was produced for Sample I2 after annealing at 1000 ◦C
followed by water quenching (see Figure 3). The forward and backward potentiokinetic scans matched
perfectly, meaning that the annealing treatment proved to be an effective way to overcome sensitization.
The triple repetition of the annealing treatment at 1000 ◦C for 10 min followed by water quenching
avoid precipitation of γ” phase. Sample I3 went through three cycles of UNSM treatment drastically
increasing the DOS to 59.6% (see Figure 4). This high value of sensitization is the consequence of
the increased number of grain boundaries created by the surface plastic deformation produced by
the UNSM process. The plastic deformation applied to the top surface of the material increases the
intergranular corrosion suffered by the Inconel 718; the current density peaks increased three orders
of magnitude from 0.51 mA/cm2 (ia Sample I1) to 126.9 mA/cm2 (ia Sample I3), proving the higher
susceptibility to intergranular corrosion (see Table 4). This plastic deformation is also evidenced
in the microstructural analysis where carbides are formed in the newly created twin boundaries.
Finally, Sample I4, three cycles of UNSM plus the 1000 ◦C for 10 min and water quenching, was tested.
The DL−EPR plot in Figure 5 suggests an increase of the DOS due to the effect of the UNSM treatment
compared to Sample I1. This increase in the DOS up to 40.9% is higher than the 15.7% from Sample
I1, however compared to Sample I3 the DOS is almost one-third less. The annealing at 1000 ◦C for
10 min after each UNSM treatment enables the release of plastic strain and hence reducing the twin
boundaries density. In addition to the stress relaxation, due to the annealing at 1000 ◦C transformation
of γ” occurs, leading to the formation of a more stable and corrosion resistance δ phase. Although
the DOS decreases, the current density values of both peaks remain in the same order of magnitude
(mA/cm2). The anodic current density remains in the order of mA/cm2 for the repassivation of Samples
I1, I3 and I4, which is high for a DL−EPR test for stainless steels. However, in the case of Inconel,
these current densities are within the expected range (mA/cm2) as shown by previous authors [44,45].
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Figure 2. DL−EPR (double loop electrochemical potentiokinetic reactivation) plot for Inconel 718
annealed at 675 ◦C for 2 h, sample I1.
 
Figure 3. DL−EPR plot for Inconel 718 annealed at 1000 ◦C for 10 min and water quenched, reapeated
three times each, sample I2.
 
Figure 4. DL−EPR plot for Inconel 718 treated with UNSM × 3, sample I3.
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Figure 5. DL−EPR plot of UNSM treated Inconel 718 annealed at 1000 ◦C for 10 min and water
quenched, repeated three times each, Sample I4.
Table 4. Degree of sensitization values for the different thermo-mechanically treated samples of Inconel
718, DOS = ( iria × 100).
Samples ir, mA/cm2 ia, mA/cm2 DOS, % Standard Deviation
I1 0.08 0.51 15.7 2.1
I2 - - - -
I3 75.7 126.9 59.6 4.5
I4 2.5 6.1 40.9 3.4
3.3. Microstructure Characterization
After the DL−EPR tests were completed, the Inconel 718 samples were cut in half and epoxy
mounted to perform the microstructural analysis. The Inconel 718 cross-section was revealed with the
etchant containing HCl and H2O2, the time to reveal the microstructure was between 15–20 s immersed
in the solution.
Figure 6 represents the Inconel 718 after each thermal and/or mechanical treatment. The as-received
(AR) Inconel 718 has a microstructure mainly formed by γ phase, having deformation twins
scattered throughout the entire microstructure as well as some minor carbide precipitates due
to the manufacturing temperatures (see Figure 6a). The Inconel 718 sheets were hot rolled, leaving
the top surface with some plastic deformation where the grains were much smaller compared to the
bulk. Sample I1 developed more γ” phase at the grain boundaries because of the thermal treatment at
675 ◦C for 2 h, as was expected from the TTT (time-temperature-transformation) diagram of Inconel
718 for these temperature and time conditions [46,47] (see Figure 6b). Sample I2 did not show as much
γ” phase on the grain boundaries as Sample I1, but it presented δ phase instead as well as slightly
more carbides (see Figure 6c). The annealing treatment at 1000 ◦C for 10 min and water quenching
repeated three times made the γ” phase transform into its more stable δ phase. In these first three steps,
the grain size and the density of deformation twins remained constant as no extra work had been added
to the Inconel 718 samples. However, once the UNSM process was applied, the outermost surface
layer became heavily deformed, considerably reducing its grain size as well as promoting more twin
boundaries. In Sample I3, which suffered three UNSM treatments, three regions were differentiated in
the microstructure (UNSM, transition and bulk regions) (see Figure 6d). The closer to the UNSM treated
surface, the greater the plastic deformation, reducing the grain size more severely. The transition
region between the UNSM treated region and the bulk experienced a higher concentration of twin
boundaries; here the plastic deformation was gradually reduced, having a wide average grain size.
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Finally, Sample I4 was thermo-mechanically treated with the UNSM, annealed at 1000 ◦C for 10 min
and water quenched, all repeated three times (see Figure 6e). This thermo-mechanical process promotes
a higher amount of δ phase in the UNSM region as well as in the transition region. The UNSM
thermo-mechanically treated sample now had a higher amount of grain boundaries and hence, a higher
probability to promote δ phase and carbides.
Figure 6. Schematic of the different microstructure as a result of the thermal and UNSM processing of
Inconel 718: (a) As-received sample, (b) I1 sample, (c) I2 sample, (d) I3 sample and, (e) I4 sample.
The optical images in Figure 7 show the microstructure of the Inconel 718 samples, revealing a
similar polygonal equiaxed γ phase matrix with scattered twins along the plane [9]. The morphology
and deformation twins distribution of the Inconel 718 samples found in this study resemble the
one found on the literature [17,48]. Samples AR, I1 and I2 did not experienced UNSM processing,
therefore their grain size remained constant with an average size of 11.2 μm, 11.9 μm and 11.4 μm
respectively [49] (see Figure 7a–c). While the microstructure of Samples I3 and I4 present three regions:
bulk, transition and UNSM (see Figure 7d,e). The bulk region has an average grain size of 11.4 μm,
similar to the one for Samples AR, I1 and I2, while in the UNSM region the grain size is reduced
to average values of 7.75 μm. It has been found that the DOS value highly increases from Sample
I1 to Sample I3 by almost four times, 15.7% and 59.6% respectively. In the transition zone between
the bulk and the UNSM region the grain size gradually decreases, having a more dispersed average
size, ranging from 9–10 μm. The UNSM processing produced a similar penetration depth of 16.3 μm
for surface-modified Samples I3 and I4 (see Figure 7f). Among all the samples, I1 shows the greater
amount of precipitates in the grain boundaries; this is due to its thermal treatment temperature being
in the sensitization temperature range for Inconel 718, as well as being subjected to it for two hours.
In the case of Samples I2 and I4—which were thermally treated at 1000 ◦C for 10 min and water
quenched—the grain boundaries are not affected as much after the annealing treatment, mainly because
the time of exposure is minimal compare to the one of Sample I1.
The SEM micrographs of the four treated samples (I1, I2, I3, I4) and the AR sample can be seen in
Figure 8, where all the images are at ×600 magnification. The formation of the niobium carbides (NbC)
and precipitates are found at the grain boundaries and inside the twins. The AR sample shows the
typical microstructure of Inconel 718 that is found in the literature (Figure 8a). The γ matrix has some
deformation twins scattered along the microstructure as well as minor niobium carbides, probably
formed due to the manufacturing process, which are mainly located at the grain boundaries triple
junctions and twins [50]. Sample I1 experiences the highest grain boundary change from among all
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the samples, drastically increasing the amount of γ” in the grain boundaries (Figure 8b). This is due
to the applied thermal treatment at 675 ◦C for two hours, which mainly promotes γ”, according to
the TTT diagram [46]. In addition to the γ” formation, higher niobium carbides are seen at the grain
boundaries and even inside the grains. By means of EDX, these niobium carbides are characterized,
having a 54.52 wt.% Nb, 22.72 wt.% C, 12.68 wt.% Ni, 5.58 wt.% Cr and 4.5 wt.% Fe content. The area
analysis also shows the presence of elements that compose the base Inconel 718 alloy. Sample I2 shows
δ phase with an equiaxed elongated shape on the grain boundaries due to the annealing treatment at
1000 ◦C (Figure 8c). However, the exposure time is not enough to promote them as much as Sample
I1 did with the γ” [4]. In the case of Sample I3, as is clearly seen in the three regions from Figure 8d,
the bulk shows a similar microstructure to the AR sample, while the transition region becomes more
deformed and the formation of twins increases. The high deformation present in the UNSM region
produces a very fine grain that is almost undistinguishable at the magnification used (×600). Even if
more deformation twins are formed on the transition and UNSM regions, the amount of precipitates
does not increase as there is no post-thermal treatment to the UNSM process. Sample I4, annealed at
1000 ◦C for 10 min and water quenched after USNM process, forms δ phase on the grain boundaries
(Figure 8e). The UNSM process produced a smaller grain size on the top layer of the sample, thus
increasing grain boundaries surface and hence favoring the formation of precipitates.
Figure 7. Optical microscope images showing the cross-section microstructure of Inconel 718: (a)
As-received sample (×10), (b) I1 sample (×10), (c) I2 sample (×10), (d) I3 sample (×10), (e) I4 sample
(×10) and, (f) I4 UNSM region (×50).
In addition to the micrographs of the bulk of each sample, micrographs at ×2000 magnifications
were also taken at the top surface. Figure 9a shows the outer most layer of sample AR, where the
rolled region can be distinguished from the bulk by the smaller grain size. As seen in Figure 8a,
deformation twins and Nb carbides are scattered throughout the microstructure. Sample I1 also shows
the numerous formations of γ” phase, which is increased in the rolled region and nearby due to the
density increase of grain boundaries (see Figure 9b). The morphology of Sample I2 is similar to the
one seen in Figure 9a with the exception of the increase amount of δ phase in the grain boundaries
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(see Figure 9c). The top surface of Sample I3, as previously seen in Figure 8d, is heavily deformed
to the point at which it is no longer possible to distinguish the grains (see Figure 9d). In the case of
Sample I4 (see Figure 9e), the δ phase is more concentrated in the UNSM region, which implies that the
volume fraction covered by γ” phase is lower, as shown by previous authors [12,46,51]. Besides the δ
phase formation, the microstructure of Sample I4 resembles that previously seen of Sample I3, having
higher twin boundaries in the transition region and scattered carbides in the grain boundary triple
junctions. Due to the annealing temperature of 1000 ◦C after each UNSM an oxide scale is formed on
top of the UNSM region.
Figure 8. SEM (scanning electron microscopy) images showing the cross-section microstructure of
Inconel 718: (a) As-received sample (×600), (b) I1 sample (×600), (c) I2 sample (×600), (d) I3 sample
(×600) and, (e) I4 sample (×600).
In order to quantify the effect of the UNSM process plus the thermal treatment, the area fraction
of the grain boundaries covered by δ phase was calculated by ImageJ analysis [49]. Ten different SEM
micrographs were used to measure the grain boundaries covered by δ phase; ×1000 magnifications
images were used for the bulk region while images at ×2000 magnifications were used for the UNSM
region. The image analysis showed that in the bulk region, Sample I2 had a δ phase area fraction of
3.94% while Sample I4 had a δ phase area fraction of 4.09% (see Table 5), while for the UNSM region in
Sample I4 the δ phase area fraction increases to 9.87%. In addition to the grain boundary covered by δ
phase area fraction study, an analysis of the volume fraction was done using the systematic manual
point count by the ASTM E562 [52]. The grid size was set to 100 point grid, and with a relative accuracy
of 20% the number of images to measure for Samples I2 and I4 were 10 each. The volume fraction
obtained for the bulk of I2 and I4 was 4.15 and 4.25, respectively. The difference between the area
and volume fraction is not very significant. The volume fraction for the UNSM region was 10.15.
The addition of the annealing treatment at 1000 ◦C for 10 min reduces the residual stress created by
the UNSM process, as well as promoting the formation of δ phase, which also reduces the corrosion
susceptibility. Both effects make the DOS decrease from 59.4% to 40.9%, as seen in Figures 4 and 5 for
the DL−EPR test.
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Figure 9. SEM images showing the area close to the treated surface of Inconel 718: (a) As-received
sample (×2000); (b) I1 sample (×2000); (c) I2 sample (×2000); (d) I3 sample (×2000); (e) I4 sample
(×2000).











Bulk 3.94 0.55 4.15 0.23
Sample I4
Bulk 4.09 0.47 4.25 0.29
UNSM 9.87 1.53 10.15 1.18
The XRD patterns for the different samples are shown in Figure 10, where the main phases
are labeled with their respective peaks in the stick pattern. The AR sample mainly shows γ phase
diffraction peaks, as it has neither thermal nor mechanical treatment. These XRD results are in good
agreement with the SEM analysis, which did not show precipitates. Sample I1, as previously found in
the SEM, shows a higher volume of γ” in its pattern. The presence of γ” phase is not directly seen
as a single sharp peak; however, it can be confirmed by the distribution of sideband profiles around
the γ peak (111) at 2θ = 43◦ (marked with an arrow in Figure 10), which indicate the presence of an
austenite microregion (γ′−FCC) within the γ matrix [53,54]. The γ” peaks are inside the γ phase peaks,
which have a higher intensity. Sample I2 has more Nb precipitates as it was thermally treated at
1000 ◦C, showing peaks of δ phase. Sample I3 does not show high concentrations of δ phase or γ” as
individual peaks. However, as also seen in Sample I1, sideband profiles are found around 2θ = 43◦
showing the γ” inside the γ matrix. Finally, Sample I4, shows the peaks of δ phase with higher intensity,
due to the increased amount of δ phase grain boundary coverage because of the UNSM process. It also
shows the formation of a new peak around 2θ = 63◦, which corresponds to the NiFe2O4. This spinel
phase is a protective oxide that is formed due to the high temperature, which is seen in Figure 9e [55].
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Figure 10. XRD (X-ray diffraction) patterns for Inconel 718 samples with different thermal and/or
UNSM treatments.
The effect that the UNSM treatment has on the DOS of Inconel 718 has been studied by different
techniques. In this study, it has been shown that the plastic deformation generated during the UNSM
treatment reduces the grain size, as seen in both the optical and SEM microstructures images. The grain
size reduction increments the concentration of grain boundaries close to the UNSM treated surface,
making Inconel 718 more susceptible to intergranular corrosion. The DOS of the UNSM treated Sample
I3 is 59.6% while Sample I1 treated at 675 ◦C for two hours only has a DOS of 15.7%. Nevertheless,
the annealing treatment of 1000 ◦C promotes the formation of δ phase, stable form of the γ” phase;
which reduces the intergranular corrosion susceptibility. This annealing treatment after UNSM process
reduces the DOS to 40.9% (Sample I4), compare with 59.6% DOS value obtained for UNSM treated
Sample I3 with no post-thermal treatment. The δ phase obtained from the annealing treatment (γ”→ δ
transformation) is seen in the diffractograms as a sharp peak at 2θ = 57◦.
4. Conclusions
In this work the influence of the UNSM process and post-thermal treatments on the degree of
sensitization of Inconel 718 was studied. The main conclusions can be drawn as follows:
The UNSM process depletes the corrosion properties of the Inconel 718 compared to the AR
sample. Nevertheless, the application of the annealing treatment at 1000 ◦C releases stresses and
lowers the DOS down to 40.9%, almost one-third the value of non-annealed UNSM sample (59.6%).
The decrease in the grain size due to the UNSM treatment—from 11.3 μm to 7.75 μm—increases
the grain boundary density, consequently enhancing the formation of niobium carbides and δ phase
due to thermal treatments.
The area fraction of grain boundary covered by δ phase increases from 4.09% in the bulk region to
9.87% in the UNSM region after the annealing treatment is applied to the Inconel 718.
The increased amount of δ phase in the grain boundaries reduces the intergranular corrosion
susceptibility as the δ phase is more stable than the γ” phase. The δ phase preferentially forms in the
grain boundaries’ triple junctions and the twin boundaries.
Formation of the δ phase in the top surface after the UNSM processing and the annealing
thermal treatment of 1000 ◦C was elucidated with XRD patterns. The thermo-mechanical treated
Sample I4, developed a higher intensity δ phase diffraction peak, thus producing a lower DOS value
compared to UNSM treated Sample I3, and conferring on Inconel 718 a better performance against
intergranular corrosion.
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This work enhances the current knowledge of UNSM treatment of Inconel 718 by assessing the
resulting DOS and corrosion performance. Therefore, further research is necessary to evaluate the
changes in mechanical properties such as wear, friction, and micro-hardness caused by sensitization.
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Abstract: The effects of both test-panel orientation and exposure angle on the atmospheric corrosion
rates of carbon steel probes exposed to a marine atmosphere were investigated. Test samples were
exposed in a tree-shape metallic frame with either three exposure angles of 30◦, 45◦ and 60◦ and
orientation north-northeast (N-NE), or eight different orientation angles around a circumference. It
was found that the experimental corrosion rates of carbon steel decreased for the specimens exposed
with greater exposure angles, whereas the highest corrosion rates were found for those oriented to
N-NE due to the influence of the prevailing winds. The obtained data obtained were fitted using the
bi-logarithmic law and its variations as to take in account the amounts of pollutants and the time of
wetness (TOW) for each particular case with somewhat good agreement, although these models failed
when all the effects were considered simultaneously. In this work, we propose a new mathematical
model including qualitative variables to account for the effects of both exposure and orientation
angles while producing the highest quality fits. The goodness of the fit was used to determine the
performance of the mathematical models.
Keywords: Atmospheric corrosion; corrosion rates; exposure angle; orientation angle; predictive
models; carbon steel
1. Introduction
Corrosion prevention is an essential task in many areas of society, especially in engineering
applications where metals or metal alloys are used [1,2]. Many industries are often faced with serious
economic consequences due to unexpected component failures when regular maintenance was not
foreseen. In particular, the damage caused by atmospheric corrosion accounts for more than half of the
total cost caused by the corrosion phenomena [1,3,4]. Metals are consumed by electrochemical reactions
which rates depend on the exposure time (TEXP) but the phenomenon itself is very complex since is
also highly dependent on numerous damage factors [4–7], each of which are extremely variable. These
factors include natural air pollutants and anthropogenic sources [4,5], mainly sulfur dioxide (SO2),
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salinity (chlorides, CL) and other pollutants, such as ‘particulate matter’ or ‘PM’, as well as climatic
factors such as relative humidity, time of wetness (TOW), temperature, rainfall and wind speed, but
also physical characteristics such as shape and type of metal (ferrous or non-ferrous) [4,8], exposure
angle [9,10], orientation [8–12] and geographic location [4].
The effects of the atmosphere on the corrosion rate are generally studied by exposing metallic
samples to the environment. Then, when both corrosion rate and the environmental parameters
are properly measured, relationships between the various damage factors are established through
mathematical models [13–21]. The goodness of a fit has been employed to compare the theoretical
model to observed data. These tools have become essential for corrosion prevention because they allow
forecasting metal behavior in potentially corrosive real operating situations. For example, carbon steel
undergoes a less severe attack in urban environments (C3) than in marine environments (C5) [10,22,23].
Many of these models address the combination of climate and air pollutant variables and their
influence on the corrosion rate in order to estimate the loss of thickness or the loss of mass per unit
area of metallic material. A very popular approach to estimate corrosion rates is the use of linear
logarithmic or bi-logarithmic laws (i.e., Equations (1) and (2), respectively) to describe the damage due
to atmospheric corrosion versus time in mathematical terms, because the atmospheric corrosion rate
is generally non-linear with time [19], and the surface accumulation of corrosion products (e.g. rust
layer) strongly influences the subsequent corrosion behavior of the material and tends to reduce the
corrosion rate over time [24–26].
ln(CR) = ki + k f (TEXP) (1)
ln(CR) = ki + k f ln(TEXP) (2)
where CR is the corrosion rate. According to these laws, the corrosive behavior of a metal exposed
to specific atmosphere can be defined by the two parameters ki and kf. The initial corrosion rate,
observed during the first year of exposure [19], is described by ki, while kf is a measure of the long-term
decrease in corrosion rate or passivation that depends directly on the characteristics of the atmosphere
and the exposure conditions. The improvement of such equations is a key issue in the effort to fight
corrosion. So, these equations can be eventually generalized to account for a vast variety of situations
by adequately defining ki and kf values as a function of relevant atmospheric variables (AV), which
may include TOW, CL, SO2, etc.
















kn+1 ln(AV)+kn+2 ln(TEXP) (4)
In a previous work [13], we developed models to predict atmospheric corrosion rates for carbon
steel using statistical regression, “power-law” and other approaches that resulted in forecasts adapted
to the wide variety of microclimates found in the Canary Islands (Spain). However, none of these
models considered the effects of either the exposure angle (with respect to the horizontal) or the
orientation of the tested panel samples. It has been reported in the literature that the orientation of
the metal surface and its exposure angle influence the corrosion process thus introducing a further
complexity for the development of forecast models [8–12]. Indeed, changes in the time of sun exposure,
time of wetness (TOW), dust accumulation, cleaning action of rainfall, etc., occur in these cases. It
is usually accepted that the rate of corrosion decreases as the angle of inclination increases from 0◦
(horizontal) to 90◦ (vertical) [10]. However, this dependence is not well understood so far. There
24
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are two competing phenomena likely to affect the corrosion rate: fast, dry, and wet accumulation of
corrosion products. The latter situation often happens in urban and industrial environments where
horizontal samples will be more severely corroded that vertical ones due to the accumulation of dirt on
the horizontal surface, which increases the TOW and accelerates corrosion rates [27]. Yet, the reverse
situation is possible if surfaces are quickly dried. Indeed, metal surfaces exposed to the South (S)
exhibited smaller corrosion rates than those oriented to the north (N) because solar radiation from the
south resulted in a lower TOW [12].
From the above, it can be observed that there is still a gap in ascertaining and quantifying the
phenomena that regulate the dependence of atmospheric corrosion damages on the exposure angle
and orientation the metals experience in service. In this work we propose new mathematical models
with the objective of evaluating the influence of exposure angle and orientation on the corrosion
rate of carbon steel exposed in a site with marine environment located in the Grand Canary Island.
Moreover, additional qualitative variables were included in Equations (3) and (4) to yield changes in
the independent coefficient k0 that account for the different initial corrosion characteristics associated
with variables introduced in the field that are related to their exposure angle (I) and orientation (O):







where On =N (north), NE (northeast), E (east), SE (southeast), S (south), SW (southwest), W (west),
NW (northwest); In = 30◦, 45◦ and 60◦; and δn, γn are constants. These new models explicitly include a
wider variability of damage factors, and so they are able to forecast more accurate corrosion rates. In
summary, we report here an analysis on the effect of orientation and inclination of carbon steel probes
exposed in a power station located in Gran Canaria (Canary Islands, Spain) is carried out. The data
were fitted to a novel mathematical model using qualitative variables, including both the exposure
angle and orientation effects.
2. Materials and Methods
The test site was located in the power station of Jinámar (Gran Canaria, Canary Islands, Spain) and
it was selected among those employed to elaborate the Corrosion Maps of the Canary Islands [28,29].
A summary of the location coordinates and atmosphere conditions is given in Table 1.
Table 1. Location and characteristic environment type of the test site.
Test Site Elevation (m)
Geographic Coordinate
Atmosphere
North Latitude West Longitude
Power station of Jinámar 30 28◦ 02′ 30′′ N 15◦ 24′ 39′′ W Industrial marine
The test site consisted of two metallic frames on which the metal samples were attached using a
nylon screw to avoid the formation of galvanic couples. For the orientation analysis, a tree-shaped
metallic frame was built as shown in Figure 1A. The probes were located with an exposure angle of 45◦
and with eight different orientation angles (N, NE, E, SE, S, SW, W and NW). The distribution of the
test panels in the different levels of this metallic frame prevented the downwards drainage of liquid or
solid materials on the exposed panels. In a second metallic frame, carbon steel probes were placed
with different exposure angles with respect to the horizontal (namely, 30◦, 45◦ and 60◦; see Figure 1B).
The sensors for pollutants were located at the rear side of this frame, and they were collected on a
monthly basis. The determination of sulphur dioxide pollution was made by the candle lead dioxide
method according to the ASTM D 2010-85 norm [30]. Chloride measurements were performed using
the wet candle method following the specifications of ISO 9225:1992 (E) [31].
The composition of the carbon steel samples is given in Table 2. Plates of approximate dimensions
100 mm × 40 mm × 20 mm were employed. The evaluation of the corrosion rates was made by weight
25
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loss of the samples according to the ASTM G1-90 norm [32]. Before being placed in the frames, the
samples were marked for identification, cleaned according to the ASTM G1-90 norm [32], subsequently
measured and weighed. Samples were collected from the test sites every two months for one year.
Corrosion products were removed by chemical operation as described by the ASTM G1-90 standard [32].
After the samples were cleaned and dried, they were weighed again.
The time of wetness (TOW) was determined from the data collected using relative humidity
hygrometers placed in a small cabinet at the rear of the station frames, and they were complemented
with data supplied by the National Meteorological Institute of Spain (AEMET, Madrid, Spain). The
latter were cumulative values taken over 8 h periods in a systematic way, whereas the autonomous
hygrometers produced a continuous recording with autonomy for about one month. Data on the speed





Figure 1. Metallic frames employed to expose the carbon steel panels for the investigation of the
influence of (A) the orientation and (B) the exposure angles on the atmospheric corrosion rate.
Table 2. Composition of the carbon steel.
Composition (wt. %)
Si Fe C Mn Zn Ti Cu Mg Al Others Fe
0.08 99.47 0.06 0.37 - - - - - 0.02 balance
3. Results and Discussion
3.1. Concentrations of Pollutants and Measurement of Corrosion Rates
The test site selected for this study was one of the used in the elaboration of the Corrosion Map of
the Canary Islands where the carbon steel was one of the metals analysed [28]. In a recent review of
the Corrosion Maps performed after the modification of the ISO 9223 norm [33], the previous results
were confirmed [29]. Table 3 shows the amounts of pollutants as well as the TOW recorded bimonthly
along the full period of study. The chloride levels obtained during the exposure time were constants
with an average value of 74.98 ± 7.86 mg/(m2·day), whereas the sulphur dioxide (SO2) levels obtained
show greater variability (5.14 ± 2.24 mg/(m2·day)). TOW increases linearly until 4312 h/year with a
rate of increase 10 h/day. The main component of the winds is N-NE that corresponds with the Alisios
Trade Winds affecting the Archipelago during most of the year.
26
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Table 3. Chloride and sulphur dioxide deposition rates and time of wetness recorded bimonthly at the









60 2.99 85.43 862
123 2.17 78.10 1552
182 4.47 80.86 1897
243 6.74 68.45 2673
305 7.12 64.68 3553
396 7.33 72.36 4312
3.2. Corrosion Rates
Table 4 shows the corrosion rates for the carbon steel samples exposed with different inclination
and orientation angles. From an analysis of these data, it is observed that the corrosion rate varied
with the exposure and orientation angles for each period of time under consideration. As for the
exposure angle, the corrosion rates showed a maximum value of 71.39 μm/year and a minimum of
25.86 μm/year for all the periods. For one year of exposure, the higher corrosion rate corresponded to
the carbon steel panels exposed with an angle of 30◦, and the lowest corrosion rates for those exposed
with 60◦. For the sake of comparison, the 45◦ inclination as taken as reference because this is the typical
exposure angle previously used all the studies of atmospheric corrosion that are carried in the North
Hemisphere [6], and it was the exposure angles employed for the elaboration of the Corrosion Map of
the Canary Islands [28,29].
Table 4. Variation of the corrosion rates measured with different exposure angles and orientations of
the carbon steel panels. N (north), NE (northeast), E (east), SE (southeast), S (south), SW (southwest),





30◦ 45◦ 60◦ N NE E SE S SW W NW
60 71.1 56.1 55.1 61.38 62.60 56.15 54.40 64.22 56.91 57.07 58.53
123 52.4 51.7 46.9 52.52 51.72 46.29 51.82 47.19 52.03 52.50 51.26
182 44.6 39.5 38.8 41.77 39.46 39.70 45.86 40.88 45.86 31.08 39.60
243 39.3 37.5 33.4 39.78 37.51 36.22 36.91 34.87 37.57 27.48 35.10
305 35.7 31.4 29.6 32.25 31.44 30.19 28.63 27.81 29.78 25.89 32.96
396 31.9 24.7 26.0 25.18 28.76 23.50 22.92 22.72 23.33 24.91 26.48
In this way, it can be observed the corrosion rate was 29.1% greater for 30◦ and −5.6% for 60◦
exposure angles after 1-year exposure. The changes with the exposure angles determined for each time
were not constant, and they showed a quasi-linear dependence. According to the data obtained in this
work, the corrosion rate decreased with increasing exposure angles of the carbon steel panels, in good
agreement with previous observations by other authors for carbon steel probes exposed to different
atmospheres [10,12,34–38].
On the other hand, in regards to the corrosion rates determined for different orientation angles,
a maximum corrosion rate of 64.24 μm/year and a minimum of 22.72 μm/year were obtained for all
the periods. The corrosion rates for one year of exposure ranged between 22.70 (NW) and 24.65 (NE)
μm/year (ca. 26.6% higher than those oriented to the south). The highest corrosion rates after one year
of exposure were found for those steel panels oriented N-NE that were facing the prevailing winds.
Figure 2 shows the evolution of the weight loss for each exposure angle (see Figure 2A) and orientation
angle (Figure 2B). These results are in good agreement with those obtained for Vera et al. [10] in Chile
in a similar test site.
27
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In summary, according to the ISO 9223 norm [33], this test site shows a corrosivity category of C4,
a S2 pollution level by airborne salinity (60 < Sd ≤ 300 mg/(m2·day)) and a P1 pollution level for by
sulphur-containing substances represented by SO2 (4 < Pd ≤ 24 mg/(m2·day)), and a time of wetness
(TOW) level of τ4 (2500 < τ ≤ 5500 h/year).
Δ Δ
Δ
Figure 2. Weight loss of carbon steel as a function of time for panels exposed with varying: (A) exposure
angles with respect to the horizontal, and (B) orientations.
3.3. Mathematical Models
The mathematical models considered in this work were derived from the generic model showed
in Equation (5), and they are listed next:
ln(CR) = k0 + k1TEXP (6)
ln(CR) = k0 + k1TEXP + δ2O2 + δ3O3 + δ4O4 + δ5O5 + δ6O6 + δ7O7 + δ8O8 + γ1I1 + γ2I2 (7)
ln(CR) = k0 + k1 ln(TEXP) (8)
ln(CR) = k0 + k1 ln(TEXP) + δ2O2 + δ3O3 + δ4O4 + δ5O5 + δ6O6 + δ7O7 + δ8O8 + γ1I1 + γ2I2 (9)
ln(CR) = k0 + k1SO2 + k2CL + k3TOW + k4 ln(TEXP) (10)
ln(CR) = k0 + k1SO2 + k2CL + k3TOW + k4 ln(TEXP) + δ2O2 + δ3O3 + δ4O4 + δ5O5 + δ6O6+
δ7O7 + δ8O8 + γ1I1 + γ2I2
(11)
ln(CR) = k0 + k1SO2 + k2CL + k3 ln(TOW) + k4 ln(TEXP) (12)
ln(CR) = k0 + k1SO2 + k2CL + k3 ln(TOW) + k4 ln(TEXP) + δ2O2 + δ3O3 + δ4O4 + δ5O5+
δ6O6 + δ7O7 + δ8O8 + γ1I1 + γ2I2
(13)
ln(CR) = k0 + k1 ln(SO2) + k2 ln(CL) + k3 ln(TOW) + k4 ln(TEXP) (14)
ln(CR) = k0 + k1 ln(SO2) + k2 ln(CL) + k3 ln(TOW) + k4 ln(TEXP) + δ2O2 + δ3O3 + δ4O4+
δ5O5 + δ6O6 + δ7O7 + δ8O8 + γ1I1 + γ2I2
(15)
ln(CR) = k0 + k1 ln(SO2) + k2 ln(CL) + k3TOW + k4 ln(TEXP) (16)
ln(CR) = k0 + k1 ln(SO2) + k2 ln(CL) + k3TOW + k4 ln(TEXP) + δ2O2 + δ3O3 + δ4O4 + δ5O5+
δ6O6 + δ7O7 + δ8O8 + γ1I1 + γ2I2
(17)
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where CR is the corrosion rate expressed in μm/year; TEXP, the exposure time (year); TOW, time of
wetness (year); CL, concentration of chlorides (g/(m2·year)); and SO2, concentration of SO2 (g/(m2·year)).
The qualitative variables (O2 to O8) were included in Equations (7), (9), (11), (13) and (15) to produce
changes in the independent coefficient k0 accounting for the different initial corrosion characteristics
associated with the orientation of the probes. Analogously, I1 and I2 are qualitative variables included
in Equations (7), (9), (11), (13) and (15) to produce changes in the independent coefficient k0 accounting
for the different initial corrosion characteristics associated to the exposure angle of the probes.
The analysis of the different models was first performed considering the separate effects of the
orientation and the exposure angle of the samples, and later evaluating their combined effect as they
would operate together.
Figure 3 shows the corrosion rates measured for carbon steel panels exposed with different
exposure and orientation angles as a function of elapsed time (cf. Figure 3A,B, respectively). It is
observed that the data conformed to the potential law with a very good fit quality (R2 = 0.9999 for 30◦,
0.8902 for 45◦, and 0.9629 for 60◦ exposure angles), as shown in Table 5. When the evolution of the
corrosion rate was analyzed exclusively in terms of the orientation angle, the bi-logarithmic model
also fitted very well in most cases except for the SE orientation (namely, R2 = 0.7935; cf. Table 5). The
results of the fists are given in the Supplementary Information, where Table S-1 shows the results using
only the data related with the exposure angle, whereas Table S-2 shows those taking into account only







Figure 3. Data fitting to the bi-logarithmic law for the corrosion rates of carbon steel panels exposed
with varying: (A) exposure angles with respect to the horizontal, and (B) orientations.
Table 5. Values of the k and n constants for the potential law model (CR in μm/year) and fit quality.
Constants
Exposure Angle Orientation












































2 0.9999 0.8902 0.9629 0.9273 0.9710 0.9419 0.7935 0.9795 0.8392 0.8664 0.9441
Notes: Standard errors are given within brackets below the corresponding estimated coefficient.
3.3.1. Exposure Angle
When considering the models (6) and (8) taking TEXP as the only explanatory variable, it
was found that both models exhibited similar fit qualities (R
2
= 0.8667 and 0.8974, respectively). In
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these models it was assumed that the exponent k1 depended on the variables corresponding to the
environment [39], and they were further developed to account for the levels of chlorides, SO2 and
TOW [40], producing the models (10), (12), (14) and (16). But the application of these new models did
not produce any significant improvement as compared to the results obtained from the application of
models (6) and (8).
From a more detailed analysis of the results, TOW was found to be the most significant variable
among them. Since the different probes were exposed to the same levels of pollutants in the atmosphere,
it was deduced that the lifetime of the water film over the surface of the probe must be an important
factor influencing the corrosion rate. The actual levels of pollutants deposited on the metallic surface
would depend on the exposure angle of the sample, and their effect should also depend on the kind of
particle involved. On the other hand, the exposure angle can affect deposition of pollutants in two ways,
namely gravitational settling of particles and condensation of water. According to Spence et al. [8], the
deposition rate would be expected to be proportional to the projected horizontal area, which is given
by the cosine of the exposure angle. Therefore, a bigger angle should facilitate the run-off of particles
from the surface leading to a decrease in the corrosion rate of the metal. The new models described
by Equations (7), (9), (11), (13), (15) and (17) were obtained by introducing a new qualitative variable
related to the exposure angle, I. These models showed better fit qualities than the corresponding
ones without the qualitative variable, although major differences between them was not observed
(R
2≈ 0.98 for all of them) except for model (7) (with R2= 0.9482). The estimation of the parameter of
the qualitative variable related to the inclination angle of 30◦, I1, indicates a greater effect than for 45◦,
with an increase of 9.41%. The estimation of the parameter related to I2 shows a negative value in
relation to the reference angle, with a fall of 8.24%. This is in good agreement with the corrosion rates
observed so to biggest angles lowest corrosion rates.
3.3.2. Orientation Angle
The data were fitted with the models (6)–(17) where the orientation angle is introduced as
explanatory variable (O) together with the levels of pollutants, TOW and TEXP. In this case, the
inclination angle was fixed at 45◦ because it is the typical procedure employed for this geographical zone.
From an analysis of the models (6) to (9), models (6) and (7) exhibited better fit qualities
(i.e., R
2
= 0.9194 and 0.9363, respectively) than models (8) and (9). In the latter, although model (9)
includes the qualitative variable O, the obtained fit did not improve compared to that with model
(8). In models (10) to (17), the variables related with the levels of pollutants and the TOW are
included, being the models with the qualitative variables those delivering the best fits. Indeed, the best
regression indexes (namely, R
2
= 0.9401) were obtained for the models (15) and (17). In this case, all
the coefficients related with the qualitative variables were negative. This feature implies that lower
corrosion rates will be obtained with regards to the panels oriented to the North, with the biggest
reductions occurring for the orientations East (O3), South (O5) and West (O7), with ratios of 7.91%,
7.47% and 14.91%, respectively.
3.3.3. Global Mode
In the previous two sections, the fits were obtained by working solely on either the exposure or the
orientation angles. With the aim of obtaining a global model including all the variables, models (6)–(17)
were next applied to the whole set of data. The results are shown in Table 6. It can be concluded that
the models including the qualitative variables showed very good fit qualities, being difficult to make a
clear distinction among them based on their performance (that is, R
2
> 0.91 in all the cases). Anyway,
those models including the environmental variables (i.e., models (11), (13), (15) and (17)) exhibited the
best fits (with R
2
> 0.94) in comparison with models (7) and (9).
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It can be concluded that the models including the qualitative variables showed very good fit
qualities, being difficult to make a clear distinction among them based on their performance (that is,
R
2
> 0.91 in all the cases). Anyway, those models including the environmental variables (i.e., models
(11), (13), (15) and (17)) exhibited the best fits (with R
2
> 0.94) in comparison with models (7) and (9).
From the foregoing, it can be concluded that model (18) would be a good mathematical model to
describe all the effects participating in an atmospheric corrosion process as it accounts for the effect
of the pollutants, TOW, time of exposure, as well as the exposure angle and the orientation of the
test panels.
ln(CR) = 4.8097− 0.0963 ln(SO2) − 0.2828 ln(CL) − 0.9763TOW − 0.2211 ln(TEXP) − 0.0006O2−
0.0824O3− 0.0548O4− 0.0776O5− 0.0341O6− 0.1615O7− 0.0297O8 + 0.0899I1− 0.0864I2 (18)
4. Conclusions
The corrosive process occurring on carbon steel specimens exposed in a marine test site has
been characterized taking into account the exposure angle and the orientation of the probes. It was
found that the corrosion rates would diminish with greater exposure angles, in good accordance with
previous reports in the literature. Next, the carbon steel probes with N-NE orientation were those with
the highest corrosion rates because they were directly facing the prevailing winds.
Although data could be adjusted to the bi-logarithmic law with good fits when either the exposure
angle or the orientation were considered separately, the fits became worst when all the data were taken
into account simultaneously. The quality of the fits could be improved with respect to the bi-logarithmic
law models when the variable concentration of pollutants and TOW were introduced in the model, but
not to full satisfaction. A definite improvement of the model was attained by incorporating qualitative
variables, thus leading to obtaining a global model with a high degree of adjustment (R
2
= 0.99), being
the first mathematical model to incorporate the effect of inclination and orientation together.
Supplementary Materials: The following are available online at http://www.mdpi.com/2075-4701/10/2/196/s1,
Table S-1: Values of the constants ki and δi in the models (6) to (15) when considering solely the effect of the
exposure angle (i.e., δi = 0 in all cases); and Table S-2: Values of the constants ki and δi in the models (6) to (15)
when considering solely the effect of the orientation (i.e., γn = 0 in all cases).
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Abstract: The effect of different cathodic potentials applied to the X70 pipeline steel immersed in
acidified and aerated synthetic soil solution under stress using a slow strain rate test (SSRT) and
electrochemical impedance spectroscopy (EIS) was studied. According to SSRT results and the fracture
surface analysis by scanning electron microscopy (SEM), the steel susceptibility to stress corrosion cracking
(SCC) increased as the cathodic polarization increased (Ecp). This behavior is attributed to the anodic
dissolution at the tip of the crack and the increment of the cathodic reaction (hydrogen evolution)
producing hydrogen embrittlement. Nevertheless, when the Ecp was subjected to the maximum
cathodic potential applied (−970 mV), the susceptibility decreased; this behavior is attributed to the
fact that the anodic dissolution was suppressed and the process of the SCC was dominated only by
hydrogen embrittlement (HE). The EIS results showed that the cathodic process was influenced by
the mass transport (hydrogen diffusion) due to the steel undergoing so many changes in the metallic
surface as a result of the applied strain that it generated active sites at the surface.
Keywords: X70 steel; stress corrosion cracking (SCC); slow strain rate tests (SSRT); electrochemical
impedance spectroscopy (EIS); cathodic potentials
1. Introduction
Stress corrosion cracking (SCC) is one of the most important causes of failures in buried pipelines,
mainly in the transport of hydrocarbons [1,2]. The environments that generate SCC in the pipelines
are generally electrolytes caught between the detached coating and the surface of the pipeline steel.
According the characteristics of electrolytes developed under disbonded coatings, pipelines can suffer
two different types of SCC: high-pH SCC, and near-neutral pH SCC [3,4]. The SCC at high pH generally
occurs as a result of the generation of a concentrated solution of carbonate-bicarbonate (pH > 9) with
an intergranular crack morphology. This mechanism is attributed to selective anodic dissolution of the
grain border and to the repeated rupture of the passive film that forms in the tip of the crack. On the
other hand, the SCC at almost neutral pH (pH 5–8.5) is associated with diluted solutions generated by
the underground water with a transgranular crack morphology; [5–7] however, there is no consensus
about its mechanism. Some research [8–10] proposes that the crack can be induced by the synergic
effect between the anodic dissolution and the diffusion of the H in the steel. In addition, some SCC
types have been found in acid environments (pH 3–6), where the surface of the pipeline is in direct
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contact with the soil in coating defects [11]. Nevertheless, the SCC behavior in acid soils is not clear,
and investigations into it have not been well defined [3].
Cathodic protection (CP) is one of the most important methods of protection against the corrosion
in buried pipelines; however, this CP can contribute to the SCC process through hydrogen generation.
The current in the CP can fluctuate as a result of the permeability of the coating and variations in soil
resistivity, provoking potential fluctuations in some zones of the pipeline steel and generating the
formation of localized corrosion, such as pitting and crevice corrosion. Pitting corrosion in combination
with the stress (residual or operational) in the pipeline can nucleate and generate cracks [12].
Some researchers [13–16] have studied the influence of CP in the SCC susceptibility of steels,
and determined that CP could influence in the mechanism of cracking induced by SCC. Liu et al. [16]
investigated the SCC mechanism of X70 steel under different cathodic potentials (Ecp) in a synthetic
soil solution with an almost neutral pH; they found a critical potential interval (from −730 to −920 mV
vs. saturated calomel electrode); if the Ecp was more positive than above interval, the SCC mechanism
would be based on the anodic dissolution of the steel, but if the Ecp were more negative, the SCC
mechanism would be hydrogen embrittlement. Finally, if the Ecp had a value in between, the SCC
would present both mechanisms.
In this work, electrochemical polarization measurements were combined with slow strain rate
tensile (SSRT) tests and surface characterization to investigate the relationship between the SCC
characteristics and the electrochemical corrosion properties of an API X70 steel in a near-neutral
pH solution.
This research was focused on characterizing the SCC process of X70 pipeline steel immersed in
synthetic soil solution under the application of different cathodic potentials, using a slow strain rate
test (SSRT) and electrochemical impedance spectroscopy (EIS).
2. Materials and Methods
2.1. Working Electrode
The material used in the present study as working electrode was API 5L X70 pipeline steel with a
chemical composition as shown in Table 1. Steel samples were obtained from a pipeline that had an
external diameter of 36 in (914.4 mm) and a wall thickness of 0.902 in. (22.91 mm). The samples used
in the slow strain rate test were machined according to NACE TM 0198 [17].
Table 1. Chemical composition of X70 pipeline steel (wt.%).
C Mn Si P S Al Nb Cu Cr Ni V Ti Fe
0.031 1.48 0.13 0.012 0.002 0.033 0.1 0.29 0.27 0.16 0.004 0.012 Balanced
The surface of the gauge section was polished up to 1200 SiC grit paper in an orientation parallel to
the subsequent loading direction of the SSRT in order to ensure similar surface conditions for all tests.
2.2. Test Solution
The corrosive environment used in all of the electrochemical tests was a simulated groundwater
solution (called NS4) with a pH of 3. NS4 synthetic solution has been used widely to simulate soil
solution in the study of near neutral pH-SCC behavior. However, other synthetic soil solutions such
as NS1, NS2, NS3, NS4 and NOVA have been used in similar studies. Table 2 shows the chemical
composition of the NS4 solution used. The pH of the NS4 solution was around 8.0; however, for this
study, the pH solution was adjusted with hydrochloric acid to obtain a pH of 3.
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Table 2. Chemical composition of NS4 solution (g/L).
NaHCO3 CaCl2. 2H2O MgSO4. 7H2O KCl
0.483 0.181 0.131 0.122
2.3. Slow Strain Rate Tests (SSRT)
SSRT were carried out on smooth cylindrical tensile samples, using an MCERT machine (Mobile
Constant Extension Rate Tests) at a strain rate of 1 × 10−6 s−1 in air and synthetic soil solution
(NS4 solution). All SSRT were conducted at room temperature and atmospheric pressure. The length
direction of the sample was parallel to the circumferential direction of the pipeline steel, with the goal that,
if a crack appeared, it would grow in the longitudinal direction of the pipeline as is typically observed
in underground pipelines. Cylindrical samples with a reduced length of 1 inch and 0.150 inches in
diameter were machined with a total exposed area of 3.04 cm2. These cylindrical samples were
machined according to the NACE TM 0198 standard [17]. After the SSRT was completed, the fractured
sample was removed, and cleaned using inhibited acid and acetone for SEM examination.
2.4. Electrochemical Impedance Spectroscopy (EIS)
The EIS measurements were carried out simultaneously with the SSRT using a potentiostat/
galvanostat and an electrochemical cell with a three-electrode arrangement where the working
electrode was the X70 pipeline steel, sintered graphite bar was used as the auxiliary electrode,
and saturated calomel electrode, SCE, was used as the reference electrode. In all EIS tests, the frequency
range from 0.01 to 10 kHz with the amplitude of 0.01 V against to Ecorr was used. Seven points
per decade of frequency were recorded. In order to apply the overvoltage to the working electrode,
an external direct current source and a second auxiliary electrode were used to close the circuit in the
cathodic protection system by impressed current.
EIS tests and SSRT were carried out at corrosion potential (Ecorr = −650 mV vs. SCE) and at three
different cathodic potentials (Ecp): −770 mV (cathodic protection potential, CPP), −870 mV (100 mV of
overvoltage as a function of CPP), and −970 mV (200 mV of overvoltage as a function of CPP) and
compared to the saturated calomel electrode.
2.5. Potentiodynamic Polarization Curves (PC)
Two polarization curves were recorded at two different sweep rates, at 5 mV and 50 mV per second.
All PC were carried out at room temperature atmospheric pressure and without stress conditions.
The focus of this experiment is to predict a potential range where the steel is susceptible to SCC.
Polarization range used in the carry out the PC was from −1400 mV to 0 vs. SCE.
3. Results and Discussion
3.1. SSRT at Different Cathodic Potentials (Ecp)
Figure 1 shows the stress (σ) vs. strain (ε) curve of X70 pipeline steel immersed in acidified NS4
solution (pH 3) at the Ecorr (−650 mV vs. SCE) and at different applied cathodic potentials (−770, −870
and −970 mV vs. SCE) during the SSRT.
According to Figure 1, the profiles at the different cathodic potentials show an increase in the yielding
strength (σYS) and ultimate tensile strength (σUTS) compared to the test in air. This increment is attributed
to the diffusion of atomic hydrogen (H) into the crystal lattice, because the Ecp thermodynamically favors
the evolution reaction of the H [18]. According to Liu et al. [16], there is a critical concentration of H
(CH,crit) that determines the increase or decrease of σYS. When the H concentration (CH) on metallic
surface is below the CH,crit, the H impedes the sliding dislocations that generate the increment of
the σYS. However, if the CH exceeds the CH,crit value, the dislocations activity is facilitated, and the
σYS decreases.
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Figure 1. Stress-strain (σ vs. ε) curves of X70 pipeline steel immersed in NS4 solution (pH 3) at the
Ecorr (−650 mV vs. SCE) under the application of different cathodic potentials.
In accordance with this fact, the σYS increased between the Ecorr and −870 mV vs. SCE, because
the CH also increased. It is important to point out that the CH did not exceed the CH,crit. At −970 mV
vs. SCE, the σYS decreased because the CH exceeded the CH,crit.
The SCC susceptibility of X70 steel was calculated on the basis of the reduction area percent (%RA)
and the plastic elongation (%PE), using the following equations:
%RA =
Di2 −D f 2
Di2
× 100, (1)













where Ef is the elongation at failure, LI the initial gauge length, σF is the stress at failure; σPL is the
stress at the proportional limit, EPL is the elongation at the proportional limit.
The SCC index considering %RA and %PE were calculated according to the following equations:
IRA = RAsol/RAAir, (3)
IPE = PEsol/PEAir, (4)
where the suffix Sol and Air correspond to the values obtained in the NS4 solution and air, respectively.
The IRA and IPE are the SCC susceptibility indexes.
According to the indexes (IRA and IPE) shown in Figure 2, and to the classification proposed by
McIntyre et al. [19], the X70 steel at Ecorr had moderate susceptibility to SCC, but when the X70 steel
was analyzed with different Ecp, the steel exhibited great susceptibility to SCC.
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Figure 2. SCC susceptibility indexes of X70 pipeline steel as a function of potential.
The IRA and IPE values decreased as the Ecp became more negative; however at the Ecp of −970 mV
vs. SCE, the indexes increased, indicating a slight decrease in the susceptibility to SCC. The SCC
susceptibility of X70 steel shows a complex dependence on cathodic potential.
As it is showed in the Figure 2, the SCC susceptibility tends to increase as the potential reaches
more negative values. With the different applied cathodic potentials, the SCC process changes.
At less negative potential (−650 and −770 mV), the SCC is based primarily on the anodic dissolution
mechanism. When the applied potential reaches more negative values, hydrogen is involved in the
cracking process (−870 and −970 mV), resulting in a transgranular cracking mode with brittle feature
of the fracture surface.
Generally, more negative cathodic potentials enhance the hydrogen evolution reaction. Therefore,
it is commonly assumed that there will be more hydrogen atoms penetrating into the steel, contributing
to the SCC process. According to the Pourbaix diagram, it can be observed that over potential applied
to steel specimens (−870 and −970 mV) results in hydrogen evolution. The concentration of hydrogen
atoms depends on cathodic potential; as cathodic potential decreases, a greater concentration of
hydrogen atoms is generated. Hydrogen can diffuse into the steel specimen around the crack tip
during the SCC process, resulting in hydrogen embrittlement, leading to increased SCC susceptibility.
Cheng [8] developed a thermodynamic model to illustrate the interaction of hydrogen, stress and
anodic dissolution at the crack tip. He suggested that crack growth rate was dependent on the
synergistic effect of hydrogen and stress, and the concentration of hydrogen atoms.
3.2. Surface Fracture after SSRT
Figure 3 shows SEM micrographs of the fractured surface of X70 pipeline steel at two different
magnifications (100× and 1000×) after performing SSRT in air and NS4 solution (pH 3) at the Ecorr
(−650 mV) and when different cathodic potentials (−770, −870 and −970 mV vs. SCE) were applied.
The X70 steel tested in air exhibited a ductile facture type, Figure 3a,a1. The same behavior
was observed for samples tested at −650, Figure 3b,b1 and −770 mV, Figure 3c,c1. In these figures,
the dimples produced by micro-plastic deformation can be observed, as well as the presence of
micro-pores that can act as stress concentrators, with these sites being the typical places where
cracking is preferentially generated. These micropores produce metal cracking by the coalescence
mechanism [13,20].
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Figure 3. SEM micrographs of the fracture surface of X70 steel after performing SSRT at two different
magnifications (100× and 1000×): (a, a1) in air; and (b, b1) in NS4 solution with Ecorr = −650 mV, and in
NS4 solution with different cathodic potentials, (c, c1) −770 mV, (d, d1) −870 mV, and (e, e1) −970 mV.
Figure 3d,d1,e,e1 shows the fracture surface for samples tested at −870 and −970mV, respectively.
In these figures, a mix fracture types—ductile and brittle—can be observed. The presence of some
brittle regions and the presence of some microcracks can be clearly observed. Most of the samples
with cathodic potentials of −870 and −970 mV show the presence of some internal cracks, which is
correlated with the more brittle fracture type observed in these samples.
It is important to point out that Lynch et al. [21] found that the hydrogen embrittlement induced
by the medium could produce ductile fracture through the Adsorption Induced Dislocation Emission
(AIDE) mechanism. The AIDE mechanism includes both nucleation and subsequent movement of
dislocations away from the crack tip. This mechanism consists of the weakening of the interatomic
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bond at the tip of the crack due to adsorbed hydrogen; this behavior promotes a change in the fracture
to a relatively lower deformation due to the local reduction of ductility.
In Figure 3d,d1,e,e1, it is possible to observe internal cracks, which can be indicative of the
diffusion of hydrogen into the steel; the hydrogen is preferentially trapped in some defects such as
microcavities and inclusions, the crystalline lattice is dilated, and the interatomic cohesion decreases,
leading to the appearance of internal cracks. It is generally known that pitting and pre-existing defects
initiate SCC; the lattice defects—vacancies, dislocations, grain boundaries and precipitates—provide a
variety of trapping sites for hydrogen diffusion. Hydrogen diffusion promotes both intergranular and
transgranular cracking.
The hydrogen atoms diffuse into the metal and have a preference for accumulating in internal
defects like inclusions, precipitates, cavities, and dislocations, among others. Hydrogen atoms in these
regions result in embrittlement, and when the stress increases to a critical value, cracking is initiated.
It is important to note that the level of stress or strain depends on the steel grade. High tensile strength
steels with elasticity limits exceeding 650 MPa are highly susceptible to SCC. Martensitic structures
are considerably more susceptible than bainitic and ferrite structures. In addition, coarse-grained
materials are more susceptible to embrittlement than fine microstructures.
Crack propagation can be either intergranular or transgranular; sometimes, both types are
observed on the same fracture surface. In the case of near neutral pH-SCC at corrosion potential
(−680 to −710 mV SCE), a transgranular crack morphology is generally observed. Meanwhile, with high
pH SCC, intergranular cracking is commonly observed in the potential range of −520 to −670 mV SCE.
It is important to point out that in Figure 3d,d1 (−870 mV), it is possible to observe some inclusions
that could have contributed to the cracking. Liu et al. [22] concluded that the inclusions in the X70
steel are rich in brittle oxides that are incoherent with the matrix of the steel; thus, a great deformation
of the crystalline lattice is formed. This deformation is the main factor for the preferential generation
of microcracks between the borders of these inclusions and the steel.
Finally, at −970 mV, Figure 3e,e1 it is possible to observe that the fracture morphology is different
from the morphologies found at −770 and −870 mV, because the surface of the facture shows a
smooth scission of brittle character, corresponding to the SCC process dominated by the hydrogen
embrittlement. This fact indicates that the concentration of the atomic hydrogen adsorbed on the
surface of the X70 steel was greater when the Ecp was applied, resulting in an increase in yield strength
(YS) and ultimate tensile strength (UTS), but decreases in strain and elongation (Figure 1) due to
the embrittlement of the microstructure. According to this behavior, it is possible to say that the
mechanism in the SCC process was hydrogen-enhanced localized plasticity (HELP), which improves
the movement of dislocations because they are surrounded by atomic hydrogens, facilitating plastic
deformation in a localized way. According to Martin et al. [23], the hydrogen-enhanced localized
plasticity (HELP) mechanism as a viable mechanism of hydrogen embrittlement.
Hydrogen embrittlement (HE) has been studied for many years; however, it remains a consistent
problem in the SCC process. In addition, there is no precise mechanism for HE. Various mechanisms
proposed in the literature include hydrogen-enhanced decohesion and hydrogen-enhanced local
plasticity (HELP) [23].
The HELP mechanism is supported by experimental observations of enhanced dislocation motion
and localized slip bands in the vicinity of the crack tip in hydrogen-charged test specimens. The most
accepted mechanism for enhancing HELP is that hydrogen increases dislocation mobility, leading to
the material being more ductile.
3.3. Cracks in the Gauge Section after SSRT
The secondary cracking commonly presented in the gauge section of the specimen corresponded to
typical cracking in a medium that promotes the SCC process. Figure 4 shows some images obtained by
SEM of cracks located in the gauge section of the SSR specimens. These cracks were sharp and without
ramifications, which is characteristic of a hydrogen-induced cracking (HIC) process [3]. On the other
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hand, the cracks observed in the steel at the Ecorr (Figure 4a) show ramifications and aggressive attacks
on the surface with no cracks, produced by the anodic activity that prevails under these conditions.
 
Figure 4. Secondary cracking of X70 pipeline steel after SSRT: (a) −650 mV (Ecorr), (b) −770 mV (c)
−870 mV (d) −970 mV vs. SCE.
3.4. SCC Analysis under different Ecp by Polarization Curves
To gain a better understanding of the SCC mechanism of X70 steel under different cathodic
potentials, a conceptual model developed by Liu et al. [16] was used. This model is based on the
polarization curves (PC) of the X70 steel without stress at fast and slow sweep rates. Figure 5 shows
three zones or potential intervals between the two polarization curves (at fast and slow sweep rate) of
the X70 steel immersed in the NS4 solution (pH 3), limited by the potential values where the current
density trends to zero. Zone I corresponds to potential values lower than −700 mV vs. SCE, where
the PCs at both sweep rates are located in the anodic polarization region. Zone II is localized to the
interval between −700 and −900 mV vs. SCE. In this zone, the PC obtained with the slow sweep rate
was found to be in the cathodic polarization region, while the PC obtained with the fast sweep rate was
found to be in the anodic polarization region; finally, zone III encompasses the more negative potential
at −970 mV vs. SCE, where the two PCs, at both sweep rates, were located in the cathodic polarization
region [24]. According the behavior of the three zones, if the X70 steel is polarized with a potential that
is in zone I, this fact indicates that in the tip of the crack, in the wall of the crack and in the uncracked
metallic surface, the anodic reaction mainly could be carried out, and the cracking mechanism would
depend only on the anodic dissolution. If the applied potential is found in zone II, this fact indicates
that the anodic dissolution can be carried out in the tip of the crack, contributing to the acceleration of
its propagation, while in the uncracked metallic surface, hydrogen reduction is carried out on other
species like O2 and H2CO3; therefore, the SCC process can be controlled by the combination of two
processes, the mechanism of the hydrogen embrittlement and the anodic dissolution.
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Figure 5. Polarization curves of the X70 steel in NS4 solution at two different sweep rates: 5 mV/s and
50 mV/s.
On the other hand, if the applied potential is found in zone III, it means that in the tip and wall of
the crack could benefit the cathodic reaction, specifically the H reduction, generating H atoms with
this reaction that can then be actively involved in the SCC process. These results are in agreement
with the research of Javidi and Galvan-Martinez [24,25]. Accordingly, the SCC mechanism would be
dominated by hydrogen embrittlement.
In addition, in Figure 5, it is possible to observe that the Ecp of −0.77 and −0.87 V vs. SCE are
within zone II, while the Ecp of −0.97 V vs. SCE is located in zone III. Therefore, the behavior of the
SCC susceptibility with respect to Ecp, as shown in Figure 2, can be attributed to the contribution of
the anodic dissolution on the SCC mechanism. That is, when the potential is sufficiently negative,
the anodic dissolution of the steel will be negligible and will not contribute to the SCC process, and this
process will be dominated only by hydrogen embrittlement; on the other hand, at more positive
potentials, even when the steel is under cathodic protection, in the area of tip of the crack, the steel will
be in a non-stationary state and the anodic dissolution will contribute to the cracking process.
3.5. Qualitative analysis of the EIS Spectra
EIS measurements of the X70 pipeline steel immersed in NS4 solution (pH 3) at the Ecorr and at
under different Ecp (−0.77, −0.87 and −0.97 V vs. SCE) are shown in Figure 6. It is important to point
out that five different points were measured in the stress strain curve at each Ecp: at beginning of the
test (T0), in the elastic zone (EZ), at yield strength (YS), at ultimate tensile strength (UTS), and before
fracture (BF). In Figure 6, the experimental data (dots) and the fit line (continuous line) can be observed.
The EIS spectra of the X70 steel at the five points recorded and at the Ecorr (Figure 6a) show a
characteristic semicircle of a capacitive process related t the electrochemical double layer capacitance
(Cdl) and the charge transfer resistance (Rct) associated with the redox reactions that occur at the
electrolyte/metal interface. On the basis of this behavior, the proposal for fitting the EIS spectra
is a simple equivalent electric circuit (EEC) including only the charge transfer resistance process,
the most common of which is the Randles circuit. It is important to point out that all EIS spectra only
show one time constant, which is attributed to the activational process or, as it is also called, charge
transfer resistance.
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Figure 6. EIS spectra in Nyquist diagram of the X70 steel immersed in NS4 solution (with pH 3) during
the SSRT test. At the Ecorr (a), 0.77 (b), 0.87 (c) and 0.97 (d) V vs. SCE at different times. Dots correspond
to experimental data and continuous lines correspond to fitting.
In addition, the Rct decreased from T0 to UTS, and increased again at the BF point. The decrease
of the Rct should be attributed to the gradual increase of the stress that prompting the generation
and concentration of dislocations in the metal and the formation of active sites close to tip of the
crack [23,26], and to the hydrogen (H) diffusion into the metal, whereby H comes from the cathodic
reaction. Cheng [8] proposed that the combination of the H and stress causes the anodic dissolution to
be more thermodynamically favorable. Finally, the increase of the Rct at the BF point is attributed to
effects of corrosion film products on the cracked surface.
At Ecp of −0.77 and −0.87 V vs. SCE (Figure 6b,c) and at the T0 point, the EIS spectrum shows a
capacitive semicircle that can be attributed to the charge transfer process. However, at the EZ, YS, UTS
and BF points, it is possible to observe two time constants (τ): the first τ, located between the high
and middle frequencies, is attributed to the charge transfer process; while the second τ is attributed to
the mass transfer process. Some researchers, like Liu [24,27], have reported Nyquist plots with this
behavior. Taking into consideration the fact that the SCC is a dynamic process (this is because in the
Slow Strain Rate Tests the machine that carries out the extension of the metal sample applies a constant
rate, 1 × 10−6 s−1) and the metallic surface during the SSRT can undergo small changes that affect the
kinetics of the electrochemical reactions such that the transition from the activational to the mixing
process is observed in the Nyquist plots of the EIS measurements between T0 and EZ. This behavior
can be attributed to the model of local additional potential (LAP) proposed by Liu et al. [25,28]. When
the steel subjected to stress is in the macroscopic elastic zone, the local concentration of the stress
can result in defects such as microcracks and inclusions, which can generate active sites through the
movement of the dislocations. Due to the steel being under cathodic polarization and the supplied
flow of electrons being preferentially concentrated in these sites, a negative LAP is generated, which
can benefit the cathodic process, and which can be diffused by the electroactive species because its
consumption is faster than the supply at the interface. The mass transport from the bulk to the interface
can thus be the limiting factor of the corrosion kinetics, specifically the cathodic process.
Finally, at 0.97 V vs. SCE, Figure 6d shows two τ when the steel was subjected to elastic stress
(points T0 to LE). The τ corresponded to two overlapping capacitive semicircles. The τ was located
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in interval between high and medium frequencies was attributed to the charge transfer (activational
process) from the interfaces to the metallic surface. Meanwhile, the τ located at low frequencies was
attributed to the response of the adsorbed species, like hydrogen atoms and bubbles of molecular H2,
on the surface, because when the voltage was applied to the steel, the hydrogen evolution (hydrogen
reduction) increased, strongly provoking another interface with these hydrogens and generating a
pseudo-capacitance phenomenon by adsorption [26,29].
Pseudo-capacitance is the differential capacitance of an interface between the metal and the
electrolyte, which is caused by the concentrated change of an adsorbed electroactive species and which
is shown in electrochemical reactions where the charge transfer process precedes the determinant
stage of the speed. It is important to point out that the electrolytic reaction of the hydrogen evolution
(cathodic reaction) is an example of these electrochemical reactions. This is because in the first stage,
the speed of the charge transfer could be fast, while in the second stage, the reaction between the two
H atoms in order to form a H2 molecule could be slow [27,30]. At the UTS and BF points, and in the
low frequency zone, the τ changed to a straight line, which was attributed to the diffusion process.
3.6. Quantitative Analysis of the EIS Spectra
Figure 7 shows the equivalent electric circuit (EEC) scheme and its physical explanation. According
to Figure 7, it is possible to explain the EEC used in the fitting of the EIS spectra; that is to say, Figure 7a
shows when the charge transfer process was the only process limiting the corrosion. As stated in the
Section 3.5, on Qualitative analysis, only one time constant can be observed in the EIS spectra, and this
is attributed to the corrosion process. In the case of Figure 7b, the charge transfer process is influenced
by a mass transfer of hydrogen ions or oxygen through the diffusion layer, in this case, the first time
constant is attributed to the corrosion process and the second time constant to the diffusion process.
Finally, Figure 7c shows the EEC with two time constants, but in this case the second constant is
attributed to the layer of hydrogen reduced adsorbed on the metallic surface. It is important to point
out that Rs is the solution resistance, and CPEdl is the constant phase element of the double layer,
which substitutes the double layer capacitor, because in real systems, the capacitive behavior of the
electrode is not ideal. Due to corrosion products, film is adsorbed onto the metallic surface, and this
generates a non-homogeneous surface [28,31].
Figure 7. Scheme of EEC employed to fit the EIS spectra shown in Figure 6. (a) charge transfer process
at T0, (b) diffusion process at EZ, YS, UTS and RS points, and (c) formation of a non-homogeneous
surface at T0, EZ and YS points.
Figure 7 shows the EEC used to fit all of the EIS spectra in this research. All EIS spectra of the X70
steel obtained at the beginning of the test (T0) at Ecorr and at different Ecp, −0.77 and −0.87 V vs. SCE,
were fitted with a simple equivalent electric circuit (Figure 7a), the so-called Randles circuit.
Figure 7b shows the EEC used to fit the EIS spectra obtained at the EZ, YS, UTS and RS points.
In this figure, (Wz) is the semi-infinite diffusion Warburg impedance (Zw); in this case, the diffusion
of the electroactive specie occurs when the mass transport is carried out from the bulk solution to
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the metallic surface in the absence of corrosion products [29,32]. When corrosion products are able
to partially isolate the metallic surface, the study by Bastidas [33] defines the diffusion process for a
layer of finite thickness using the transmission line model. Despite this model not being used in this
research, it is important to note that this model is capable of providing a good analysis of corrosion.
At Ecp of −0.97 V vs. SCE and at T0, EZ and YS, the EEC used is shown in Figure 7c [30]. In this
EEC, it is possible to observe that an interface was adsorbed onto the metallic surface, and this can
generate an electric response [30,34]. The parameter Ra is the adsorbed resistance and CPEa is the
pseudo-capacitance associated with the adsorbed H. At the UTS and RS points, the EIS spectra were
fitted with the Randles circuit.
To obtain a better analysis, the parameters calculated with the EEC fit of the EIS spectra shown in
Figure 6 are presented in Table 3, where Cdl and Ca are the double layer and the adsorbed capacitance,
respectively, calculated using the G. J. Brug expression [35]. It is important to point out that the
CPE and Rct values obtained in the EIS spectra fitting were used to calculate the capacitor by the
Brug expression.
Table 3. Calculated parameters obtained for the EIS spectra of Figure 6 fitted by EEC in Figure 7.
Point Rs Cdl Rct Ca Ra σw














T0 26.62 2.88 49.23 211 4.28 — — — — —
EZ 26.05 1.58 60.975 185.9 2.56 — — — — —
YS 27.24 1.73 62.22 168 3.01 — — — — —
UTS 26.43 1.63 72.45 162.1 3.08 — — — — —
BF 30.22 1.71 135.34 186 3.60 — — — — —
At −770 mV vs. SCE, using the EEC shown in Figure 7a (for T0) and Figure 7b
T0 23.24 3.23 91.52 1135 14.20 — — — –
EZ 24.09 2.99 75.73 305.82 7.26 — — — 278.90 11.93
YS 24.71 3.36 65.21 314.25 5.89 — — — 264.22 7.15
UTS 26.32 2.90 62.84 304.72 7.26 — — — 193.61 11.93
BF 26.00 2.56 57 295.41 4.55 — — — 179.64 5.49
At −870 mV vs. SCE, using the EEC show in Figure 7a (for T0) and Figure 7b
T0 27.92 4.42 39.71 1056.00 11.20 – —
EZ 28.11 3.43 55.19 496.04 8.31 203.99 4.70
YS 27.02 3.11 45.18 398.39 8.34 331.41 2.40
UTS 26.482 8.41 43.60 344.23 2.21 319.53 2.33
BF 27.505 10.86 50.15 268.13 2.10 241.60 3.53
At the Ecorr (−970 mV vs. SCE) using the EEC show in Figure 7b (for UTS and BF) and Figure 7c
T0 27.1 9.09 67.76 486.69 3.00 536.67 744.2 6.67 –
EZ 26.74 4.00 73.84 392.76 4.32 637.78 615.93 8.65 –
YS 28.04 7.06 83.04 332.79 2.15 625.46 642.78 7.10 –
UTS 36.08 4.46 104.99 302.02 2.66 – – — 110 3.76
BF 34.50 11.10 99.75 318.80 4.37 – – — 190.75 5.77
In this table, is possible to see that the values of charge transfer resistance (Rct), corresponding to
the EIS spectra measured at the Ecorr, have the lowest values. This fact indicates that the contribution
of the anodic process tends to lead to a decrease in Rct value and limits the SCC process. To obtain the
influence of the Ecp on the corrosion phenomenon of X70 steel under stress conditions, an analysis
with the Rct as a function of the Ecp was carried out.
3.7. Rct Behavior as a Function of Ecp
Figure 8 shows the Rct behavior obtained from the EEC shown in Figure 7. These Rct were obtained
from the corrosion phenomenon of the X70 steel immersed in NS4 solution at the Ecorr and at different
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Ecp during the SSRT test. In a general way, it is possible to point out that at the Ecorr, all Rct values
are lower than the Rct values obtained at any Ecp. According to the mix potential theory, at the Ecorr,
the Rct is the equilibrium result of the anodic and cathodic reactions occurring at the interface.
Figure 8. Rct as a function of time. X70 steel immersed in NS4 solution (pH3) under different Ecp.










where Rct,a and Rct,c are the charge transfer resistance for the anodic and cathodic reactions, respectively,
θc is the fraction of the active area, where the cathodic reaction is carried out. When an Ecp is applied
to the X70 steel, the Rct,a and θc will increase and Rct,c will decrease, with the Rct value contributing
to the cathodic process to a great extent. Therefore, at the Ecorr, the anodic process contributes to a
reduction in the Rct value.
On the other hand, at the Ecp of −770 and −870 mV vs. SCE, the Rct decreased throughout the
entire time that the test was carried out. This behavior can be attributed to the propagation of the SCC
in the tip of the crack, generating a new active surface, which is subject to a non-stationary stage of
polarization. Liu et al. [24,27] proposed that the tip of the crack resembled an active specimen recently
exposed to electrochemical medium; for this reason, the anodic dissolution in the main crack increases,
contributing to the Rct reduction.
It is important to point out that at the beginning of the SSRT test, the Rct was lower, as the Ecp was
more negative due to the major supply of electrons to the interface, improving the cathodic reaction
(Hydrogen evolution); however, when the stress levels increased, the Rct became independent of the
Ecp. This behavior can be attributed to the fact that as the SSRT test is carried out, the Rct is a function
of two parameters, the level stress and the applied potential, that can improve the cathodic process
through the negative LAP generated at the active sites, and produced by the dislocation movement on
the surface [25,28,31,34].
4. Conclusions
Characterization of the SCC process of X70 pipeline steel immersed in synthetic soil solution under
the application of different cathodic potentials, using slow strain rate test (SSRT) and electrochemical
impedance spectroscopy (EIS) allowed the following conclusions to be drawn:
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• According to the SCC indexes obtained (IRA and IPE), it is clear that SCC susceptibility increases
with the increase in cathodic potential. These indexes indicate that X70 steel could be susceptible
to SCC.
• SEM observations revealed the presence of some internal cracks on the fracture surface (which is
indicative of hydrogen diffusion); additionally, some secondary cracks in the gauge section of the
SSRT specimens were observed. These cracks grew perpendicular to applied stress.
• The application of cathodic potentials (Ecp) decreased the corrosive attack on the metal surface;
however, they increased the SCC susceptibility of the steel, which is attributed to the H+ reduction
process inducing hydrogen embrittlement by H diffusion into the steel.
• The influence of Ecp on the SCC susceptibility of X70 steel meant that by decreasing the Ecp from
−770 to −870 mV, the SCC susceptibility increased through the improvement of the cathodic
process and the contribution of the anodic dissolution at the tip of the crack. However, when
the Ecp reached −970 mV, the susceptibility decreased, because the anodic dissolution of the
steel became negligible and the mechanism was dominated solely by hydrogen embrittlement.
The above was verified with the analysis of the fracture surface using SEM.
• The results of EIS at −770 and −870 mV showed an active behavior at the beginning of the test,
which changed to a mixed process when the steel was subjected to strains higher than YS (elastic
region), which generated active sites, thus improving the cathodic process, meaning that mass
transport became the speed limiting step in the cathodic process.
• At the Ecorr, all Rct values are lower than the Rct values obtained at any Ecp. This behavior indicates
that the trend of the corrosion rate (CR) was affected by the applied cathodic potential, which
prompted a decrease in CR; however, it is important to point out that the Ecp could improve the
cathodic reaction, generating atomic H and increasing the susceptibility to SCC.
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Abstract: The classification, assessment, and estimation of the atmospheric corrosivity are fixed
by the ISO 9223 standard. Its recent second edition introduced a new corrosivity category for
extreme environments CX, and defined mathematical models that contain dose–response functions
for normative corrosivity estimations. It is shown here that application of the ISO 9223 standard
to archipelagic subtropical areas exhibits major shortcomings. Firstly, the corrosion rates of zinc
and copper exceed the range employed to define the CX category. Secondly, normative corrosivity
estimation would require the mathematical models to be redefined introducing the time of wetness
and a new set of operation constants.
Keywords: atmospheric corrosion; ISO 9223; corrosivity categories; predictive models; archipelagic
regions; Canary Islands
1. Introduction
Atmospheric corrosion is a process caused by the interaction of metals with the atmosphere
causing their degradation. The relevance of atmospheric corrosion is often quantified in terms of the
high costs caused by its action, because repairs and replacements due to corrosion amount ca. 5% of
the gross domestic product (GDP) in Western countries, China, and India per year [1]. Even if this
process was not producing the costs of material replacement, it would also account for production
losses, energy-based costs, and the release of toxic substances to the environment. Given its impact,
numerous studies on atmospheric corrosion are available in the scientific and technical literature [2–10],
often directed to the acquisition of atmospheric corrosivity maps for a given geographic region. The
methodology required to perform these studies is established by a series of international standards
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(namely ISO 9223 to 9226) that were first published in 1992, and subjected to technical revision in
2012 [11–14]. In particular, the revised ISO 9223 contains substantial changes from its first edition [15].
Among them, the procedure to assign the corrosivity categories based on environmental data (i.e., SO2
and chloride dry depositions, temperature and time of wetness) was removed from the international
standard, whereas dose–response functions were introduced for the normative corrosivity estimation
based on environmental data. In addition, a new corrosivity category, CX, corresponding to extreme
environments, was included for classifying the corrosion rates of standard metals (i.e., carbon steel,
zinc, copper, and aluminum). Indeed, several reports in the literature had previously shown the
shortcomings of the first edition of ISO 9223 to rank, determine, and estimate the corrosion of metals
and alloys in subtropical and tropical regions [3,16–22], because category C5 failed to determine their
actual aggressiveness, thus requiring higher corrosivity categories.
The Canary Islands are subject to the climatic dynamics of the subtropical latitudes, which,
together with its proximity to the African continent and its abrupt orography, originate very specific
climate conditions. The action of the trade winds determines the climate of the islands [23]. They are
very humid winds of Northeast (NE) component with an annual frequency higher than 80% that bestow
a very stable weather to the archipelago. The most eastern islands (i.e., Lanzarote and Fuerteventura)
have desert-like climates, associated to a slightly rugged terrain with low mountains that are not
able to retain the moisture of the trade winds. The remaining islands have a Mediterranean-type
climate [23]. As they are more abrupt islands, the moisture of the trade winds is effectively sustained.
The complex combination of climate and orography conditions may originate various climatic zones
(e.g., microclimates) to develop on the same island, which supports the popular topic that the Canary
Islands are a continent in miniature. These climatic zones have been determined and characterized
in a recent project named CLIMCAN-010 [24]. The main objective of this project was to perform
a complete climatological characterization of the Canary archipelago aimed for inclusion into the
Technical Building Catalogue of Spain [25]. A major outcome of that work was probing several distinct
climate zones to be present in all the islands, highlighting the islands of Tenerife and Gran Canaria
with 6 and 5 zones, respectively. As a result, there is a complex distribution of Canarian atmospheres
of varying aggressiveness, given that in a small geographical area there are large climatic variations.
Another major project performed in the Canaries aimed to obtain the corrosion map of the Canary
Islands by measuring the weight losses of carbon steel, copper, zinc, and aluminum from a large
number of corrosion stations distributed along the seven main islands of the archipelago [21,26]. It was
found that the ISO 9223:1992 failed to characterize the atmospheric corrosivities because the weight
losses measured for the standard metals in a large number of the stations exceeded by far the highest
C5 corrosivity category [21,26].
In this work, the atmospheric corrosivities of the atmospheres occurring in the Canary Islands
have been reassessed in order to classify them using the revised ISO 9223:2012 standard [11], as well
as to verify the validity of the proposed dose–response functions for the estimation of normative
corrosivities from corrosion losses.
2. Materials and Methods
The Canary Islands are located near the Northwest (NW) African coast, between 27◦37’ and 29◦27’
North (N) and 13◦20’ and 18◦20’ West (W) (see Figure 1). The main orographic characteristics of
the archipelago together with the geographical coordinates of each island are shown in Figure 2. In
addition, Figure 2 depicts the climatic zones defined by the CLIMCAN-010 project [24] as well as the
distribution of the 74 corrosion exposure sites through the 7 islands. Table S1 in the Supplementary
Material gives the localization and the elevation of the test sites, together with the type of atmosphere
on the basis of classification criteria other than corrosivity according to ISO 9223:1992(E) [15] and ISO
9223:2012 standards [11].
Metal samples of carbon steel, zinc, and copper of dimensions 10 cm × 4 cm × 2 mm were exposed
at the corrosion exposure sites, and their chemical composition is given in Table 1. The specimens
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were cleaned according to ASTM G1-90 standard [27], weighed, and duly codified for identification.
Subsequently, they were placed in a metal frame oriented towards the North-Northeast (NNE), with
an inclination of 45 degrees with respect to the horizontal. Samples were collected every six months
during the first year for copper and zinc, and with quarterly periodicity for carbon steel. In each
collection, four specimens of each metal were taken. Three of these samples were cleaned according
to ASTM G1-90 standard [27], and corrosivity categories were assigned from first-year weight losses
according to ISO 9223:2012 standard [11].
The relative humidity level was quantified using a thermohygrometer, whereas chloride and
SO2 dry deposition rates were determined monthly according to standard procedures. Namely, two
methods were employed to determine SO2 pollution, namely the Husy method according to the ISO/TC
156 N 250 standard [28], and the lead dioxide candle according to the ASTM D 2010-85 standard [29].
The concentration of chloride was monitored by the wet candle method according to the ISO 9225
standard [13]. Finally, the ISO 9223:1992 standard [15] was employed to characterize the atmosphere
of the localities in terms of pollution categories based on airborne salinity contamination (Sd) and with
sulfur compounds based on sulfur dioxide (Pd), and of time of wetness (τ).
The effect of the environmental parameters on the average corrosion rates of metals for the first
year of atmospheric exposure, rcorr, was analyzed using a multivariate variance analysis (ANOVA).
 
Figure 1. Location of the Canary Islands.
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Figure 2. Subdivision of Canary Islands into local climate sectors (adapted from [24]), and location
of the 74 corrosion exposure sites (see Table S1 in Supplementary Material for codes and local
orography details).
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Table 1. Chemical composition of the carbon steel, zinc, and copper test samples.
Metal
Element (wt.%)
Si Fe C Mn Zn Ti Cu Mg Al Others
Carbon steel 0.08 99.47 0.06 0.37 - - - - - 0.023
Copper 0.28 0.9 - 0.05 0.09 0.05 98.5 0.05 - 0.09
Zinc - - - - 99.77 0.02 0.2 - 0.006 -
X-Ray Diffractometry (XRD) was performed using a Siemens D-5000 instrument (Bruker-Siemens,
Billerica, MA, USA) provided with a copper anode (Cu Kα 5406 Å) and a scintillation detector.
3. Results
3.1. Classification of Corrosivity of the Atmosphere and General Corrosivity Estimation
The great variability of local environmental conditions occurring along the Canary archipelago
is readily observable by inspecting Figure 3. This graph depicts time of wetness, and SO2 and Cl−
deposition distributions measured during 3 years at the 74 corrosion exposure sites. Based on the local
environmental conditions occurring at each location, corrosivity categories were assigned according to
the ISO 9223:2012 standard [11], and they are listed in Table S1 in the Supplementary Material.
 























































   *    S
Figure 3. Local environmental conditions at the 74 corrosion exposure sites determined during 3 years.
(A) Time of wetness, (B) average Cl− deposition, and (C) average SO2 deposition.
Weight losses were measured for carbon steel, zinc, and copper after 1-year exposure, and they are
given as first-year corrosion rates in Table S1 (Supplementary Material). Local atmosphere corrosivities
were assigned for the three metals according to the ISO 9223:2012 standard [11], and they are also
included in Table S1 (Supplementary Material). In addition, atmosphere corrosivity maps were drawn
in Figure 4 together with the local climate sectors.
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Figure 4. Corrosion maps for (A) carbon steel, (B) zinc, (C) and copper according to ISO 9223:2012 [11].
Since the local environmental conditions influence the corrosion rates of metals, multivariate
variance analysis (ANOVA) was performed in order to evaluate the effect of these parameters on the
first-year corrosion rates. The following environmental parameters were considered: annual average
air temperature (T), SO2 deposition rate (Pd), Cl− deposition rate (Sd), time of wetness (τ), and relative
humidity (RH). To carry out this analysis, the values adopted by these environmental conditions were
grouped into levels according to ISO 9223:2012 [11], and they are given in Table 2 together with the
number of corrosion exposure sites included in each level. Levels were assigned to T and RH by
establishing intervals of 2 ◦C and 10% allowance, respectively.
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Table 2. Environmental parameters and levels employed in the ANOVA analysis.
Environmental Parameter Level/Number of Samples per Level
T T1/10 T2/14 T3/40 - - -
Pd P0/49 P1/15 P2/0 P3/0 - -
Sd S0/0 S1/4 S2/60 S3/0 - -
τ τ1/0 τ2/0 τ3/25 τ4/31 τ5/8 -
RH RH1/3 RH2/0 RH3/0 RH4/2 RH5/46 RH6/13
Next, the ANOVA variance analysis was performed to determine the corrosivity for the three
metals based on the corrosion rates measured at each exposure site, and the results for carbon steel, zinc,
and copper, are respectively listed in Tables 3–5. The analysis was done on the data from 64 corrosion
exposure sites, because incomplete or not reproducible data were found at sites 13, 15, 18, 22, 50, 52, 54,
61, 67, and 68, and they were discarded for the rest of the study.






Mean sq. f -Value p-Value
RH 392.5535 3 130.8512 0.7204 0.5442
Pd 680.9685 1 680.9685 3.7489 0.0581
Sd 4995.7843 1 4995.7843 27.5031 0.0000
T 236.6076 2 118.3038 0.6513 0.5254
τ 1071.0287 2 535.5143 2.9482 0.0609
Error 9808.7825 54 181.6441 - -
Total 20,246.1375 63 - - -






Mean sq. f -Value p-Value
RH 8635.9756 3 2878.6585 5.1955 0.0032
Pd 1302.4139 1 1302.4139 2.3506 0.1311
Sd 7581.5157 1 7581.5157 13.6833 0.0005
T 2580.5849 2 1290.2925 2.3288 0.1071
τ 5884.669 2 2942.3345 5.3104 0.0078
Error 29,919.7938 54 554.0703 - -
Total 60,270.1119 63 - - -






Mean sq. f -Value p-Value
RH 18.194 3 6.0647 0.6768 0.57
Pd 3.7699 1 3.7699 0.4207 0.5193
Sd 77.0076 1 77.0076 8.5939 0.0049
T 45.2614 2 22.6307 2.5255 0.0894
τ 7.9729 2 3.9865 0.4449 0.6432
Error 483.8814 54 8.9608 - -
Total 650.7247 63 - - -
Next, the ANOVA variance analysis was performed to determine the corrosivity for the three
metals based on the corrosion rates measured at each exposure site, and the results for carbon steel, zinc,
and copper, are respectively listed in Tables 3–5. The analysis was done on the data from 64 corrosion
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exposure sites, because incomplete or not reproducible data were found at sites 13, 15, 18, 22, 50, 52, 54,
61, 67, and 68, and they were discarded for the rest of the study.
3.2. Normative Corrosivity Estimation
Corrosivity estimation was first attempted employing the dose–response functions of exposure
proposed in ISO 9223:2012 (Section 8.2) [11]. Namely, the norm establishes both the function (given by
Equation (1)) and the corresponding set of constants (see Table 6):
rcorr = a·(Pd)b·e(c·RH−d·(T−10)) + e·(Sd) f ·e(g·RH+h·T) (1)
Table 6. Normative corrosivity estimation based on calculated first-year corrosion losses. Set of
constants and sum of the quadratic error for carbon steel, zinc, and copper using the dose–response




a b c d e f g h
(1) CS 1.77 0.52 0.02 0.054 0.102 0.62 0.033 0.04 116.7368
(1) Zn 0.0129 0.44 0.046 0.071 0.0175 0.57 0.008 0.085 295.5821
(1) Cu 0.0053 0.26 0.059 0.08 0.01 0.27 0.036 0.049 41.4758
(1) * CS 4.855 0.6 0.01589 0.1089 0.871 0.9 2.2 × 10−4 2.0 × 10−4 85.1416
(1) * Zn 0.0015 0.44 0.0359 0.371 0.4435 0.86 0.0096 0.0189 187.3936
(1) * Cu 2.6528 0.25 0.00011 0.0048 0.09 0.9 0.0001 0.0162 22.7040
(3) CS 0.3592 0.6 0.0005 1 × 10−6 0.8403 0.9 4 × 10−5 0.00163 86.7857
(3) Zn 6.1796 0.44 0.0013 0.095 1.0156 0.86 0.0001 0.1 × 10−6 197.68
(3) Cu 2.6528 0.25 1 × 10−6 21 × 10−6 0.09 0.9 5.7 × 10−6 0.0003 21.4148
* Equation (1) modified with a new set of constants adapted to the environmental conditions observed in the
corrosion exposure sites.
The criteria for establishing the quality of the dose–response function for the estimation of
corrosion rates was made in terms of the sum of squared errors (SSE) between the experimental








In this way, the applicability of the dose response function of exposure and the set of constants
defined in ISO 9223:2012 for each metal is described by the SSE values included in the first set of rows
of Table 6. Values in excess of 100 were found for carbon steel and zinc, whereas the errors for copper
amounted ca. 41. A new attempt to improve the estimation of corrosion rates for carbon steel and
zinc using the dose–response function given by Equation (1) consisted in the modification of the set of
constants for each metal given by the norm as to better fit the experimental observations. The procedure
consisted in introducing these constants as fitting parameters in the function, and using the algorithm
of the simplex method of Nelder–Mead [30] to obtain the best set of parameters [31,32]. Accordingly,
the new sets of constants for the dose–response function and the resulting fit qualities, expressed in
terms of SSE values, are included in the second set of rows in Table 6 (i.e., labeled as Equation (1) *). It
is observed that corrosivity estimation based on environmental information using the dose–response
function defined in the ISO 9223:2012 [11] requires obtaining a new set of constants based on the
first-year corrosion rates of the corresponding metal. The improvement of the fit quality was significant
even for copper, even though the corrosion rates observed in this fragmented subtropical territory
could still be assigned to the corrosivity categories included in the norm.
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An alternate method for the estimation of corrosivity based on metal corrosion losses consisted in
defining new dose–response functions for each metal using the time of wetness instead of the relative
humidity. The resulting dose–response function is Equation (3):
rcorr = a·(Pd)b·e(c·τ−d·(T−10)) + e·(Sd) f ·e(g·τ+h·T) (3)
The third set of rows in Table 6 gives the new set of constants that fit Equation (3), corresponding
to the new proposal, as well as the values of the sums of quadratic errors SSE. A better agreement
between the estimated corrosion rates and the experimental observations is also observed in this case.
Fit quality analysis was also performed by considering the residual error for each corrosion
exposure site that was determined using Equation (4):
Residuei = rcorri − r̂corri (4)
The residues are plotted in Figure 5 for each metal by comparing the estimations done using either
the new set of constants (i.e., Equation (1) *, see Figure 5A–C) or the new dose–response function (i.e.,
Equation (3), cf. Figure 5D–F) with the estimates from ISO 9223:2012 [11]. In all cases, the worst results
were obtained using the norm. This section may be divided by subheadings. It should provide a concise
and precise description of the experimental results, their interpretation as well as the experimental
conclusions that can be drawn.
 
Figure 5. Residue distributions from the application of dose–response functions for normative
corrosivity estimation based on calculated first-year corrosion losses. (A–C) Application of Equation
(1) using either the set of constants given by ISO 9223:2012 [11] or a new set of constants that best
fit the results from corrosion exposure sites considered in this work; (D–F) application of the new
dose–response function given by Equation (3). Metals: (A,D) carbon steel; (B,E) zinc; and (C,F) copper.
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4. Discussion
4.1. Corrosivity of the Atmospheres
Table 7 lists the changes introduced in the second edition of the ISO 9223 standard with respect
to the corrosivity categories based on the deposition rate of SO2, as well as the definition of a new
corrosivity category CX. Only the ranges that affect the levels of SO2 have been modified, effectively
decreasing the amounts of pollutant assigned to the categories of rural atmosphere (namely down
from 10 to 4 mg/(m2 day)), urban atmosphere (the ranges are modified from 10–35 to 4–24 mg/(m2 day),
and industrial atmosphere (modifying only the lower limit that changes from 35 to 24 mg/(m2 day).
These changes have a very small effect on the classification of the Canary atmospheres in terms of
SO2 deposition. That is, they only affect the corrosion exposure sites 23, 25, and 38 in the island of
Gran Canaria, as well as sites 40 to 46, 55, 57, 59, and 63 in the island of Tenerife, and site 68 in the
island of El Hierro. In general, they are moved from category P0 to category P1, although they all
remain near the lower limit of the interval. As result, the ratio of corrosion exposure sites with level
P0 changes from 94.4% to 74% by applying the modifications in the new edition of the standard with
respect to the reports made using its first edition [18,19]. In this way, most of the territory in the
archipelago apparently would exhibit urban atmosphere corrosivity, although it must be noticed that
SO2 deposition in most corrosion exposure sites originates from marine contributions as sulphate ion,
and therefore most of the atmospheres in the Canaries are predominantly rural. In addition, the ISO
9223:1992 [15] specifies that SO2 deposition rates corresponding to the P0 category must be considered
as background concentration and would not affect the corrosion process.





9223:1992 [15] 9223:2012 [11] Level
Pd ≤ 10 Pd ≤ 4 P0—Rural atmosphere
10 < Pd ≤ 35 4 < Pd ≤ 24 P1—Urban atmosphere
35 < Pd ≤ 80 24 < Pd ≤ 80 P2—Industrial atmosphere
80 < Pd ≤ 200 80 < Pd ≤ 200 P3—Highly polluted industrialatmosphere
New corrosivity category CX (according to ISO 9223:2012).
Carbon steel 200 < rcorr ≤ 700 (μm/year) 1500 < rcorr ≤ 5500 (g/(m2 year))
Zinc 8.4 < rcorr ≤ 25 (μm/year) 60 < rcorr ≤ 180 (g/(m2 year))
Copper 5.6 < rcorr ≤ 10 (μm/year) 50 < rcorr ≤ 90 (g/(m2 year))
Conversely, the classification based on the rate of chloride deposition did not undergo any change
by applying the revised norm. About 87.8% of the stations belong to category S1, 9.5% to category S2,
and 2.7% to category S3, a fact that reveals the relevance of this pollutant in the atmospheres of the
archipelago. Indeed, category S0 could not be assigned anywhere, not even for corrosion exposure
sites located either far from the coast or in high elevation. Although the second edition of the ISO
9223 standard states that atmospheres with high levels of chloride pollutant are outside its scope, this
should not be the case of the Canary Islands, where even two corrosion exposure sites are classified
into category S3 (namely, sites 22 and 68), with 933.7 and 334.7 mg/(m2 day), thus being far from the
upper range of the interval that is established at 1500 mg/(m2 day).
Regarding the time of wetness (TOW), the classification established in the first edition experienced
no changes by applying the revised standard. Therefore, for the Canary archipelago, all islands exhibit
atmosphere classes higher than τ2, distributed as 37.8% with class τ3, 45.9% with class τ4, and 16.2%
with class τ5. This feature evidences the high humidity atmospheres occurring in the archipelago due
to the action of the trade winds.
When the corrosivity categories were re-evaluated using the new ranges established by ISO
9223:2012, the distribution of categories exceeding the ranges of the category C5 as established in
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the first edition are listed in Table 8. Thus, for the entire archipelago, the introduction of a new
CX category should account for all the cases found. However, this does not happen as much for
zinc as for copper, where it is observed that 32.4% of cases exceed CX category for zinc and 11.0%
for copper. It is observed for these two metals, Zn and Cu, that more than 44.4% and 38.4% of
cases, respectively, have the highest category in the norm or higher, this effect being even more
noticeable for the eastern islands. XRD analyses carried out for zinc samples reveal the absence of
the protective layer of zinc hydroxosulphate (Zn4SO4(OH)6·H2O), being the majority compound a
basic chloride Zn5Cl2(OH)8·H2O, typical of marine atmospheres and of a less protective nature. This
fact justifies the high corrosion rate values found for zinc in the complete Canary archipelago. A
special mention is deserved by corrosion exposure sites 15, 22, 59, 68, and 69, that were located in
very windy areas with high salinity values. The corrosion rates exceed by far those determined in the
remaining exposure sites, due to the combined effect of erosion that breaks the passive layer of corrosion
products. On the other hand, the corrosion products found in copper were mostly a patina composed
of cuprite (Cu2O), hydroxyl-chloride dimorphs, atacamite and paratacamite (CuCl2·3Cu(OH)2), and
malachite (Cu2CO3(OH)2). The presence of atacamite in most exposure sites throughout the islands
must be highlighted. Finally, in those exposure sites where the chlorides deposition rate exceeded
30 mg/(m2 day) (namely, stations 3, 4, 5, 8, 13, 15, 22, 59, 65, 68, 69, and 71), atmospheric aggressiveness
hindered the formation of a passive layer even after three years of exposure.
Table 8. Percentage distribution of atmosphere corrosivity categories in the Canary archipelago.
%
ISO 9223:1992 [15]
Carbon Steel Zinc Copper
C1 0 0 0
C2 57.5 2.7 1.4
C3 30.1 16.2 6.8
C4 5.5 21.6 16.4
C5 2.7 14.9 37.0
>C5 4.1 44.6 38.4
ISO 9223:2012 [11]
CX 4.1 14.9 27.4
>CX - 32.4 11.0
4.2. ANOVA Analysis
The following observations were made with respect to the analysis of the ANOVA variance, for a
significance level of 5%, and taking as reference the information indicated by the p-values in the last
column of Tables 3–5:
• The corrosion rates, rcorr, showed a strong dependence with Sd for the three metals studied (carbon
steel, zinc, and copper), since the p-values were below the level of significance of the study.
• The relative humidity (RH) only had an influence on the corrosion rate of zinc, because this was
the only metal with p-value smaller than 5%.
• The deposition of sulfur dioxide (Pd) only showed a weak influence with the corrosion rate of
steel, since its p-value slightly exceeded the level of significance 5.8%, being unable to associate
such an influence in the cases of zinc and copper.
• Regarding the temperature (T) data, no influence was observed on the corrosion rates for any of
the three metal systems.
• The wetting time (τ) exhibited a major effect on the corrosion rate for zinc, whereas its influence
was small for steel, and almost negligible for copper.
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4.3. Normative Corrosivity Estimation Based on Calculated First-Year Corrosion Losses
Regarding the estimation of corrosion rates using dose–response functions, Table 6 evidences
that the results obtained using the functions given in ISO 9223:2012 [11], represented by Equation (1),
delivered the worst fitting values to the experimental data. Conversely, when constants estimated
especially for the experimental data were used, better fits were obtained, as indicated by the smaller
values of the sum of the squared errors (SSE), which were listed in Table 6 under the label of Equation
(1) *. Even better results were obtained in the case of the newly proposed Equation (3). In addition, the
best behavior in terms of the plots of the residuals shown in Figure 5, corresponded again to the fits
made using the new determined constants, for most of sampling exposure sites. These improvements
were indicated in Table 6 under the labels for Equations (1) * and (3) for the estimation of the corrosion
rates, and resulted mainly from the fact that the constants provided by ISO 9223:2012 have been
determined in atmospheres with characteristics considerably different from those occurring in the
Canary Islands. Altogether, it can be inferred that it would be desirable to establish a new set of models
that adequately consider the parameters showing a greater influence on the corrosion rates, these being
determined by means of analysis of influence, such as the variance analysis.
5. Conclusions
Due to the big microclimatic variability existing in the Canary Islands and the subtropical
conditions determined by the trade winds, the corrosion rates for carbon steel, copper, and zinc from
74 corrosion exposure sites exceeded the ranges contained in the ISO 9223:2012 standard.
In the case of carbon steel, corrosivity categories were observed to range between C2 and CX. For
this metal, the second edition of the ISO 9223 standard satisfactorily described all the situations found
in the archipelago.
In the case of zinc and copper, the high salinity and TOW caused high corrosion rates in many
locations. In the case of zinc, the CX corrosivity category was assigned to 14.9% of the exposure sites
distributed throughout the archipelago, whereas 32.4% exhibited corrosion rates higher than those
corresponding to the category CX. Copper exhibited a general behavior similar to that described for
zinc. Thus, 27.4% of the total number of exposure sites exhibited a CX corrosivity category, and 11.0%
were higher than CX. These results show that either it would be necessary to readjust the upper limit
of the category CX for metals such as Zn and Cu, or even to introduce a new corrosivity category to
describe the greater aggressivity of subtropical climatologies.
With respect to the analysis of the variance for the three metals, it was found that the most
influential environmental parameter affecting the corrosion rates was the chloride deposition rate (Sd),
with a p-value of 0.49% in the worst case (i.e., copper), well below the level of significance of the study,
namely 5%. On the contrary, the environmental temperature (T) showed the smallest influence, with a
p-value of 8.9% in the best case (copper), which was clearly above the level of significance of the study,
5%.
Regarding the dose–response functions associated with the corrosion rates, for the three metals,
it was found that the proposed modifications of these functions, given in the form of new sets of
constants, delivered better fits than those sets of constants given by the ISO 9223 standard. In the worst
case, a decrease in the sum of squared errors, SEE, of approximately 25% was observed, with respect to
the standard function for carbon steel, whereas in the best case, a decrease in the SEE of approximately
48% occurred with respect to the ISO 9223 standard function for copper.
Supplementary Materials: The following are available online at http://www.mdpi.com/2075-4701/9/10/1105/s1.
Table S1 lists the location, characteristics, and corrosivity categories according to ISO 9223:2012 Norm [11] of the
74 corrosion exposure sites considered in this study.
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Abstract: The durability of two lean corrugated duplex stainless steel (UNS S32304 and S32001)
bars manufactured for concrete reinforcement was studied in four different corrosive conditions.
These duplex stainless steels are more economical than the most traditional, well-known duplex
grade steels (UNS S32205). The research was carried out in mortar samples for six years. In half of
the samples, the alkaline reserve had been previously decreased, and their pH was slightly below 12,
while in the other half, the pH close to the bars remained as-manufactured. Moreover, there were
samples with modified and non-modified alkaline reserve where chlorides had been previously
added to the mortar which were exposed to high relative humidity. In other samples—which were
partially immersed in 3.5% NaCl—the chlorides entered through the mortar by natural diffusion.
The electrochemical behavior of the reinforcements in these conditions was periodically monitored
through corrosion potential (Ecorr) and electrochemical impedance spectroscopy (EIS) measurements
during the whole testing period. The samples were anodically polarized at the end of the exposure.
The results prove that the decrease in the alkaline reserve of the mortars can affect the corrosion
behavior of the studied lean duplex in environments with high chloride concentrations. The duplex
microstructure of the reinforcements makes it so that the corrosion proceeds by selective attack of
the phases.
Keywords: corrosion; mortar; reinforcement; lean duplex; stainless steel; chloride; alkalinity;
microstructure; EIS; anodic polarization
1. Introduction
Stainless steels are increasingly used as reinforcement bars for concrete structures exposed
to corrosive environments or with a long design life, as they have already shown high chloride
concentration threshold [1] and high chemical durability when they are embedded in mortar [2,3].
Their high corrosion resistance is due to the formation of a passivating layer on their surface, which has
a duplex structure [4], and whose protective properties increase with the pH of the media [5]. Moreover,
stainless steels generally retain more high-temperature strength than carbon steel at temperatures
above 550 ◦C, which is interesting for the structural design against fire [6].
As stainless-steel bars are more expensive than the usual carbon steel bars, the use of the former is
limited to the most exposed regions of the structure and to high-risk elements. They are also used for
the restoration of structures with artistic interest or that have already suffered severe corrosion damage
a long time before the end of their expected service life [7].
Relatively good results related to the possible use of low-Cr ferritic stainless steels were published
decades ago [8]. At present, the performance of low-Cr ferritic reinforcements is again under study,
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due to their reduced price in comparison to other grades of stainless steel [9–12]. Ferritic stainless steels
can be an interesting option to assure the durability of structures in moderately corrosive environments,
but other alternatives should be considered for highly aggressive conditions.
For very corrosive environments, austenitic stainless-steel grades such as UNS S30400 and S31600
were initially proposed and used as reinforcements [13]. Then, the duplex UNS S32205 appeared in
the market, proving its excellent corrosion resistance in simulated concrete solutions [14,15] and in
mortars [2,3].
However, several years ago, the high cost of Ni fostered the study of low-Ni grades as an
alternative. Initially, low-Ni, high Mn-N austenitic stainless steels were considered [14,16,17], and more
recently, the interest shifted towards the use of lean duplex grades—which also have less Ni than
traditional austenitic grades. Though at this exact moment the Ni price is not as high as a decade ago
and the huge economic advantages that lean duplex had against the traditional austenitic grades have
been temporally reduced, the study of these grades is still interesting, because the instability in their
price is always a disadvantage of high-Ni austenitic stainless steels.
Some results have suggested that UNS S32304 lean duplex steel has clearly better corrosion
resistance than the austenitic S30400 steel in simulated pore solution tests [18] and in highly porous
mortar [19]. Moreover, in studies carried out in solutions with high-strength bars, the results obtained
for the S32304 were also better than those obtained for S30400 and S31600 [19], the lean duplex grade
being cheaper than the S31600. The improvement of the durability that can be achieved using S31600
instead of S30400 [14] is foreseeably lower than that achieved using S32304 instead of S30400 [1,20].
On the other hand, the lean duplex grade UNS S32001 has proved to have a similar corrosion resistance
to pitting onset than S30400 in tests in simulated concrete solutions [19], the current price of the former
being slightly lower.
Lean duplex steel can also have other advantages over austenitic reinforcements. Tests carried out
in solution indicate that the duplex microstructure in corrugated stainless bars favors a lower penetration
of the corrosive attack and seems to be able to decrease their progress rate [20]. When formed through
hot working, lean duplex steels exhibit ductility properties that give these materials advantages over
carbon steel or cold-worked stainless steel reinforcements for structures located in seismic zones [21].
Moreover, duplex stainless-steel reinforcements have demonstrated suitable stress corrosion cracking
behavior in tests carried out in simulated pore solutions with chlorides [15,22].
It is true that results have also been published where the corrosion behavior of lean duplex steel
seemed worse than that of the traditional austenitic steels such as S30400 [23–25], especially when
S32101 is considered. So, the interest in clarifying this controversy fosters the need for carrying out
more research about the durability of these types of reinforcements. Bearing in mind that a great part
of the previous research on the corrosion behavior of lean duplex steel has been carried out in solution,
it is interesting to obtain more information through tests in concrete or mortar. There are factors that
can meaningfully affect the corrosion behavior of reinforcements which cannot be simulated in solution
tests, as has been discussed in previous publications [2].
The alkaline reserve is a key factor for the durability of the reinforcements, as the corrosion
resistance of the carbon steel has proved to vary following the [Cl−]/[OH−]3 ratio [26]. The pH of the
pore solution can not only determine the nature of the protective layer formed on the stainless-steel
reinforcements [5], but also control the acidification process associated with the pit development [27].
In practice, the alkaline reserve tends to decrease progressively due to the reaction of some hydration
products of the mortar with the CO2 of the air [28], and new, more ecologically-friendly cementitious
materials (as many hybrid cements) have lower alkalinity in their pore solutions due to a lack of
meaningful amounts of portlandite [29]. In environments with chlorides, duplex stainless steels
embedded in concrete manufactured with pure CEM I have proved to show higher corrosion resistance
than those embedded in concrete with 36% pozzolan in the cementitious material [30].
To date, previous studies have been carried out in fully carbonated media or in media whose
pHs correspond to the one given by a saturated Ca(OH)2 solution or higher, but it is also relevant
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to confirm the performance of the reinforcements at intermediate alkalinity conditions that can be
normal in practice in aged structures and/or structures manufactured with some ecologically friendly
cementitious materials.
2. Experimental
Two different lean duplex stainless steel grades were considered in the study: UNS S32304 (also
known as SAF 2304 or EN 1.4362 grade) and UNS S32001 (also known as SAF 2001 or EN 1.4482
grade). The bars were manufactured by Roldan (Acerinox Group, Ponferrada, Spain) to be used as
reinforcements in concrete structures. Both types of corrugated bars were manufactured through hot
working, and had 16 mm diameter. Tables 1 and 2 show the mechanical properties of the stainless-steel
bars and their chemical compositions, respectively. The S32304 differs from the traditional UNS S32205
grade mainly because of its very low Mo content, while the S32001 is an even less-alloyed grade that
also has a lower Ni content.
Table 1. Mechanical properties of the duplex stainless-steel bars.
UNS Grade Ultimate Tensile Strength (MPa) Yield Strength (MPa) Elongation (%)
S32304 769 568 38
S32001 824 553 44
Table 2. Chemical composition (w/w) of the duplex stainless-steel bars.
UNS Grade
Chemical Composition (%)
C S Si Mn Cr Ni Mo N Cu Fe
S32304 0.017 0.002 0.57 1.68 23.7 4.32 0.24 0.153 0.186 Bal.
S32001 0.025 0.002 0.75 4.39 20.6 1.74 0.22 0.124 0.073 Bal.
The corrugated stainless-steel reinforcements were partly embedded in mortars that were
manufactured using a cement/sand/water ratio of 1/3/0.6 (w/w). The cement used was CEM IV/B-(P-V)
32.5 V, and the sand was standardized CEN-NORMSAND (according to DIN EN 196-1 standard).
Part of the samples were manufactured with 3% CaCl2 additions (i.e., 1.9% Cl), weighed in relation to
the cement amount. As a reference, it has become a common practice to limit the tolerable chloride
content to around 0.4% of the weight of cement in European countries and in North America [31], so
the added chloride content is clearly over the limit fixed for carbon steel reinforcements (4.75 times
higher).
Cylindrical mortar samples were used (Figure 1), being 1.5 cm the thickness of the mortar cover.
The corrugated surfaces of the bars were studied in as-received, industrially passivated condition,
without any mill scale. The length of the bar exposed to the mortar was always 3 cm. The surface of
bars exposed to mortars was delimited using an isolating tape. All cross-sections of the bars embedded
in mortar were previously polished to 320# and passivated in the laboratory with 12% (w/w) HNO3
for 2 min in order to reproduce the process carried out in the industry for improving the passivity of
corrugated stainless steels.
After their manufacturing, the reinforced mortar samples were cured for 30 days at 20 ± 1 ◦C
at 92–93% relative humidity, and then half of the cured reinforced mortar samples were submitted
to a partial carbonation. The process was carried out in a chamber where 10% CO2 enriched air was
injected. The temperature in the chamber was 18 ± 1 ◦C and the relative humidity ranged between
75–80%. The exposure in the chamber lasted 15 days. The duration of the process had been previously
explored using unreinforced control samples with the aim of achieving a slight decrease in the pH.
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Figure 1. Scheme of the reinforcing mortar samples used in the study.
The reinforced samples were exposed at room temperature to four different aggressive conditions
for 6 years:
- HH: Non-carbonated samples manufactured without chlorides and exposed to high relative
humidity (between 90% and 95%).
- PI: Non-carbonated samples manufactured without chlorides and partially immersed in 3.5%
(w/w) NaCl solution and at high relative humidity. In this case, the level of the solution was kept
coinciding with the middle of the exposed length of the bars embedded in the mortar.
- HH-PC: Partially carbonated samples manufactured without chlorides and exposed to high
relative humidity (90–95%).
- PI-PC: Partially carbonated samples manufactured without chlorides, partially immersed in 3.5%
(w/w) NaCl solution and at high relative humidity. In this case, the level of the solution was also
kept coinciding with the middle of the exposed length of the bars embedded in the mortar.
Three samples reinforced with S32304 bars and three with S32001 bars were exposed to each of
the four considered conditions.
Corrosion potential (Ecorr) and electrochemical impedance spectroscopy (EIS) measurements were
used to monitor the corrosion behavior of all the samples during the 6-year exposure. A saturated
calomel electrode (SCE) was used as reference to obtain the Ecorr. For the EIS measurements,
a three-electrode configuration was employed. The surface of corrugated duplex stainless steels
exposed to the mortar acted as a working electrode, the reference electrode was a SCE, and the
counter-electrode was a copper cylinder with a diameter slightly higher than that of the mortar samples.
A wet pad was used to ensure a good contact between the mortar and the counter-electrode. Additional
information about the arrangement of the electrodes can be found in [2]. The EIS spectra were acquired
using a perturbation signal of 10 mVrms of amplitude, from 104 to 10−3 Hz. Five points per decade were
measured. EIS measurements were performed using a potentiostat/galvanostat Solartron Modulab
(Ametek Scientific Instruments, Oak Ridge, TN, USA) with Modulab ECS software.
After the 6-year exposure period, the reinforced mortar samples were submitted to anodic
polarization tests. The tests started from the Ecorr and potential was increased in steps of 20 mV,
with duration of 10 min. When a potential of about 100 mV vs. SCE was reached, the length of the steps
increased up to 1 h. The increasing length of the steps was needed due to higher difficulties in stabilizing
the current signal after the pulses when the anodic overpotential increases. The polarization steps
finished at 700 mV vs. SCE. The current densities plotted in the anodic polarization curves correspond
to the stabilization values of the current after each potential step. This strategy was specifically
designed to easily discriminate the interferences of the mortar resistivity in the measurements, and to
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obtain more reliable current values at high anodic overpotentials, where the transitories become more
difficult to stabilize. More details about this type of test can be found in [2]. The anodic pulses were
performed using the same potentiostat/galvanostat as for EIS measurements.
After the polarization tests, the samples were broken in half and the pH of the studied tested
mortars was checked again after exposure using indicators (phenolphthalein and yellow alizarin).
Phenolphthalein is commonly used to determine the advance of the carbonation front, but it is sensitive
only to very extreme carbonation, and so its use has been questioned [32]. Phenolphthalein is colorless
at pH < 8.3 and violet at pH > 10.0. Thus, the mortar becomes colorless with phenolphthalein only
when a very large amount of CO2 from the atmosphere has reacted, and the carbonate/bicarbonate
buffer (that keeps pH around 10.2) has already been broken. Yellow alizarin is yellow at pH < 10.2 and
red at pH > 12.0, so it changes its color at more alkaline pHs than phenolphthalein. In our study, part of
the surface of each broken sample was sprayed with phenolphthalein and part with yellow alizarin to
check the variation of the alkalinity of the mortar caused by the exposure in the carbonation chamber.
The total chloride content in different regions of the tested samples was measured by X-ray
fluorescence spectrometry (XRF) [33]. The measurements were carried out after the 6-year exposure.
Specimens coming from three different regions, labeled as 1, 2, and 3 in Figure 1, were evaluated.
The equipment used was a SPECTRO XEPOS III X-ray Spectrometer (Spectro, Kleve, Germany) with
XLabPro 4.5 Software. The given values for Cl− concentration are the average of four measurements in
each region of different mortar samples and they are expressed in relation to the mortar weight.
After cleaning the surfaces of the bars, the morphology and localization of the attack on them
were studied. The possible preferential corrosion of the phases in duplex stainless-steel bars was
analyzed by scanning electron microscopy (SEM, Philips, Eindhoven, Netherlands) using a Philips
XL30, under voltages ranging between 15 and 17 kV.
3. Results and Discussion
In Figures 2 and 3, information about the pH and the amount of chlorides determined for the
mortar samples at the end of the 6-year corrosion tests is shown, with the aim of facilitating a better
understanding of the corrosion results that could be seen immediately afterwards.
 
Figure 2. Image of a broken reinforced sample previously exposed to CO2, after the use of
phenolphthalein (left) and yellow alizarin (right) indicators to check pH.
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Figure 3. Chloride contents determined at the end of the 6-year exposure for reinforced mortar samples
tested in different conditions. The numbers on the x-axis correspond to the regions marked in Figure 1.
Figure 2 shows an example of the results obtained after the use of phenolphthalein (on the left
part of the broken mortar) and yellow alizarin (on the right part). The use of both indicators indicates
that the mortar samples which were previously exposed inside the carbonation chamber had a pore
solution pH similar to that given by the carbonate/bicarbonate buffer (around 10.2) or higher, as the
surface wetted with phenolphthalein became violet (i.e., pH > 10) and the surface wetted with yellow
alizarine was yellow and slightly reddish (i.e., pH < 12). So, the samples had a reduced alkaline reserve
and their pHs can be initially considered as between 10 and 12.
The amount of chlorides determined by XRF can be seen Figure 3. In the samples where the
chlorides were added during manufacturing (HH and HH-PC), the chloride distribution was uniform
throughout the mortar, as expected. The obtained results also show that there were no meaningful
differences among the chloride contents of studied regions (Figure 1) in the PI and PI-PC samples after
the 6-year immersion period. Though it is feasible to assume that those differences would exist initially,
as the chlorides penetrated from the surface of the lowest half of the mortar to the bulk of the mortar
and subsequently diffused to the upper half, the concentrations of this depassivant ion seemed to be
equalized at the end of the exposure on all the mortars covering the tested surface of the bars.
The data in Figure 3 also show that the long-term partial immersion exposure increased the
chloride contents in the mortar to values higher than those of the HH and HH-PC samples. The PI-PC
samples tended to have lower chloride concentration than the PI samples. This has also been observed
in previous research, when the chloride concentrations in non-carbonated mortars [2] were compared
to those in carbonated mortars [3] after similar long-term natural diffusion studies. The precipitation
of some carbonates inside the pores of the mortar due to the reaction of the CO2 of the chamber with
the hydroxides of the pore solution should obviously represent a slight blockage for the diffusion of
chloride ions [34].
The chloride concentrations determined for the PI and PI-PC samples (Figure 3) were about 3.5%
and 3%, respectively when they were related to the weight of cement. Bearing in mind the previous
results reported by Gastaldi et al. [24], they imply a clear corrosion risk at room temperature under
potentiostatic polarizations at 200 mV for non-aged concrete samples. The chloride concentrations for
the HH and HH-PC (about 2% in relation to the weight of cement) would not imply corrosion for lean
duplex bars in the conditions of the cited study [24].
The results from the Ecorr measurements carried out during the exposure of mortar samples
are summarized in Figures 4 and 5. In these figures, the relationship between Ecorr and corrosion
probability proposed in the ASTM C876 standard is included. The standard proposes this criterion for
non-coated carbon steel reinforcements, but previous results of our group [2,3,35,36] prove its utility
also for monitoring stainless steel reinforcements.
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Figure 4. Corrosion potential (Ecorr) values obtained for S32304 steel tested under different conditions.
SCE: saturated calomel electrode.
Figure 5. Ecorr values obtained for S32001 steel tested under different conditions.
In Figure 4, the average Ecorr values obtained for the S32304 bars in each exposure condition are
plotted at different times. The vast majority of the measured Ecorr were clearly in the region with
passivity probability over 90%. Only one S32304 bar exposed to PI-PC exhibited twice the Ecorr values in
the region of uncertain corrosion activity (between −125 and −275 mV vs. SCE) during the monitoring
period. This behavior was detected for the same bar S32304 at 15 and at 48 months of exposure,
while the other two S32304 bars exposed in the same condition always kept their Ecorr in the passivity
region. The slight dispersion observed among the performances of different but theoretically identical
samples is easy to understand, as corrosion is a phenomenon very sensitive to small, difficult-to-control
variables related to metal surface and the surrounding medium. This experimental dispersion is
especially foreseeable when real corrugated surfaces are considered in a heterogeneous medium such
as mortar. The results plotted in Figure 4 suggest that S32304 could stand the four aggressive conditions
tested, though there is a small possibility that its performance could be endangered if they were
embedded in porous mortars with low alkaline reserve and exposed to high chloride concentrations
and/or differential aeration cells (i.e., PI-PC condition).
The results from the Ecorr monitoring of the least-alloyed steel (S32001) are plotted in Figure 5.
The samples exposed to HH and HH-PC always showed Ecorr values characteristic of passivity,
with very few random values in the region of uncertain corrosion activity. The same occurred for the
S32001 samples exposed to PI, though one of the three studied samples had its Ecorr in the region with
a corrosion probability >90% after 73 months of exposure. The PI-PC condition again seemed to be the
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most aggressive, often shifting the sample Ecorr from the passivity to uncertainty region and vice versa.
Moreover, one bar of S32001 in PI-PC had its Ecorr in the corrosion probability >90% region after 9
months of exposure, other after 36 months and the third after 68 months, though these low Ecorr values
always increased again after a short time in the considered monitoring period. These Ecorr oscillations
suggest that if corrosion onset occurs, repassivation will probably take place later.
With the aim of checking the validity of the corrosion trend suggested by the Ecorr and obtaining
more information about the real corrosion rate of the samples and their passivation mechanism,
a complete EIS study was carried out at the same time during the testing period. Spectra such as those
shown in the examples in Figure 6a were obtained during the study. To achieve a proper simulation
of this experimental behavior, it was checked that the equivalent circuit plotted in Figure 6b was
necessary. This equivalent circuit comprises (in series with the mortar resistance (Rm)) three time
constants. The lowest-frequency time constant has often been identified with the charge transfer
process taking place on the surface of stainless steel rebars, Rt being the charge transfer resistance and
CPEdl the constant phase element used to simulate the non-ideal capacitive behavior of the double
layer. The medium-frequencies time constant is identified with the electrical behavior of the passive
layer formed on the reinforcements, Rpl and CPEpl being the resistance and the constant phase element
used to simulate the resistive and the non-ideal capacitive behaviors of this layer. The identification of
the phenomenon taking place at low and medium frequencies is a controversial point in the previous
literature, as some studies have identified the charge transfer process with that occurring at medium
frequencies [25], while others have identified it with that occurring at high frequencies [12]. The authors
consider that if Rpl would be on the order of magnitude of the resistance at low frequency, the ohmic
drop at the surface of the passive materials would be huge, and this is not the case.
 
Figure 6. (a) Examples of electrochemical impedance spectroscopy (EIS) spectra, corresponding to
S32001 steel tested under HH condition at two different times. Dots correspond to experimental data,
and lines correspond to fitting. (b) Equivalent circuit used to simulate all the EIS spectra.
The high-medium frequencies time constant was identified with the resistance (RL) and capacitive
behavior (CPEL) of the layer of Ca-rich hydration products formed on the surface of the bars,
whose presence and characteristics have been previously studied [37–39]. A circuit similar to that
in Figure 6b—but without the high–medium frequencies time constant—has been used in other
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studies to simulate the electrochemical performance of stainless-steel reinforcements in simulated
pore solutions [5,12] and in mortar [2,20]. The length of the study and the high-quality search for the
simulation have proved the interest in including this new time constant that has been identified with
the layer of hydration products.
All the results obtained from the simulation of the EIS spectra for the different exposure conditions
are summarized in Tables 3–6. The values of parameters related to the mortar (Rm, RL, and CPEL and
its associated nL) correspond to the mean values of measurements carried out in samples reinforced
with S32001 and S32304. The values corresponding to parameters related to the electrochemical
behavior of the stainless steels (Rpl, CPEpl, npl, Rt, CPEdl, and ndl) are shown bearing in mind the
nature of the reinforcement. The standard deviations corresponding to the experimental dispersion of
the measurements are included in the tables.
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After several months of exposure, when the monitoring started, the mortar had already become a
quite stable material, and so the Rm hardly changed during the testing period. Any decrease of Rm
due to chloride diffusion was masked by the curing of the mortar. The HH-PC mortar (Table 6) shows
Rm that tended to increase with time and that became clearly higher than those determined for other
conditions (Tables 3–5) after 2 years of exposure.
The values related to the layer of hydration products formed on the surface show that, after some
time, it was more resistive in PI mortars (Table 3). In PI-PC (Table 4), the partial carbonation seemed
to reduce their electrochemical influence in the spectra, the determined RL values being lower than
those obtained for PI materials (Table 3). Moreover, when the first measurements were carried out,
the nL values obtained for partially immersed samples (PI and PI-PC) were already lower than those
obtained for samples exposed at high relative humidity (HH and HH-PC) (Tables 5 and 6). It is also
clear that while nL kept its value relatively constant in HH and HH-PC samples during the exposure,
this parameter decreased its value with time in PI and PI-PC samples. This suggests that when the
pores are saturated with water and/or the chloride content is very high, the deposits tend to become
less homogeneous with time.
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On the other hand, the values corresponding to Rpl tended to increase with time when the mortar
was not carbonated (PI and HH) (Tables 3 and 5), and the trend was not clear for passive layers
in less alkaline media (PI-PC and HH-PC) (Tables 4 and 6). The Rpl values obtained for the lean
duplex in this study were somewhat lower than those reported for austenitic stainless steels in studies
carried out in similar conditions [2,3]. The CPEdl values obtained for PI and PI-PC (Tables 3 and 4)
seemed higher than those obtained for HH and HH-PC (Tables 5 and 6), which could imply that the
fuller the saturation of the pores, or perhaps the higher chloride content of their solution (Figure 3),
the thinner—that is, more capacitive—the passive layers.
The most relevant parameter for the corrosion kinetics of the reinforcements is the low-frequency
resistance. The Rt values were orders of magnitude higher than the other resistances identified in
the spectra (Tables 3–6), so, the charge transfer process was the controlling rate step, and Rt can be
directly related with the polarization resistance, Rp, in the Stern-Geary equation [40] and can be used
to calculate the corrosion rate (icorr). If a value for the B constant of 50 mV is assumed (as is usually
done for passive steels in concrete and mortar [41]), the icorr of each reinforcement for each time and
condition can be easily calculated. The average icorr values obtained for S32304 and S32001 lean duplex
reinforcements in the different testing conditions considered can be seen in Figures 7 and 8, respectively.
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Figure 7. Corrosion rate (icorr) values calculated from EIS experiments for S32304 steel under different
testing conditions.
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Figure 8. Corrosion rate (icorr) values calculated from EIS experiments for S32001 steel under different
testing conditions.
In Figure 7, it can be seen that S32304 stainless steel always kept its average icorr inside the range
of values typical of passive steel [42,43]. The PI-PC condition was confirmed to be the most aggressive
one, and one of the three bars tested in this condition, at three different times during the testing period,
had icorr approaching or slightly surpassing the 0.1 μA/cm2 limit. These three icorr values correspond
to Ecorr in the range of uncertain corrosion activity (Figure 4). It is important to stress that, although
some very low-intensity corrosion activity occasionally occurs in S32304 reinforcements when they
have been exposed to very high chloride concentration and the mortar pores are water saturated, when
this low-intensity attack took place during the testing period, it was always repassivated. The results
obtained for S32304 were similar to those obtained for austenitic S30400 in mortars exposed in similar
non-carbonated conditions [2], and they agreed with previous results about the corrosion resistance of
this lean duplex grade obtained in solution tests [18].
The results regarding the icorr measured for S32001 reinforcements can be seen in Figure 8.
The PI-PC condition was confirmed to be especially dangerous for the cheapest grade under study.
Meaningful icorr values were occasionally measured for this low-alloyed duplex stainless steel in this
condition (after 42 months and at the end of exposure for the three tested rebars, and also after 68
months for two of them). The S32001 steel in PI condition had a single icorr value slightly higher
than 0.1 μA/cm2, and this point corresponds to an Ecorr in the range of uncertain corrosion activity,
although there were other Ecorr values for S32001 in PI treatment in the range of uncertain corrosion
activity whose icorr clearly corresponded to passive reinforcements. Previous results in fully carbonated
solutions have already suggested that S32001 grade steel could suffer chloride-induced corrosion in
this media [18]. However, the values obtained for S32001 reinforcements in PI suggest that the higher
chloride content in the mortar than in the HH-PC could more strongly affect the icorr than the decrease
in the alkaline reserve performed in this study before the exposures. Pitting corrosion has already
been reported for S32001 when the bars were embedded in extremely porous chloride-contaminated
mortar [19].
The anodic polarizations carried out at variable, very low rate in all the samples after the
exposure allowed us to obtain the results shown in Figures 9 and 10. Although carried out until high
anodic polarizations, these studies were always performed in the region of water stability. None of
the samples of both studied lean duplex—when they were previously exposed to HH and HH-PC
conditions—seemed to pit during the polarization tests. The increases in the current density at potential
about 200 mV vs. SCE have been previously identified in tests carried out in alkaline solutions, with the
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current corresponding to the oxidation of the Cr2O3 present in the passive layer of the stainless steels
into CrO42− [15,21]. The fact that these peaks did not suffer a high shift for the samples that had
been initially exposed to CO2 [15] indicates that the decrease caused in the pH of the mortar was
small. If these results are complemented with those in Figure 2, it can be concluded that the pH of the
pore solution in mortar previously exposed to CO2 was slightly below 12. Hence, the decrease in the
alkaline reserve of the mortar is the main effect achieved by the exposure in the carbonation chamber
that allows us to explain the differences observed between HH and HH-PC and among samples.
Figure 9. Anodic polarization curves obtained for S32304.
Figure 10. Anodic polarization curves obtained for S32001.
After six years of exposure in HH, HH-PC, and PI treatments, S32304 samples exhibited a
very stable passivity (Figure 9). However, after exposures in PI-PC, the samples increased their
current density when they were submitted to very small anodic overpotentials, reaching values
about 0.3–0.5 μA/cm2. This could be considered a worrisome situation if very-long-term durability
is expected, as the values are close to corrosion rates that could be considered high or moderate [43].
Moreover, intense pitting activity was also detected at very high anodic overpotentials (+625 mV vs.
SCE in the example in Figure 9), when a partial oxidation and dissolution of the passive layer had
already taken place (at about 200 mV vs. SCE). This intense pitting attack appeared at such high anodic
polarizations that its probability is very remote in practice.
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The polarization studies of the S32001 (Figure 10) confirmed the lower stability of its passivity,
as already suggested by the results in Figure 8. After exposure in PI-PC, the bars showed icorr values
characteristic of active corrosion at Ecorr, and the current densities increased at a moderate rate under
increasing anodic polarizations. An intense pitting activity began under moderately high anodic
overpotentials (+285 mV vs. SCE in the curve plotted in the figure). If the S32001 bars were embedded
in PI mortar, they only pitted at very high anodic overpotentials (between +460 and +500 mV vs. SCE).
The curves corresponding to S32001 embedded in mortars with lower chloride concentrations (HH
and HH-PC) suggest that no corrosion-related phenomena occurred during the anodic polarization of
the bars. After the polarization tests, the mortar cover of the samples was broken and the bars were
cleaned to allow a study of the location and morphology of the pits. Besides some mortar adherences
and small surface damages caused by the mechanical cleaning process, only visible pits were found in
the bars that showed high anodic currents when they were anodically polarized (S32304 after PI-PC
and S32001 after PI-PC and PI). The pits (Figure 11) appeared mainly in the lower part of the immersed
area of the bars, suggesting that there is no special danger associated to partial immersion conditions,
in contrast to what occurs with carbon steel reinforced samples, where macrocell corrosion cannot
be considered negligible [44]. This difference could be related to the different corrosion mechanisms
taking place in stainless steels and in carbon steel. Moreover, the location of the pits was not related to
ribs or more strained regions of the bars. The fact that the studied bars were manufactured by hot
working could influence the pit location, as it has already been proved that the working method (i.e.,
hot or cold) determines the corrosion behavior of stainless-steel reinforcements [45]. Besides these
macroscopic pits, the presence of other microscopic pits cannot be discarded.
 
Figure 11. Example of visually detectable pits observed on the surface of tested steels.
The microstructural study of the tested bars allowed us to check that the duplex microstructure of
the stainless steels made it so that the attack proceeded by selective corrosion of the phases. In duplex
stainless steels, austenite always appeared as a discontinuous phase, surrounded by a continuous
phase (ferrite). This type of microstructure can be seen in Figure 12, where the etching previously
carried out made it so that the ferrite appeared on a lower plane than the austenite. The images
in Figure 12 correspond to damaged regions of the surface. The SEM study revealed non-corroded
regions, but also small localized attacks, in addition to the large pits already observed (Figure 11).
As can be seen in Figure 12a, in pits formed in regions of the corrugated surface which were only
moderately strained, austenite was dissolved selectively, while ferrite tended to remain uncorroded.
The higher tendency of ferrite to dissolve Cr can explain this observation. Ferrite should be more
Cr-rich than austenite, and therefore more corrosion resistant.
However, in very hard strained regions of the surface (e.g., corrugations or nerves),
the ferrite—which is substantially less ductile than the austenite—accumulated much more strain
during the working process. These very high stress concentrations in the ferrite decreased the corrosion
resistance of this phase, while the decrease caused in the austenite by the strain was not as high. Hence,
the relative corrosion resistance of austenite and ferrite reversed in the most strained regions of the
surface of the bars. In the pits formed in very strained regions, the ferrite corroded selectively, while the
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austenite (partially transformed into strain-induced martensite [46]) remained uncorroded (Figure 12b).
The selective dissolution of ferrite has already been reported for high-strength lean duplex bars (i.e.,
high-strained) when they were tested in simulated pore solutions [18].
Figure 12. SEM images of S32001 steel after polarization tests carried out after: (a) PI-PC, (b) PI-PC,
and (c) PI exposures. Images (a) and (b) were taken with backscattered electrons, while image (c) was
taken with secondary electrons.
The change in the relative corrosion resistance of the phases in duplex stainless steels when
submitted to strong deformations has already been observed and deeply discussed when they suffer
general corrosion in acid medium [47]. In this study, this was checked for both lean duplex stainless
steels tested in mortars with low alkaline reserve (Figure 12b), as well as in mortars that kept their
initial alkaline reserve (Figure 12c).
The duplex microstructure seemed to be able to stop the deepening of the attack once it was
initiated [21], as the most-corrosion-resistant phase can hinder the rate at which the corrosion
progresses through the least-corrosion-resistant phase [47] without meaningful galvanic effects. So,
the development of the attack through a selective corrosion mechanism can be considered as not
especially dangerous for the durability of the structures.
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4. Conclusions
In this work, interesting long-term results were obtained regarding the corrosion performance of
corrugated lean duplex stainless-steel bars. Those grades are becoming the most relevant material as
reinforcement for concrete structures exposed to marine environments, but the knowledge of their
behavior is limited. The most innovative conclusions that can be drawn from the results obtained
about the durability of S32304 and S32001 in chloride contaminated mortars are:
• S32304 steel was confirmed to be more corrosion resistant than S32001 (with lower Cr and Ni
contents).
• The durability of S32001 in environments with very high chloride content can be limited, though
other factors as the alkalinity of the cover also have a high impact.
• In mortars that keep their alkalinity, S32304 does not seem to have any corrosion risks for mortar
chloride contents up to 1.8% (w/w).The decrease in the alkaline reserve of the mortars—with only
a small decrease in their pH—could affect the corrosion behavior of both studied corrugated lean
duplex stainless steels in chloride-rich environments.
• The duplex structure of the stainless steels makes the corrosion proceed by selective corrosion of
the phases. Austenite corrodes preferentially except in the most-strained areas of the corrugated
surface, where ferrite dissolves selectively.
Author Contributions: Conceptualization, A.B.; methodology, A.B.; validation, A.B., F.V. and M.T.-C.; formal
analysis, A.B., F.V. and M.T.-C.; investigation, A.B., F.V. and M.T.-C.; resources, F.V.; data curation, A.B.;
writing—original draft preparation, A.B.; writing—review and editing, A.B., F.V. and M.T.-C.; supervision, A.B.;
funding acquisition, A.B. and F.V.
Funding: This work was founded by the Ministerio de Ciencia, Innovación y Universidades of Spain through the
project RTI2018-096428-B-I00.
Conflicts of Interest: The authors declare no conflict of interest.
References
1. Pachón-Montaño, A.; Sánchez-Montero, J.; Andrade, C.; Fullea, J.; Moreno, E.; Matres, V. Threshold
concentration of chlorides in concrete for stainless steel reinforcement: Classic austenitic and new duplex
stainless steel. Constr. Build. Mater. 2018, 186, 495–502. [CrossRef]
2. Bautista, A.; Paredes, E.C.; Velasco, F.; Alvarez, S.M. Corrugated stainless steels embedded in mortar for 9
years: Corrosion results of non-carbonated, chloride-contaminated samples. Constr. Build. Mater. 2015, 93,
350–359. [CrossRef]
3. Bautista, A.; Alvarez, S.M.; Paredes, E.C.; Velasco, F.; Guzmán, S. Corrugated stainless steels embedded in
carbonated mortars with and without chlorides: 9-Year corrosion results. Constr. Build. Mater. 2015, 95,
186–196. [CrossRef]
4. Fajardo, S.; Bastidas, D.M.; Ryan, M.P.; Criado, M.; McPhail, D.S.; Morris, R.J.H.; Bastidas, J.M. Low energy
SIMS characterization of passive oxide films formed on a low-nickel stainless steel in alkaline media.
Appl. Surf. Sci. 2014, 288, 423–429. [CrossRef]
5. Bautista, A.; Blanco, G.; Velasco, F.; Gutierrez, A.; Soriano, L.; Palomares, F.J.; Takenouti, H. Changes in the
passive layer of corrugated austenitic stainless steel of low nickel content due to exposure to simulated pore
solutions. Corros. Sci. 2009, 51, 785–792. [CrossRef]
6. Gardner, L.; Ng, K.T. Temperature development in structural stainless steel sections exposed to fire. Fire Saf.
J. 2006, 41, 185–203. [CrossRef]
7. Pérez-Quiroz, J.T.; Terán, J.; Herrera, M.J.; Martínez, M.; Genescá, J. Assessment of stainless steel reinforcement
for concrete structures rehabilitation. J. Constr. Steel Res. 2008, 64, 1317–1324. [CrossRef]
8. Callaghan, B.G. The performance of a 12% Cr chromium steel in concrete in severe marine environments.
Corros. Sci. 1993, 35, 1535–1541. [CrossRef]
9. Sedar, M.; Meral, C.; Kunz, M.; Bjegovic, D.; Wenk, H.-R.; Monteiro, P.J.M. Spatial distribution of crystalline
corrosion products formed during corrosion of stainless steel in concrete. Cem. Concr. Res. 2015, 71, 93–105.
[CrossRef]
81
Metals 2019, 9, 686
10. Kouril, M.; Novak, P.; Bojko, M. Threshold chloride concentration for stainless steel activation in concrete
pore solutions. Cem. Concr. Res. 2010, 40, 431–436. [CrossRef]
11. Itty, P.-A.; Sedar, M.; Meral, C.; Parkinson, D.; MacDowell, A.A.; Bjegovic, D.; Monteiro, P.J.M. In situ 3D
monitoring of corrosion on carbon steel and ferritic stainless steel embedded in cement paste. Corros. Sci.
2014, 83, 409–418. [CrossRef]
12. Luo, H.; Su, H.; Dong, C.; Xiao, K.; Li, X. Electrochemical and passivation behavior investigation of ferritic
stainless steel in simulated concrete pore media. Data Brief 2015, 5, 171–178. [CrossRef] [PubMed]
13. Bertolini, L.; Pedeferri, P. Laboratory and field experience on the use of stainless steels to improve the
durability of reinforced concrete. Corros. Rev. 2002, 20, 129–152. [CrossRef]
14. Bautista, A.; Blanco, G.; Velasco, F. Corrosion behaviour of low-nickel austenitic stainless steels reinforcements:
A comparative study in simulated pore solutions. Cem. Concr. Res. 2006, 36, 1922–1930. [CrossRef]
15. Moser, R.; Singh, P.M.; Kahn, L.F.; Kurtis, K.E.; González-Niño, D.; McClelland, Z.B. Crevice corrosion
and environmentally assisted cracking of high-strength duplex stainless steels in simulated concrete pore
solutions. Constr. Build. Mater. 2019, 203, 366–376. [CrossRef]
16. Fajardo, S.; Bastidas, D.M.; Criado, M.; Bastidas, J.M. Electrochemical study of a new-low nickel stainless teel
in carbonated solution in the presence of chlorides. Electrochim. Acta 2014, 129, 160–170. [CrossRef]
17. Freire, L.; Novoa, X.R.; Pena, G.; Vivier, V. On the corrosion mechanism of AISI 204Cu stainless steel in
chlorinated alkaline media. Corros. Sci. 2008, 50, 3205–3212. [CrossRef]
18. Moser, R.D.; Singh, P.M.; Kahn, L.F.; Kurtis, K.E. Chloride-induced corrosion resistance of high-strength
stainless steels in simulated alkaline and carbonated concrete pore solutions. Corros. Sci. 2012, 57, 241–253.
[CrossRef]
19. Sedar, M.; Zulj, L.V.; Bjegovic, D. Long-term corrosion behaviour of stainless reinforcing steel in mortar
exposed in chloride environment. Corros. Sci. 2013, 69, 149–157. [CrossRef]
20. Alvarez, S.M.; Bautista, A.; Velasco, F. Corrosion resistance of corrugated lean duplex stainless steel in
simulated concrete pore solutions. Corros. Sci. 2011, 53, 1748–1755. [CrossRef]
21. Medina, E.; Medina, J.M.; Cobo, A.; Bastidas, D.M. Evaluation of mechanical and structural behavior of
austenitic and duplex stainless steel reinforcements. Constr. Build. Mater. 2015, 78, 1–15. [CrossRef]
22. Briz, E.; Biezma, M.V.; Bastidas, D.M. Stress corrosion cracking of new 2001 lean–duplex stainless steel
reinforcements in chloride contained concrete pore solution: An electrochemical study. Constr. Build. Mater.
2018, 192, 1–8. [CrossRef]
23. Bertolini, L.; Gastaldi, M. Corrosion resistance of low-nickel duplex stainless steel rebars. Mater. Corros. 2011,
62, 120–129. [CrossRef]
24. Gastaldi, M.; Bertolini, L. Effect of temperature on the corrosion behavior of new-low nickel stainless steel in
concrete. Cem. Concr. Res. 2014, 56, 52–60. [CrossRef]
25. Duarte, R.G.; Castela, A.S.; Neves, R.; Freire, L.; Montemor, M.F. Corrosion behaviour of stainless steel
rebars embedded in concrete: An electrochemical impedance spectroscopy study. Electrochim. Acta 2014, 124,
218–224. [CrossRef]
26. Mundra, S.; Criado, M.; Bernal, S.A.; Provis, J.L. Chloride-induced corrosion of steel rebars in simulated pore
solutions of alkali-activated concretes. Cem. Concr. Res. 2017, 100, 385–397. [CrossRef]
27. Gonzalez, J.A.; Otero, E.; Feliu, S.; Bautista, A.; Ramírez, E.; Rodríguez, P.; López, W. Some considerations
on the effect of chloride ions on the corrosion of steel reinforcements embedded in concrete structures.
Mag. Concr. Res. 1998, 50, 189–199. [CrossRef]
28. Paul, S.C.; Panda, B.; Huang, Y.; Garg, A.; Peng, X. An empirical model design for evaluation and estimation
of carbonation depth in concrete. Measurement 2018, 124, 205–210. [CrossRef]
29. Angulo-Ramírez, D.E.; Mejía de Gutiérrez, R.; Valencia-Saavedra, W.G.; de Medeiros, M.H.F.; Hoppe-Filho, J.
Carbonation of hybrid concrete with high blast furnace slag content and its impact on structural steel
corrosion. Mater. Constr. 2019, 69, e182. [CrossRef]
30. Alonso, M.C.; Luna, F.J.; Criado, M. Corrosion behavior of duplex stainless steelreinforcement in ternary
binder concrete exposed to natural chloride penetration. Constr. Build. Mater. 2019, 199, 385–395. [CrossRef]
31. RILEM. Draft recommendation for repair strategies for concrete structures damaged by reinforcement
corrosion. Mater. Struct. 1994, 27, 415–438. [CrossRef]
32. Czarnecki, L.; Woyciechowski, P. Concrete carbonation as a limited process and its relevance to concrete
cover thickness. ACI Mater. J. 2012, 109, 275–282.
82
Metals 2019, 9, 686
33. Dhir, R.K.; Jones, M.R.; Ahmed, H.E.H. Determination of total and soluble chlorides in concrete. Cem. Concr.
Res. 1990, 20, 579–590. [CrossRef]
34. Song, H.-K.; Kwon, S.J. Permeability characteristics of carbonated concrete considering capillary pore
structure. Cem. Concr. Res. 2007, 37, 909–915. [CrossRef]
35. Bautista, A.; Paredes, E.C.; Alvarez, S.M.; Velasco, F. Welded, sandblasted, stainless steel corrugated bars
in non-carbonated and carbonated mortars: A 9-year corrosion study. Corros. Sci. 2016, 103, 363–372.
[CrossRef]
36. Paredes, E.C.; Bautista, A.; Velasco, F.; Alvarez, S.M. Welded, pickled stainless steel reinforcements: Corrosion
results after 9 years in mortar. Mag. Concr. Res. 2016, 68, 1099–1109. [CrossRef]
37. Page, C.L. Mechanism of corrosion protection in reinforced-concrete marine structures. Nature 1975, 258,
514–515. [CrossRef]
38. Glass, G.K.; Yang, R.; Dickhaus, T.; Buenfeld, N.R. Backscattered electron imaging of the steel-concrete
interface. Corros. Sci. 2001, 43, 605–610. [CrossRef]
39. Chen, F.; Chun-Qing, L.; Baji, H.; Baogue, M. Quantification of steel-concrete interface in reinforced concrete
using Backscattered Electron imaging technique. Contr. Build. Mater. 2018, 179, 420–429. [CrossRef]
40. Stern, M.; Geary, A. Electrochemical polarization I. A theoretical analysis of the shape of the polarization
curves. J. Electrochem. Soc. 1957, 104, 56–58. [CrossRef]
41. Andrade, C.; Gonzalez, J.A. Quantitative measurements of corrosion rate of reinforcing steel embedded in
concrete using polarization resistance measurements. Mater. Corros. 1978, 29, 515–519. [CrossRef]
42. Stefanoni, M.; Angst, U.; Elsener, B. Corrosion rate of carbon steel in carbonated concrete—A critical review.
Cem. Concr. Res. 2018, 103, 35–48. [CrossRef]
43. Song, H.W.; Saraswathy, V. Corrosion monitoring of reinforced concrete structures—A review. Int. J.
Electrochem. Sci. 2007, 2, 1–28.
44. Revert, A.B.; Hornbostel, K.; De Weerdt, K.; Geiker, M.R. Macrocell corrosion in carbonated Portland and
Portland-fly ash concrete—Contribution and mechanism. Cem. Concr. Res. 2019, 116, 273–283. [CrossRef]
45. Paredes, E.C.; Bautista, A.; Alvarez, S.M.; Velasco, F. Influence of the forming process of corrugated stainless
steels on their corrosion behaviour in simulated pore solutions. Corros. Sci. 2012, 58, 52–61. [CrossRef]
46. Monrrabal, G.; Bautista, A.; Guzman, S.; Gutierrez, C.; Velasco, F. Influence of the cold working induced
martensite on the electrochemical behavior of AISI 304 stainless steel surfaces. J. Mater. Res. Technol. 2019, 8,
1135–1346. [CrossRef]
47. Bautista, A.; Alvarez, S.M.; Velasco, F. Selective corrosion of duplex stainless steel bars in acid. Part II: Effect
of the surface strain and numerical analysis. Mater. Corros. 2015, 66, 357–365. [CrossRef]
© 2019 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution





Corrosion Behavior of Different Brass Alloys for
Drinking Water Distribution Systems
Jamal Choucri 1,2, Federica Zanotto 1, Vincenzo Grassi 1, Andrea Balbo 1,
Mohamed Ebn Touhami 2, Ilyass Mansouri 3 and Cecilia Monticelli 1,*
1 Centro di Studi sulla Corrosione e Metallurgia “A. Daccò”, Dipartimento di Ingegneria, Università di
Ferrara, 44122 Ferrara, Italy; j.choucri@libero.it (J.C.); zntfrc@unife.it (F.Z.); vincenzo.grassi@unife.it (V.G.);
andrea.balbo@unife.it (A.B.)
2 Laboratory of Materials Engineering and Environment: Modeling and Application, Faculty of Science,
University Ibn Tofail, 14000 Kenitra, Morocco; m.ebntouhami@gmail.com
3 International Institute for Water and Sanitation (IEA), National Office of Electricity and the Potable Water,
90000 Rabat, Morocco; xilyas72@gmail.com
* Correspondence: mtc@unife.it; Tel.: +39-0532-455136
Received: 31 March 2019; Accepted: 2 June 2019; Published: 4 June 2019
Abstract: Some α + β’ brass components of drinking water distribution systems in Morocco
underwent early failures and were investigated to assess the nature and extent of the corrosion
attacks. They exhibited different corrosion forms, often accompanied by extensive β’ dezincification.
In order to offer viable alternatives to these traditional low cost materials, the corrosion behavior
of two representative α + β’ brass components was compared to that of brass alloys with nominal
compositions CuZn36Pb2As and CuZn21Si3P, marketed as dezincification resistant. CuZn21Si3P
is a recently developed eco-friendly brass produced without any arsenic or lead. Electrochemical
tests in simulated drinking water showed that after 10 days of immersion CuZn21Si3P exhibited
the highest polarization resistance (Rp) values but after longer immersion periods its Rp values
became comparable or lower than those of the other alloys. After 150 days, scanning electron
microscope coupled to energy dispersive spectroscopy (SEM-EDS) analyses evidenced that the
highest dezincification resistance was afforded by CuZn36Pb2As (longitudinal section of extruded
bar), exhibiting dealloying and subsequent oxidation of β’ only at a small depth. Limited surface
dealloying was also found on CuZn21Si3P, which underwent selective silicon and zinc dissolution and
negligible inner oxidation of both α and κ constituent phases, likely due to peculiar galvanic effects.
Keywords: brass; CuZn36Pb2As; CuZn21Si3P; corrosion; dezincification; simulated drinking water;
EIS; SEM-EDS; long immersion
1. Introduction
Corrosion is an important technological economic and social problem which can be controlled
after full knowledge of the alloy behavior under field conditions and proper choice of materials and
design solutions [1–3]. In the case of brass corrosion, the large-scale use of these alloys in drinking
water distribution systems for tube fittings, valves, and ancillaries may also determine human health
concerns due to Pb and Cu release in drinking water [4–6].
Brasses are copper-zinc alloys that contain 5–40% Zn as the principal alloying element. Zinc
concentrations up to 35% may dissolve in face-centered cubic (fcc) copper matrix to form a single solid
solution (α brass). When an even higher zinc content is added, a zinc-rich β’ second phase also forms,
characterized by body-centred cubic (bcc) lattice. Duplex α + β’ brasses are cheaper, easier to fabricate
and exhibit higher mechanical strength than α brasses, but the zinc-rich β’ phase exhibits a higher
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tendency to dezincification corrosion that leaves a porous layer of copper, structurally weakening the
component and leading to brittle failures [7–9].
Beside zinc, many other elements are present as both alloying additions to improve specific
properties, and impurities. Up to 3%, lead additions improve the alloy machinability, while beyond this
percentage lead has deleterious effects on casting properties, namely on shrinkage and hot tearing [9].
However, in low cost commercial brasses its content is often greater than this value, due to the
lack of strict control on alloying and impurity contents. Lead is insoluble in copper-zinc alloys and
during solidification it precipitates forming globules both at grain boundaries and within the matrix.
It produces little effects or some improvement of the corrosion resistance of the alloy, depending on the
specific environment and alloy compositions [10–12].
The pressure to have lead removed from commercial brasses pushed industry and research
studies to propose alternative alloys, either with reduced lead content or lead-free, and characterized
by good dezincification resistance [13]. Recently, Bi and Si were used as alternatives to lead in
free-cutting-brass [8]. Non toxic bismuth can play the role of lead in machinability without adverse
health effects [14], and proved to be neutral towards dezincification resistance of duplex and nearly
all α brasses [10]. Lead-free silicon brass containing 3% Si and 0.05% P was reported to offer good
machinability [15] and significant corrosion resistance, due to the formation of a protective silicon-rich
surface film (a sublayer of copper and zinc oxides topped by a protective zinc silicate film, according
to thermodynamic considerations [16]). It also exhibited dezincification resistance thanks to the
electrochemical phosphorus cycle, analogous to that afforded by arsenic. Actually, both arsenic
and phosphorus are reputed capable to limit copper redeposition by reducing Cu2+ ions to Cu+.
As also reported for As3+, P3+ ion leaching can also be avoided by its reaction with Cu metal which
brings it back to its elemental state [17,18]. The positive influence of arsenic, phosphorus, and
antimony against dezincification was well documented in various aggressive environments, mainly on
α brasses [10,19–21]. Arsenic showed some positive effects on α + β’ alloys too [10,22]. However, the
toxicity of arsenic and antimony should represent a limit to their wide use [23,24].
Dezincification of α [25,26] and α + β’ brasses was also prevented by tin addition, in the latter
alloys especially in the presence of nickel [27]. The formation of a protective surface SnO2 film was
reputed as the origin of this beneficial effect [25,27]. Other elements inhibiting dezincification were
aluminum which could improve brass corrosion behavior by forming a protective Al2O3 film [28] and
niobium which operated by alloying with β’-phase to suppress the preferential dissolution of zinc and
by forming a passivation layer that served as a barrier against chloride ions [29].
Most commercial brasses for drinking water distribution systems have an α + β’ structure due to
their significant mechanical properties and easy forming capability, but they are often affected by an
inadequate impurity control. Impurities of iron, manganese, nickel, and cobalt are usually detrimental
to the alloy dezincification resistance [10]. All alloying elements change the stability range of the β’
phase; in particular, an increase in their content (except for nickel) shifts the range of existence of the β’
phase toward lower zinc content [28].
In the first part of this paper, the relevance of dezincification in some failed components of drinking
water distribution systems in Morocco was evidenced. Then, the paper describes the results of tests
performed to study the actual corrosion behavior and dealloying resistance of possible alternative
alloys in comparison to two alloys selected among those of the failed service components. In the view
of the importance of dezincification in the investigated components, the selected brass alloys were
those characterized by the highest and the lowest dezincification resistance to the standard UNI EN
ISO 6509 dezincification test. The alternative dezincification resistant alloys had nominal compositions
CuZn36Pb2As and CuZn21Si3P of which the latter one is an interesting eco-friendly arsenic- and
lead-free silicon brass, with still scarcely investigated corrosion behavior in drinking water [16,17].
The comparative tests used to assess the alloy corrosion resistance and to study the corrosion mechanism
consisted of electrochemical tests (electrochemical impedance spectroscopy, electrochemical impedance
spectroscopy (EIS), and polarization curve recording) carried out at different immersion times during
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150 days of exposure to simulated drinking water (SDW). Moreover, surface investigations based on
scanning electron microscope (SEM) observations, coupled to energy dispersive spectroscopy (EDS)
analyses, were used to measure the dezincification depth and to further study the dealloying process.
2. Materials and Methods
Two types of brass samples were investigated, that is (i) forged brass components (F samples)
including pipe fittings, connectors, and valves for drinking water distribution systems and (ii)
bars (B samples). The first group included seven sample types (F1–7) extracted from drinking
water distribution systems in Morocco after early failures (service lives from 8 months to 5 years).
The quantitative chemical compositions of these samples obtained by optic emission spectrometry
(OES) and their failure times are reported in Table 1. Samples F1–7 mainly have compositions in the
range 54–57% Cu, 37–40% Zn, 2.3–4.6% Pb, and 0.5–1.4% Sn and exhibit significant Fe, Ni, and Si
contents (up to 0.6%, 0.4%, and 0.08%, respectively).
Table 1. Service lives (SL; y = years; m = months) and chemical compositions (in weight %) of the
examined forged brass components. Compositions were obtained by optic emission spectrometry
(OES).
Code SL Cu Zn Pb Sn P Mn Fe Ni Si As Sb Bi Al S
F1 3 y 57.42 38.89 2.63 0.450 0.0038 0.0080 0.388 0.208 0.0521 <0.0003 0.0310 0.00042 0.042 0.0011
F2 9 m 55.28 39.39 3.84 0.769 0.0058 0.0042 0.376 0.261 0.0095 <0.0003 0.0540 0.00278 0.072 0.0169
F3 8 m 54.34 40.49 3.57 0.509 0.0041 0.0160 0.379 0.225 0.0277 0.0217 0.0478 0.00227 0.476 0.0098
F4 5 y 57.42 37.63 2.39 1.127 0.0074 0.0380 0.605 0.325 0.0479 <0.0003 0.0537 0.00235 0.377 0.0019
F5 2 y 55.31 37.40 4.61 1.385 0.0066 0.0163 0.599 0.352 0.0436 <0.0003 0.1070 0.00490 0.271 0.0040
F6 2 y 56.59 40.33 2.28 0.370 0.0025 0.0073 0.259 0.129 0.0062 <0.0003 0.2310 0.00141 0.029 0.0287
F7 2 y 56.27 37.89 3.68 1.015 0.0057 0.0301 0.588 0.338 0.0348 <0.0003 0.0570 0.03543 0.270 0.0017
The second group of samples comprised two dezincification resistant alloys in bars, with nominal
composition CuZn36Pb2As (code B1) and CuZn21Si3P (code B2). Table 2 reports their composition
evaluated by OES: both of them contain small or negligible Fe, Mn, and Ni amounts. Si is absent in B1,
while in B2 the Si content is 3.3%.
Table 2. Chemical compositions (in weight %) of dezincification resistant alloys, evaluated by OES. Nominal
compositions of B1 and B2 are CuZn36Pb2As and CuZn21Si3P, respectively. (n.d. = not determined)
Code Cu Zn Pb Sn P Fe Ni Si As Al Altro
B1 61.70 35.83 1.90 0.11 n.d. 0.120 0.030 <0.0010 0.09 0.02 <0.2
B2 77.10 19.52 0.00 0.01 0.05 0.02 0.00 3.3 0.00 0.00 -
2.1. Standard Dezincification Test
Since in most failed components dezincification was detected as the main corrosion form or was
associated to other types of corrosion attack, the standard UNI EN ISO 6509 dezincification test was
performed to assess the dezincification resistance of all brass types and to select the alloys of failed
components to be further investigated by electrochemical tests. The exposed sample surfaces (area
about 1 cm2) were isolated by epoxy resin, prepared by grinding down to emery paper grade 500,
washed by distilled water and degreased by alcohol. Then, vertically oriented surfaces were exposed
to 1 wt. % CuCl2·2H2O solution for 24 h. B1 and B2 samples were prepared with both longitudinal (L)
and transverse (T) orientation, because the bar microstructure was anisotropic.
2.2. Electrochemical Tests in Simulated Drinking Water
Electrochemical tests were performed in simulated drinking water (SDW), i.e., deionized water
containing 400 ppm SO42− (4.2 mM), 400 ppm Cl− (11.2 mM), and 50 ppm NO3− (0.8 mM), as
sodium salts. This solution complies with drinking water composition requirements, according to
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Moroccan standard NM 03.7.001. In fact, the sulfate and nitrate concentrations correspond to the
maximum acceptance limits, while the chloride concentration is about one-half of the maximum
accepted concentration (that is 750 ppm).
The electrodes were prepared by soldering a copper wire on the back of brass samples to ensure
the electrical contact and then embedding them in epoxy resin (exposed surface area of 1 cm2).
For electrochemical tests, the final polishing was performed with 1 μm diamond paste.
Electrochemical tests were carried out in a conventional thermostated three-electrode cell by using
a PARSTAT 2273 potentiostat/galvanostat (Ametek, Berwyn, PA, USA), piloted by PowerSuite software
(v. 2.58, Advanced Measurement Technology, Inc., Oak Ridge, TN, USA). The reference and auxiliary
electrodes were a saturated calomel electrode (SCE) and a Pt sheet, respectively. All the potential
values quoted in the text are referred to the SCE. At least two experiments were carried out under each
experimental condition.
Nondestructive electrochemical impedance spectroscopy (EIS) tests were performed at specific
immersion times on the two alloys from failed components with the highest and the lowest susceptibility
to dezincification according to the standard UNI EN ISO 6509 and on samples extracted from bars,
with both transverse and longitudinal orientation (samples B1 (T and L) and B2 (T and L)). The tests
were carried out at the open circuit potential, during 150 days of immersion in SDW. During the tests,
a voltage perturbation amplitude of 10 mV (rms) was applied, in the frequency range 104–10−3 Hz,
with five points per frequency decade. EIS spectra were fitted by SAI ZView v.3.5c software (Scribner
Associates Inc., Southern Pines, NC, USA), according to the most suitable equivalent circuit, as
described in the text.
After selected immersion times, cathodic and anodic polarization curves were recorded at a scan
rate of 0.167 mV/s on separated electrodes always starting from the corrosion potential (Ecor) and
corrosion rates were evaluated by the Tafel method from the cathodic polarization curves.
2.3. Surface Observations
The microstructure of the alloys was investigated by a Leica DMRM optical microscope (OM)
(Leica Microsystems GmbH, Wetzlar, Germany) observations and, in some cases, also by scanning
electron microscope (SEM) (Zeiss EVO MA15 (Zeiss, Oberkochen, Germany)) analysis, after etching
with 10 wt. % FeCl3 solution. OM observations and SEM-EDS (for EDS: Oxford Aztec energy
dispersive X-ray spectroscopy system (Oxford, UK)) analyses (under an acceleration voltage of 20 kV)
also permitted the characterization of the morphology and nature of the corrosion attacks, both on
failed components and on samples exposed to SDW under free corrosion conditions.
3. Results
3.1. Microstructures of the Studied Materials
Samples F1–7 evidenced α + β’ microstructures containing dispersed Pb globules (as an example,
the microstructures of F3 and F4 are shown in Figure 1). In F1–7, the α volume fractions ranged from
41% to 69% (calculated by image analysis software) and, due to the significant amounts of Fe, Mn, Ni,
and Si impurities, also silicides of these metals were detected [29], better visible under SEM observation
(not shown). α and β’ have a nominal atomic composition of Cu3Zn and CuZn, respectively [18].
Figure 2 shows the microstructures of B1 and B2 both in transverse (T) and longitudinal (L) sections.
B1 showed an α fraction of 89% and in the figure the β’ phase is indicated by arrows. B2 exhibited
comparable fractions of α (pale pink in Figure 2) and κ phase (grey colored Si-rich phase in Figure 2,
with hexagonal lattice and nominal atomic composition Cu8Zn2Si [18]). This figure also evidences
that in L sections of B1 and B2 samples, the β’ and κ phases are more continuous and elongated in
the extrusion direction. In B2, SEM-EDS analysis also detected tiny particles of a third bright phase
(Figure 3a), which was located at the grain boundaries and corresponded to the cubic γ phase with
nominal composition Cu4ZnSi [18]. The compositions of α, κ, and γ phases (obtained by SEM-EDS
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as averages from at least six regions for each phase) are reported in Figure 3b. They result in good
agreement with the expected values, except in the case of γ phase, where the low measured Si content
was due to the small dimensions of this phase in comparison to the alloy volume analyzed under an
acceleration voltage of 20 kV.
 
Figure 1. Optical Microscope (OM) microstructures of etched F3 and F4 brass samples. They have α +
β’ microstructures (α is the pale brown phase and β’ is the dark brown one).
Figure 2. OM microstructures of etched longitudinal (L) (a,c) and transverse (T) (b,d) sections from
B1 (CuZn36Pb2As: a,b) and B2 (CuZn21Si3P: c,d) samples. In (a) and (b), α is pale brown and β’
(indicated by arrows) is yellowish. In (c) and (d), α is pale pink and κ is grey.
 
Figure 3. Backscattered (BSD)-scanning electron microscope (SEM) micrograph of etched B2
(CuZn21Si3P) with indication of α, κ, and γ phases (a) and average SEM-energy dispersive spectroscopy
(EDS) analysis (in atomic percentage) of the three phases (b).
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3.2. Corrosion Forms Observed in Drinking Water Systems in Morocco
F1–7 components presented untimely corrosion attacks after relatively short permanence periods
(from 8 months to 3 years) in contact with drinking water. Corrosion was essentially localized
on the less corrosion-resistant Zn-rich β’ phase and in most cases, it caused dezincification or
dezincification-favored corrosion forms.
As an example, Figure 4a,b shows plug and layer dezincification of the β’ phase, mainly detected
in correspondence of crevices such as on threaded surfaces or under gaskets. Many components
exhibited a selective attack with surface dissolution of the β’ phase which left a rough porous surface
(Figure 4c,d). In some components, this selective attack tended to penetrate inside the material where
occluded cell conditions could develop, likely determining relatively high chloride concentrations and
low pH values and stimulating both β’ and α phase subsurface corrosion (Figure 4e,f).
 
Figure 4. Forms of corrosion attack detected in failed components; (a) plug dezincification (F2
component); (b) layer dezincification (F6 component); (c) and (d): selective corrosion attack with
dissolution of the β’ phase (F3 component); (e) (F2 component) and (f) (F7 component): subsurface
corrosion and dezincification; (g) and (h): cracks, accompanied by dezincification (F7 component).
Arrows in (f–h) indicate porous copper produced by dezincification.
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Three pipe fittings showed cracks accompanied by more or less extensive dezincification
(Figure 4g,h). This could be due to the presence of Stress Corrosion Cracking (SCC), usually connected
to residual stresses and presence of specific aggressive environments. Actually, SCC of various brass
alloys was observed in sulfate solutions and drinking water installations [30–32].
3.3. Standard Dezincification Tests
In α + β’ samples, dezincification affected the less noble β’ phase. Therefore, given the
relatively high β’ percentage in F1–7, these samples exhibited great average (dav) and maximum
(dmax) dezincification depths (Table 3). F3 and F4 showed, respectively, the lowest and the highest
dezincification resistance and were selected for testing during the long time immersions in SDW.
As expected, B1 and B2 samples evidenced much better performances (Table 3). In the case of B1,
mainly constituted by α phase, the addition of As in the range 0.06–0.09% efficiently protected the alloy
by the so called “arsenic cycle” which prevents copper redeposition [19,20]. Similarly, an analogous
“phosphorus cycle” is claimed to protect CuZn21Si3 alloy containing 0.05% P (B2) from corrosion [10,33].
The performances of B1 and B2 were better in the case of L samples because on these samples, the less
noble β’ and κ phases were more discontinuous.
Table 3. Average dezincification depths (dav) with standard deviations (σ) and maximum dezincification
depths (dmax) after the standard UNI EN ISO 6509 dezincification test (24 h test).
Sample Code dav ± σ/μm dmax/μm Sample Code dav ± σ/μm dmax/μm
F1 794 ± 110 923 F5 803 ± 23 826
F2 936 ± 27 967 F6 889 ± 94 988
F3 1110 ± 23 1140 F7 866 ± 121 948
F4 363 ± 23 382
B1 (T) 32 ± 16 84.2 B2 (T) 25 ± 12 76.4
B1 (L) 20.1 ± 9.1 40.4 B2 (L) 14.6 ± 5.1 28.3
3.4. EIS Tests in SDW
The corrosion resistance of F3, F4, B1 (L and T), and B2 (L and T) in SDW was monitored by
recording the EIS spectra at specific immersion times, during 150 days of immersion.
Figure 5a–h shows the EIS spectra of F3, F4, B1(T), and B2(T) in Nyquist and Bode (angle vs.
frequency) forms, at specific immersion times. In F3 (Figure 5a,b) and F4 (Figure 5c,d), two time
constants were detected at frequencies around 10 (medium frequency, mf, time constant) and 10−2 Hz
(low frequency, LF, time constant). The latter time constant was just a hint in the Bode plots after 1 h
immersion. On F4 a third time constant centered at about 104 Hz (high frequency, HF, time constant)
occurred at long immersion times (82 and 150 days). In the case of B1(T) samples, again only the MF
(102–10 Hz) and the LF (10−2–10−1 Hz) time constants were detected after 1 h, 24 h, and 10 days of
immersion, but just the beginning of the LF one was present after 1 h.
At longer immersion times, the hf time constant arose at 103 Hz, the MF time constant was scarcely
evident and the LF time constant tended to shift to lower frequencies (10−3 Hz), in comparison to those
after short exposure times (Figure 5d). B2(T) electrodes evidenced three times constants since the
beginning of the immersion. The HF one tended to move from 102–103 Hz (after 1 and 24 h immersion)
to 104 Hz (from 10 days on), while the mf and LF constants moved to lower frequencies at increasing
immersion times (from 3–4 Hz to about 10−1 Hz for the mf one and from 10−1–10−2 Hz to 10−2 Hz or
lower frequencies in the case of the LF one).
The spectra were fitted with the equivalent circuits (ECs) reported in Figure 6a,b.
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Figure 5. Nyquist (a,c,e,g) and Bode (phase angle vs. frequency, b,d,f,h) plots obtained on F3 (a,b),
F4 (c,d), B1(T) (e,f) and B2(T) (g,h), during immersions in Simulated Drinking Water (SDW).
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Figure 6. Equivalent circuits (EC) used to fit the Electrochemical Impedance Spectroscopy (EIS) spectra:
(a) two-time-constant EC; (b) three-time-constant EC.
The former one, characterized by two times constants, can model a corrosion process with kinetics
affected by both charge transfer and diffusion, while in the latter one, including three times constants,
the corrosion process described in Figure 6a occurs at the bottom of the pores of a surface corrosion
product film. This latter EC, also including the parameters of the previous EC, is composed by the
electrolyte resistance, Rs, in series with two nested parallel R-CPE (Resistance-Constant Phase Element)
couples. CPE is the Constant Phase Element, used instead of ideal capacitance to compensate for
surface inhomogeneities, such as roughness, porosities and inclusions.
The analytical expression of the CPE impedance is:
ZCPE = Y−1( jω)−n, (1)
where ω = 2πf is the angular frequency, j =
√
(−1) is the imaginary unit, Y is a frequency independent
value and n is a fit parameter with values in the range 0 ≤ n ≤ 1, which measures the element deviation







was used to convert the Y parameters of the CPE elements into the associated capacitances (with R being
the corresponding couple resistance) [34–36]. The Rf–CPEf couple described the dielectric properties of
the surface corrosion product film (hf time constant), while Rct–CPEdl provided information about the
charge transfer process at the metal/electrolyte interface (MF time constant). The previously quoted
frequencies corresponding to the charge transfer process (MF time constant) and to the dielectric
properties of the surface oxide film (HF time constant) are in agreement with those unequivocally
attributed to these elements by erosion-corrosion tests carried out on brass in chloride solution [37].
In order to fit the LF time constant attributed to diffusion, a generalized finite length Warburg






where T is a time constant, RW is a resistance, and p is an exponent which can vary in the range 0 < p < 1.
For p = 0.5, T = L2/D, where L is the thickness of the diffusion layer and D is the diffusion coefficient [38].
The ECs of Figure 6 or quite similar ones (with a Warburg element instead of a GFLW one) were already
used to interpret EIS spectra of brass exposed to cooling water and chloride solutions [7,39–42].
The EIS fitting parameters for the spectra in Figure 5 are reported in Tables 4–7. The alloys
indicated as dezincification resistant (B1(T) and B2(T)) resulted capable of forming a surface oxide
film with a low but detectable protectiveness, particularly at long immersion times. In fact, increasing
Rf values were achieved, while the generally low and decreasing Cf (with final values of the order
of magnitude of 10−7–10−8 F cm−2) indicated a progressive increase in film thickness. No film was
detected by EIS on F3 and only a small loop related to a surface film was found on F4 at long immersion
times. Actually, on all alloys the corrosion process was largely dependent on the rates of charge transfer
and particularly on mass transport, because even in the presence of measurable Rf values, Rct and
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especially RW values were higher than Rf by many orders of magnitude and their variations do not
appear connected with the surface film protectiveness.
Table 4. Electrochemical Impedance Spectroscopy (EIS) fitting parameters for F3.
Immersion Time 1 h 24 h 10 d 83 d 150 d
Rs/Ω cm2 103 98.9 94 77 82
Rct/kΩ cm2 7.69 5.30 1.16 8.27 7.80
RW/kΩ cm2 3.44 37.0 33.9 56.4 65.9
T/s 6.1 36 76 258 200
p 0.47 0.42 0.40 0.40 0.53
Cdl/μF cm−2 27.8 16.4 32.8 19.1 14.9
ndl 0.84 0.84 0.83 0.67 0.67
Table 5. EIS fitting parameters for F4.
Immersion Time 1 h 24 h 10 d 82 d 150 d
Rs/Ω cm2 123 122 119 109 89
Rf/kΩ cm2 - - - 0.097 0.098
Rct/kΩ cm2 8.00 8.55 11.5 6.13 28.0
RW/kΩ cm2 11.0 51.0 72.1 82.0 109
T/s 3.5 290 300 265 260
p 0.32 0.42 0.42 0.39 0.48
Cdl/μF cm−2 16.2 34.1 29.9 16.5 13.4
ndl 0.83 0.72 0.70 0.74 0.71
Cf/μF cm−2 - - - 0.63 0.26
nf - - - 0.65 0.63
Table 6. EIS fitting parameters for B1(T).
Immersion Time 1 h 24 h 10 d 83 d 150 d
Rs/Ω cm2 125 124 110 105 107
Rf/kΩ cm2 - - 0.079 2.61 2.90
Rct/kΩ cm2 5.80 3.79 2.40 17.60 7.06
RW/kΩ cm2 8.00 40.6 53.0 108 131
T/s 8.0 69 86 300 339
p 0.40 0.38 0.41 0.50 0.53
Cdl/μF cm−2 20.2 14.3 10.0 19.6 273
ndl 0.78 0.76 0.80 0.54 0.54
Cf/μF cm−2 - - 2.52 2.07 0.82
nf - - 0.98 0.68 0.64
Table 7. EIS fitting parameters for B2(T).
Immersion time 1 h 24 h 10 d 80 d 150 d
Rs/Ω cm2 138 135 100 101 98
Rf/kΩ cm2 0.57 0.18 1.36 2.70 2.36
Rct/kΩ cm2 7.12 7.50 67.0 31.4 1.93
RW/kΩ cm2 7.03 42.0 197 82.5 70.3
T/s 9.4 30 63 19 2.2
p 0.48 0.44 0.51 0.42 0.64
Cdl/μF cm−2 51.5 106 326 73.8 34.4
ndl 0.69 0.58 0.60 0.65 0.66
Cf/μF cm−2 11.6 4.10 0.084 0.036 0.056
nf 0.839 0.84 0.75 0.85 0.80
RW had a general tendency to increase with time on the studied brass alloys, except for B2(T)
which showed a RW maximum at 10 days of immersion (197 kΩ cm2) and then a decrease to 70.3 kΩ
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cm2, at the end of the immersion time. Accordingly, the T parameter of the GFLW (the diffusion EC
element) usually increased, suggesting that diffusion became slower with time, but on B2(T) it reached
a maximum at 10 days (like RW) and then decreased significantly.
On B2(T), Rct had a trend similar to that of RW with a maximum of 67.0 kΩ cm2 at 10 days of
immersion. Such a high maximum Rct value was not achieved in concomitance with a maximum of Rf,
so excluding that it was connected to a reduced film porosity. On the other alloys, rather oscillating Rct
values were detected, with the highest value of 28 kΩ cm2 obtained on F4 at 150 days of immersion,
again independently from the surface film protectiveness. A possible explanation for the Rct oscillations
could be the presence of a thin inner passive film, which underwent breakdown and subsequent heal
events so justifying variations in charge transfer rate.
The analysis of Cdl values in Tables 5–8 evidenced that unexpectedly they often oscillated in phase
with Rct, that is, an increase in Rct was usually accompanied by an increase in Cdl. This trend is difficult
to explain. A possible explanation could be connected to the presence of breakdown and heal events
of the inner passive layer. In fact, after a breakdown event the accumulation of metal cations at the
metal-electrolyte interface, allowed by the slow diffusion rates (as suggested by the high detected RW
values), could subsequently hinder further anodic dissolution, so justifying the presence of high Rct in
correspondence of high Cdl values.
The polarization resistance values of the alloys, inversely proportional to the corrosion rates, were
calculated as the sum: Rp = Rf +Rct +RW and are collected in Figure 7, together with the corresponding
Ecor values. In general, the alloys exhibited low initial Rp values tending to increase with time. Only
for B2(T), Rp reached a maximum (266 kΩ cm2) after 10 days of immersion, then decreased to rather
low values (74.5 kΩ cm2), suggesting an important loss of corrosion resistance. Interestingly, the time
evolution of Rp for B1(L) and B2(L) were similar to those of the corresponding (T) electrodes. In fact, also
for B2(L), Rp passed through a maximum at 10 days and then decreased significantly. B1(L) exhibited
slightly higher corrosion resistance than B1(T). F3 was the least corrosion resistant alloy (lowest Rp
values), but at long immersion time the behavior of B2 electrodes overlapped that of F3. Between 80
and 150 days of exposure, the overall Rp variations among traditional and dealloying-resistant alloys
were quite limited, that is the highest and lowest values differed by a factor of 2–2.7.
The Ecor values of the alloys passed through a maximum (at 10 days of immersion for F3 and
B2 electrodes; at about 80 days of immersion for the other alloys) and then became more active.
In particular, on F3 and B2(L) samples, Ecor values as negative as −0.189 and −0.170 VSCE were achieved,
respectively. More negative Ecor are expected to favor zinc (and silicon in the case of B2) over copper
dissolution, so stimulating dealloying.
 
Figure 7. (a) Polarization resistance (Rp) and (b) corrosion potential (Ecor) values measured on selected
brass alloys in SDW.
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3.5. Polarization Curves
The polarization curves recorded on F3, F4, B2(T), and B3(T) after 1 h, 24 h, and 10 days of
immersion in SDW are reported in Figure 8.
 
Figure 8. Polarization curves recorded on F3 (a), F4 (b), B2(T) (c), and B3(T) (d), after 1, 24 h, and 10
days of immersion in SDW.
At 1 h of immersion, the anodic curves of all alloys showed low anodic slopes associated to an
active corrosion behavior, while the much higher cathodic slopes suggested that oxygen reduction
was largely under diffusion control. Therefore, corrosion of the studied brasses was essentially under
cathodic control after short immersion periods. At longer immersion times, mass transport also affected
the anodic process as indicated by the increase in the anodic slopes. Therefore, the diffusion of oxidized
species inside dealloyed regions towards the electrode surface and from the surface to the solution
bulk became slower with time. Under these conditions, corrosion underwent a mixed control with
both the anodic and mainly the cathodic reaction largely depending on diffusion.
Table 8 collects the Ecor and corrosion current densities (icor) obtained from the polarization curves
by the Tafel method. The icor values are in agreement with the trend of the Rp values in this same
time interval (Figure 7). In fact, with the exception of F3, until 10 days of immersion icor continuously
decreased (and Rp increased), because of a progressive shift of both the anodic and the cathodic curves
to lower current densities. In the case of F3, after 10 days the cathodic currents and icor accelerated in
comparison to those after 24 h, again in agreement with a slight decrease in Rp values.
3.6. Characterization of Corrosion Attack after 150 Day Immersions in SDW
At the end of 150 days of immersion, all specimens exhibited dezincification attacks. In the case
of B1, the maximum dezincification depths for (T) and (L) specimens were about 300 μm (Figure 9a)
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and 50 μm (Figure 9b), respectively. The good corrosion resistance of B1(L) samples agreed with
their relatively high Rp values in comparison to those measured on B1(T) (Figure 7). Figure 9a and
b clearly evidence that dezincification affected the β’ phase. On B1(T), the β’ phase was elongated
perpendicularly to the exposed surface so favoring penetration of the corrosion attack, while on B1(L)
the corrosion attack was more limited, although solution penetration along the grain boundaries
induced dezincification [18] and even oxidation of β’ grains at some distance from the exposed surface.
Table 8. Corrosion potentials (Ecor) and corrosion current densities (icor) from the polarization curves.
Time
F3 F4 B1(T) B2(T)
Ecor VSCE icor μA cm−2 Ecor VSCE icor μA cm−2 Ecor VSCE icor μA cm−2 Ecor VSCE icor μA cm−2
1 h −0.128 1.4 −0.129 1.0 −0.145 1.0 −0.137 1.5
24 h −0.130 0.6 −0.098 0.8 −0.111 0.7 −0.144 1.1
10 days −0.092 1.0 −0.086 0.7 −0.117 0.7 −0.058 0.3
 
Figure 9. Sections of B1(T) (a) and B1(L) (b) samples after 150 days of exposure to SDW. Dezincification
is only localized on the β’ phase.
Figure 10 shows the SEM-EDS elemental mapping obtained on B1(T) cross sections. It confirms
extensive oxidation of dezincified regions and reveals the penetration of chlorides well inside the
dealloyed regions, with local concentrations up to 0.3 wt. %. Extensive plug dezincification of β’ phase
was detected on F3 and F4, with maximum depths of about 170 and 100 μm, respectively. Chloride
penetration and inner oxidation were detected as well.
Figure 11 shows some cross sections of B2(T and L) obtained after 10 and 150 days. It shows that
after 10 days corrosion initiates in correspondence of the κ phase (red arrows in Figure 11) and along
grain boundaries (blue arrows in Figure 11). In fact, microelectrochemical tests showed that Si-rich κ
and particularly γ phases are more active than α, so justifying the observed corrosion behavior [17].
At longer immersion times (Figure 11c,d), uniform dezincified layers were observed (maximum
thickness about 60 μm), affecting both κ and α phases, with morphology and penetration depth
independent of exposed surface orientation. The SEM-EDS elemental map on the cross section of a
B2(T) sample after 150 days immersion in SDW is reported in Figure 12. In this sample, dealloyed
regions contained only copper, negligible amounts of oxygen and silicon, and no chlorides, suggesting
that on this alloy selective corrosion produced rather compact copper regions.
The SEM-EDS analyses of surface corrosion products on B1(T) specimens after 150 day immersions
revealed the presence of significant surface arsenic concentrations (up to 0.69 wt. %), besides chlorine
(up to 0.34 wt. %), oxygen, and sulfur (Figure 13a,b). This indicated the presence of surface chlorides,
oxides, and perhaps sulfates and the incorporation of arsenate or arsenite among corrosion products [43].
On B2(T) (Figure 13c,d), SEM-EDS technique detected the same corrosion products (except arsenic
species obviously), with addition of some silicates in agreement with literature information [16] and
phosphates, as suggested by phosphorous concentrations up to 2.1 wt. %. Chloride concentrations
reached 1.7 wt. %.
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Figure 10. SEM-EDS elemental maps obtained on sections of B1(T) after 150 days of exposure to SDW.
 
Figure 11. Sections of B2(T) (a,c) and B2(L) (b,d) samples after 10 days (a,b) and 150 days (c,d) of
exposure to SDW. Surface etching by 10 wt. % FeCl3 solution evidences the location of corrosion attack
initiation with reference to the alloy microstructure: corrosion starts in correspondence with the κ
phase (red arrows) and along grain boundaries (blue arrows).
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Figure 12. SEM-EDS elemental maps obtained on sections of B2(T) after 150 days of exposure to SDW.
 
Figure 13. Surface corrosion products (a,c) and their local SEM-EDS analyses (b,d) on B1(T) (a,b) and
B2(T) (c,d) samples after 150 days of exposure to SDW.
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The presence of As/Cu and P/Cu ratios in the corrosion products higher or much higher than
those in B1 and B2 alloys, respectively, denoted an alloy depletion in these inhibiting elements, so
contributing to explain the significant dezincification attacks of these alloys.
4. Discussion
The early failures detected on the F1–7 components of drinking water distribution systems in
Morocco are mostly connected to their high contents of β’ phase, which undergoes dezincification
and selective dissolution attacks (Figure 4). On three failed brass fittings, dezincification was also
detected in concomitance with cracks, suggesting that dealloying favors crack propagation (Figure 4).
The standard dezincification test UNI EN ISO 6509 confirmed the high susceptibility of F1–7 alloys to
this corrosion form, while both CuZn36Pb2As (B1(L and T)) and CuZn21Si3P (B2(L and T)) proved to
be much more resistant.
During immersions in SDW, arsenic alloying in B1 could prevent α phase dezincification but did
not completely avoid selective zinc dissolution in β’ phase, in agreement with many other authors’
results [10,19–21]. The relatively high arsenic concentrations in surface corrosion products of B1(T)
samples could have produced alloy depletion in this element and could contribute to decrease the
alloy dezincification resistance. Instead, B1(L) confirmed an excellent overall dezincification resistance,
because dezincification attack of β’ was detected only at a short distance from the exposed surface. On
B1, the dezincified regions were composed of copper and oxidized copper with appreciable chlorine
concentrations in the pores, suggesting easy solution penetration.
B2(T) and B2(L) showed quite similar corrosion behavior and proved to be more susceptible to
dezincification than expected. In fact, although the maximum depth of dealloying attack was only
slightly higher than that on B1(L), B2 samples exhibited complete dezincification of both α and κ.
In this alloy too, the element capable to inhibit dealloying, that is phosphorous, was found to leach from
the metal surfaces and resulted incorporated in the corrosion products at relatively high concentrations.
In B2, selective dissolution initiated on the less noble κ phase and on grain boundaries (Figure 10)
and then propagated to the α phase. This is in agreement with the low difference in practical nobility
between these phases (50 mV) documented by other authors [17]. SEM-EDS analyses showed that
the dealloyed regions produced from α and κ grains were constituted by pure copper with negligible
zinc, oxygen, and silicon concentrations and no chlorine. Spreading of dealloying from κ to α grains
could be due to the onset of a galvanic couple between the large copper areas produced by selective
dissolution (acting as cathodic regions) and the α phase (acting as anodic region, due to its significant
zinc and silicon contents which make it less noble than pure copper (Figure 3)). The absence of oxidized
silicon species inside pure copper regions is surprising, because silicon is an active element which
tends to oxidize to low solubility hydrated silicon oxides. The absence of this element inside dealloyed
regions would suggest the occurrence of local solution alkalinization and silicate ion leaching, as a
result of copper surface cathodic activity. Galvanic coupling would also justify the corrosion protection
of copper from re-oxidation in dezincified regions.
The electrochemical tests showed that charge transfer and mainly mass transport controlled the
corrosion rates of the studied brass. In particular, diffusion affected only the cathodic process at short
immersion times, while with time it also slowed down the anodic reaction. In all cases, the surface
films of corrosion products offered negligible if any protection from corrosion propagation, even in the
case of B1 and B2 samples, where the surface film resistance reached the highest values (up to 2.9 kΩ
cm2). In addition, also in these cases, the film resistance remained much smaller than the diffusion
resistance, RW, by one or two orders of magnitude.
5. Conclusions
Early failures on α + β’ brass components of drinking water distribution systems in Morocco were
analyzed. They consisted of severe corrosion attacks and cracks, often accompanied by significant
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dezincification. Dealloying or selective phase dissolution affected the β’ phase, present at high volume
fractions (from 41% to 69%).
The corrosion behavior of two of these α + β’ alloys was compared to that of CuZn36Pb2As
and CuZn21Si3P alloys marketed as dezincification resistant, during 150 day immersions in SDW.
The electrochemical tests showed that at long immersion times, the general corrosion resistance of
these alloys was similar, with polarization resistance values differing within a factor of 2–2.7.
Final dealloying depths on CuZn21Si3P (longitudinal and transverse sections of extruded bar)
and CuZn36Pb2As (longitudinal section) were about 2–3 times lower than those on samples from
failed components.
After 150 days of immersion in SDW, dezincification of CuZn36Pb2As and traditional alloys only
affected the β’ phase, while on CuZn21Si3P dealloying produced zinc and silicon leaching from both α
and κ phases. Dealloying started on the Si-rich κ phase and at grain boundaries, then it spread to α
phase too, likely due to galvanic coupling with the nobler dealloyed copper regions.
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Abstract: This study analyzed an atmospheric corrosion sensor using strain measurements (ACSSM)
with an active dummy method for corrosion product experiments. An initial compensation thermal
strain experiment was performed with elapsed time. Further analyses used dry-wet environments
with salt water spray to investigate the thickness reduction performance of the corrosion product on
low-carbon steel samples. The ACSSM with an active dummy method accurately measured signals
induced by the specimen thickness reduction, despite the noise in the signal. Moreover, the effects of
corrosion products on the signal were discussed.
Keywords: atmospheric corrosion; strain measurement; mild steel; corrosion product
1. Introduction
Because corrosion damages materials in structures located outside, studies on atmospheric
corrosion processes have received special attention from researchers. Morcillo et al [1] studied the
nature of corrosion products, the mechanisms, and kinetics of the corrosion process, the morphology
of steel rust, and long-term atmospheric corrosion monitoring. Song and Saraswathy [2] reported
on methods and durability problems for monitoring corrosion in reinforced concrete structures.
Wen et al [3] studied carbon steel corrosion products and their classification, effects on subsequent
corrosion processes, and the dependence of the initiation, growth, and transformation processes in H2S
environments on such products. Ahmad [4] investigated reinforcement corrosion in concrete structures
including the mechanism of reinforcement corrosion, techniques for monitoring reinforcement corrosion,
and methodologies to predict the remaining service lifetimes of structures.
In addition, many researchers have developed sensors to detect atmospheric corrosion using
radio-frequency identification (RFID) sensors [5–7], passive wireless sensors [8], corrosion potential
sensors [9], optic sensors, fibre Bragg gratings (FBGs) [10–15], atmospheric corrosion monitoring (ACM)
methods [16,17], and atmospheric corrosion rate monitoring (ACRM) techniques [18].
Several techniques for atmospheric corrosion monitoring, such as weight and thickness loss
measurement [19–22], electrochemical impedance spectroscopy (EIS) [23–25], microscopy and scanning
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electron microscopy (SEM) [26,27], and X-ray diffraction (XRD) [28,29] have been established
as necessary.
A strain measurement method using strain gauges for in situ corrosion monitoring was proposed in
our previous study [30,31]. However, precise monitoring was difficult because the strain measurement
method was very sensitive to temperature drift. Thus, a highly accurate in situ method for monitoring
atmospheric corrosion remains necessary. The strain-measurement circuit using the active dummy
method for an atmospheric corrosion sensor based on strain measurement (ACSSM) with strain gauges
accommodated such temperature drifts and showed good performance in the situ monitoring of
specimen thinning under corrosion, as measured by galvanostatic electrolysis [32–34]. However, for
actual applications, experiments with dry-wet method [35–38] to investigate the performance of the
corrosion product/rust under strain behavior.
This study conducted experiments with the dry-wet method by applying a 5% NaCl solution to
test pieces in order to investigate the performance of ACSSM via the active dummy method. Thickness
changes, obtained from the weight loss of the specimens, were monitored simultaneously. Based on
the experimental findings, the performance of the ACSSM and the effect of corrosion products on the
signal were discussed.
2. Methods
2.1. Concept of the ACSSM
According to [30,31], the strain on the compressive surface of a low-carbon (mild) steel test piece
under a bending moment can be expressed by:
ε = −h/2ρ (1)
where ε is the strain in the test piece (×10−6 ε), ρ is the radius of curvature of the test piece (mm), h is
the test piece thickness (mm), and dθ is the center angle of curvature of the test piece. Figure 1 shows
the mechanical principle for the ACSSM sensor in normal and bent conditions. Figure 1a shows the
condition of the test piece without thickness reduction. When the test piece thickness is decreased by





= ρ, the change in strain (ε) can be expressed as:
Δh = 2ρΔε (2)
Equation (2) is the fundamental equation to determine the thickness reduction of the test piece
from the strain measurement in ACSSM.
2.2. Concept of the ACSSM with an Active Dummy Circuit Method
To observe the thickness reduction by corrosion of the test piece based on the strain measurement,
accurate measurement is necessary, because the thickness reduction of the test piece in a short time
period is generally ≤5 × 10−6 m.
Environmental factors, such as temperature variations, during measurement affect not only the test
piece and sensor, but also device elements such as the operation amplifier, causing measurement drift.
Therefore, to observe small thickness reductions caused by corrosion, the active dummy circuit
method was proposed. In this study, the active dummy method consists of not only active and dummy
sensors but also active and dummy circuits for strain measurement. Figure 2 shows the concept of
ACSSM with an active dummy method. The active output (εA) of an active gauge of an active circuit
included the drift of the sensor from environmental factors. Therefore, the dummy output (εD) of the
dummy gauge of the active circuit was used to eliminate the effects of environmental factors during
the measurement.
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The output of the dummy circuit is the difference between the outputs of active and dummy
strain gauges; to eliminate the drift from the circuit itself, the output of the dummy circuit was used.
The strain (Δε) was finally obtained as the difference between the output of the active and dummy
circuits with the difference circuit. In the study, two active and two dummy strain gauges were
employed to enhance the resolution of the measured strain.
Figure 1. The illustration of test piece in normal position and bending position: (a) non-corroded test
piece, (b) corroded test piece. T(T’), N(N’), and O(O’) denote the tensile, neutral, and compressive
planes. M(M’) denotes the bending moment.
 
Figure 2. The concept of ACSSM with an active dummy method.
2.3. Design of the ACSSM with an Active Dummy Method
As mentioned above, two active and two dummy strain gauges were employed. The gain of
the strain measurement circuit using the gain resistor (RG) of 4 Ω with the active dummy method
was 12,500. The relationship between the voltage and strain in the master curve was measured [31].
Using the RG of 4 Ω, relationship between the strain and voltage was linear, following the equation
Δε = –11 + 27 ΔV, where ΔV is the output voltage of the strain measurement circuit before it is
converted to Δε. The slope of the equation was used to convert the output voltage of the circuit to
strain, which was 27 × 10−6 ε for 1 V.
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2.4. Experimental Setup for Dry-Wet Measurement by ACSSM
The test piece of the sensor is 95 mm in length, 45 mm in width, and 0.5 mm in thickness, made of
low-carbon steel, has a corroded area of 1350 mm2, as shown in Figure 3. The ACSSM device comprises
a base and cover with ρ = 430 mm, as in reference [30]. The test piece is placed in the apparatus and
the edges of the test piece are fixed.
 
Figure 3. Test piece and apparatus for atmospheric corrosion sensor using strain measurements
(ACSSM). The test piece is inserted in the apparatus, which consists of a base and cover with the
corroded area measuring 45 mm in length and 30 mm in width.
Eight strain gauges were attached to the back side of the test piece in the configuration as shown
in Figure 4. The two active gauges (RAA) of the active circuit were attached beneath the corroded area
and two dummy (RAD) gauges of the active circuit are attached beneath the uncorroded area. In the
dummy circuit, four strain gauges (RDA and RDD), equal to the number of strain gauges in the active
circuit, were used and attached beneath the non-corroded area.
Figure 4. (a) Configuration of strain gauges in test piece with 1350 mm2 corroded area; the remaining
area is not corroded. (b) Photograph of strain gauge attached to the test piece.
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Δε between εA and εD is used to evaluate the thickness reduction from the corrosion. The strain
measurement circuit having an active circuit, dummy circuit and differential circuit [31] were fabricated
by authors. As strain gauge, FLA-5-11 (Tokyo Sokki, Tokyo, Japan), the ACSSM were used. The input
voltage of bridge circuits of active and dummy circuits was 3 Volt.
Figure 5 shows the experimental set-up of the dry-wet condition using strain gauges. The data
logger GL7000 (Graphtec, Yokohama, Japan) monitors the output voltage from the active, dummy, and
differential circuits every 10 min and measures the temperature simultaneously with a thermocouple.
Using the relationship between strain and voltage given in Section 2.3 and the relationship between
strain and thickness using the mechanical calculation in [15], Δh = 0.86 Δε × 10−6 m, Δh is obtained
with Equation (2).
In the experiment, a 5.0 wt % NaCl (salt) solution is periodically applied to the test piece in the
sensor under dry-wet conditions. The experiment is performed in two stages: the initial measurement
before spraying the salt solution to investigate the compensation of environmental factors, and the
dry-wet condition with sprayed salt solution. To discuss thickness reduction based on the strain
measurement, several specimens of test piece material as coupon were prepared and periodically
sprayed with 5.0 wt % NaCl solution. The test piece and coupons were sprayed once a day using
around 3.75 mL of 5.0 wt % NaCl solution.
Figure 5. Experimental set-up of under dry-wet condition for ACSSM.
3. Results and Discussion
Figure 6 shows the experiment results under dry-wet condition using ACSSM for 15 days before
salt solution is applied. The results indicate the effects and the compensation of environmental factors
on the signal. The εA follows the temperature signal of the test piece (TTP) and has the same tendency
as the εD. TTP varies over approximately 0 to 20◦C for εA around 100 × 10−6 ε; the drift is 5 × 10−6 ε/◦C.
Despite using the active and dummy strain gauge method. Meanwhile, Δε is more constant around
25 × 10−6 ε with a drift of is 1.25 × 10−6 ε/◦C. This corresponds to a 75% decreased in drift from
environmental factors. The ACSSM measurement system with the active dummy circuit method is
therefore robust against environmental factors, such as temperature variations, during measurement.
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Figure 6. Compensation of thermal strain experiment signal (TTP) before under dry-wet condition
are applied.
Figure 7 shows the results of dry-wet exposure with ACSSM. Three stages are observed in the
result. Stage I is the initial condition for 15 days before spraying with salt water. This stage is shown as
Figure 6. Stage II is the condition after spraying salt water, in which corrosion products are generated.
Δε shows a negative trend, indicating that the test piece thickness is increased by the corrosion
products. Stage III is the condition of further corrosion progression, which causes thickness reduction
by corrosion of the corrosion products. Δε shows a positive trend. According to Equation (2), this
indicates that the test piece thickness is decreased by corrosion, including that of corrosion products.
As the corrosion of the test piece continues after salt-solution spraying, the variations of Δε become
large. It happened because of corrosion progress, two RAA under the corroded area and the two RDD
under non-corroded area show different behavior, although these show the same behavior in Stage I.
Compared to RDD, RAA under the corrosion product react slowly to temperature variations, because
the corrosion product functions as a thermal insulator. Therefore, the difference in the balance of the
measurement system bridge circuit is large, yielding a larger variation of Δε.
Figure 7. Result of a dry–wet cyclic exposure with ACSSM.
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Δε is converted to Δh, and Δh is applied by a moving average analysis using intervals of 200
data sets to obtain the signal more clearly without deleting the trends of each stage. Moreover, Δh is
moved to zero value become Δhoffset (10−6 m). The result is shown in Figure 8. Simultaneously, the
test piece results are obtained, and the thickness reductions of the specimens calculated by the mass
loss are indicated in Figure 8. The thickness reductions show good correlation that measured with
ACSSM. However, the evaluation errors between the result measured with ACSSM and the thickness
of specimen as shown in Table 1 were 14.5 × 10−6 m. This error is calculated using the average of the
last four data points from each method.
Δ Δ
Figure 8. Result from dry-wet cyclic condition with ACSSM in 83 days after moving-average analysis
and applying the offset value. The green line with double arrows indicated the differences of the last
four dataset collected from the ACSSM and specimens.
Table 1. Error calculation between ACSSM and test specimens.






Figure 9 shows photograph of the evolution of the corrosion product on the test piece for 83 days.
After spraying salt solution, the corrosion of the test piece progresses. These pictures are similar to the
appearance of the specimen surfaces at the same times.
Although ACSSM can measure only the thickness reduction of the test piece, a schematic of the
mechanism of corrosion behavior measured with ACSSM was illustrated. It is shown in Figure 10.
Stage I is the initial stage, with no corrosion product on the surface of the test piece and constant Δε.
In stage II, a tight corrosion product would be generated. Δε shows a slight decreasing tendency
because of this tight corrosion product, indicating that the test piece thickness would be increased
by the tight corrosion product. The increased thickness of the test piece measured with ACSSM is
approximately 43 × 10−6 m for 25 days. In stage III, the corrosion of the test piece would yield a
porous structure with continued corrosion, and the test piece thickness is decreased because the porous
structure of corrosion product receives bending moment. The thickness reduction of the test piece
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measured with ACSSM is approximately 111 × 10−6 m in 43 days. As shown above, the monitoring
with the ACSSM needs sufficient time after stage III to measure thickness reduction of the test piece.
Figure 9. Picture of corrosion evolution for 83 days of measurement. Strain are from the sprayed salt
water, shown in the picture at Day 15.
 
Figure 10. Mechanism of corrosion behavior based on strain measurements.
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4. Conclusions
An ACSSM with an active dummy method, proposed by authors, was used for experimentation
with the dry-wet method in long-term monitoring. The conclusions of this study are as follows:
• In stage I of the experiment, Δε had a relative constant signal, with drift decreasing from
5 × 10−6 ε/◦C to 1.25 × 10−6 ε/◦C under temperature variations.
• In stage II, Δε showed a negative trend, indicating the increased thickness of the test piece
measured by ACSSM. This was attributed to the tight corrosion product formed on the test piece
measured by ACSSM.
• In stage III, showed a positive trend because the produced corrosion product was porous.
The accuracy of h was determined from the thickness reduction of the coupons. Thus, ACSSM can
be used for atmospheric corrosion monitoring in the field.
• The sensor applies for atmospheric corrosion, for general corrosion. The sensor can be measured
the strain that has relation with the thickness of test piece and finally we can calculate the corrosion
rate. The local corrosion condition in the test piece of the sensor affects the accuracy of the
corrosion rate estimation. This problem might be considered in a future study.
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Nomenclature
ρ Radius of curvature of the test piece (m)
h Test piece in thickness (m)
ε Strain in the test piece (-)
dθ Centre angle of curvature of the test piece (o)
Δh Change of thickness of the test piece (m)
h’ Test piece in thickness due to the corrosion (m)
εA Strain of active circuit (×10−6 ε)
εD Strain of dummy circuit (×10−6 ε)
Δε
Difference in strain in the test piece due to the corrosion (×10−6 ε) Difference in strain between εA and
εD (×10−6 ε)
E Young’s modulus of the test piece (Pa)
σy Yield stress of the test piece (Pa)
VIN Input voltage for bridge circuit (V)
RAA Resistance of active gauge for active circuit (Ω)
RDA Resistance of dummy gauge for active circuit (Ω)
RAD Resistance of active gauge for dummy circuit (Ω)
RDD Resistance of dummy gauge for dummy circuit (Ω)
ΔV Different output voltage of active and dummy circuit (V)
TTP Temperature of test piece (◦C)
TTPM Temperature of test piece after applied moving average analysis (◦C)
Δhw Actual thickness from weight analysis of coupons (×10−6 m)
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Abstract: Adding TiC particles into iron aluminide coatings has been found to improve its wear
resistance, but its corrosion behavior is less known. In this study, the corrosion behavior of Fe3Al/TiC
and Fe3Al-Cr/TiC composite coatings, prepared by high velocity oxy fuel (HVOF) spraying, was
studied in 3.5 wt. % NaCl solution by means of electrochemical techniques and surface analysis.
Results revealed that adding TiC particles into Fe3Al matrix to improve the wear resistance does not
deteriorate the corrosion behavior of Fe3Al coating. It was also showed that addition of chromium to
Fe3Al/TiC composite provides a more protective layer.
Keywords: corrosion; electrochemical impedance spectroscopy; high velocity oxy fuel coatings; iron
aluminide; titanium carbide
1. Introduction
Iron aluminides have received great attention as materials with high potential for a number
of industrial applications. This is basically due to their low density, excellent oxidation resistance,
hot corrosion resistance, high specific strength and low ductile to brittle transition temperature [1,2].
Their application is, however, limited by their low ductility, poor creep resistance [3] and low wear
resistance [4]. It has been shown that the incorporation of ceramic particles into iron aluminide matrix
improves its tribological properties [5,6]. For example, the composite coating of iron aluminide with
tungsten carbide particles exhibited higher erosive wear-resistance than did the iron aluminide coating
alone. Among all ceramic materials, titanium carbide (TiC), owing to its excellent mechanical, chemical
and thermal properties, has been identified as a good reinforcing phase to improve the mechanical
properties of the aluminide matrix [7,8]. Chen et al. [9] noted that Fe-Al intermetallics with TiC
reinforcement have excellent dry sliding wear resistance. In addition to laser cladding, several other
techniques, such as plasma spraying [10–13], wire arc spraying [14] and high-velocity oxy-fuel (HVOF)
projection [15] have also been used to deposit Fe-Al alloys on carbon steels or stainless steel substrates.
HVOF is a convenient process to deposit thick coatings on variety of substrates with superior properties
at low cost [16]. The process utilizes a combination of oxygen with various fuel gases including
hydrogen, propane, propylene and kerosene as the feed of the combustion chamber while the spray
powder (mixed metal or oxides) comes through from other side. The combustion of the gases provides
the temperature and pressure needed to flow the gases through the nozzle. With the flame temperature
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ranging between 2500 and 3200 ◦C, powder particles partially or completely melt during the flight
through the nozzle and due to the presence of oxygen and high temperature, oxidation also occurs.
Although iron aluminides are mainly developed for applications at high temperatures, they also
exhibit a high potential for low-temperature applications. These intermetallics are good candidates
to replace stainless steel in several applications, i.e., pipes and tubes for heating elements and main
components for distillation and desalination plants [17]. A number of studies were thus concentrated
on the aqueous corrosion behavior of these materials to test their durability in various corrosive
environments. The corrosion behavior of iron aluminides has been studied in several acidic and basic
solutions [18–24]. Chiang et al. [18] evaluated the passivation behavior of Fe-Al alloys containing 3.4,
10.4, 18.7, 19.4, 29.5, and 41.7 at. % Al. They showed that Fe-Al alloys, with an Al content exceeding
19 at. %, have wide passivation regions and low passivation current in 0.1 N H2SO4. In addition,
when the Al content of Fe-Al alloys exceeds this limit, further increment of Al content has only a
slight influence on passivation. Sharma et al. [19] compared the stability of the passive film and
pitting behavior of Fe-28Al (at. %) and Fe-28Al-3Cr (at. %) with AISI SS 304 under different pH
conditions to evaluate their performance in acidic, basic, and neutral solutions. They reported that
the presence of 3 at. % Cr in iron aluminides improves their aqueous corrosion resistance and makes
them comparable to AISI SS 304. Porcayo-Calderon et al. [20] studied corrosion behavior of FeAl and
Fe3Al coatings prepared by two thermal spray techniques, flame spraying and HVOF using three
different particle sizes and compared their corrosion behavior with that of the base alloys in 1.0 M
NaOH solution at room temperature. The coatings prepared using medium particle size and flame
spray and those using fine particle size and HVOF spray were shown to be more stable, uniform,
denser, and with lower porosity, thus exhibited a greater corrosion resistance. Grosdidier et al. [21]
prepared nanocrystalline Fe-40Al coatings by HVOF with varied amount of hard un-melted particles
of feedstock powder and found that feedstock powder size has a strong effect on the coating hardness.
The electrochemical response of the coatings revealed that these particles were the reason of poor
corrosion resistance compared to bulk material. Analysis of corrosion damage showed a prevalent
localized attack at intersplat boundaries or around un-melted powder particles, probably enhanced by
galvanic phenomena. Amiriyan et al. [4,25] reported that the Vickers hardness and the dry sliding
wear resistance of Fe3Al/TiC composite coatings, at sliding speeds ranging from 0.04 to 0.8 m·s−1 and
under a constant load of 5 N, increased as the amount of TiC particles in Fe3Al matrix increased. They
also compared the phase composition, microstructure, micro hardness and elastic modulus of Fe3Al
and Fe3Al/TiC composite coatings, however the authors did not report the corrosion behavior of these
coatings. Related to corrosion behavior, Rao [23] proposed a mechanistic model for re-passivation of
iron aluminide in comparison to pure Al and Fe, based on his investigation using a rapid scratched
electrode technique in 0.25 M H2SO4.
Both the mechanical or electrochemical properties of Fe-Al intermetallics can be improved by
alloying elements in the form of solid solutions [26–30]. The addition of 6 at. % Cr improved the
ductility of Fe3Al up to 10% [31]. A few mechanisms were proposed to explain the effect of Cr on
mechanical and corrosion properties of Fe3Al. First, it has been postulated that Cr in solid solution
facilitates the dislocation cross-slipping and solid solution softening [32,33]. Epelboin et al. [34] also
showed that Cr affects the surface properties through the contribution of chromium oxides to the
formation of passive layers and the decrement of reaction kinetics. The decrease of water reduction
reaction rate may also lead to the reduction of hydrogen evolution and thus mitigating the hydrogen
embrittlement [35].
In this work, we studied the corrosion behavior of Fe3Al/TiC composite coatings, prepared by
HVOF technique. These coatings had shown improved wear resistance [4,25] however, their corrosion
behavior had not been reported. The effect of Cr on the passivity of Fe3Al/TiC composite in 3.5 wt. %
NaCl solution was revealed.
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2. Materials and Methods
2.1. Coating Preparation
The starting materials in powder form were prepared by mechanically alloying commercial iron
aluminide (Fe3Al, 96% purity), titanium (Ti, 99.4% purity) and chromium (Cr, 99% purity) (Alfa
Aesar, Haverhill, MA, USA), and graphite (C, 96% purity, Asbury Graphite Mills, Asbury, NJ, USA).
The nominal composition of the feedstock powder before milling is given in Table 1.
Table 1. Nominal composition of the feedstock powder before milling.
Sample at. % of Elements
Fe Al Ti C Cr
Fe3Al 75 25 0 0 0
Fe3Al/TiC 50 16.66 16.66 16.66 0
Fe3Al-Cr/TiC 37.5 12.5 12.5 12.5 25
A 300 g batch of each powder mixture was placed in a high-energy ball mill (Zoz GmbH, Wenden,
Germany, Simoloyer CM08) and milled under argon atmosphere for 6 h. Hardened steel balls (52100
heat-treated steel with a hardness of 60–64 Rockwell C) and jar were used and a ball to powder weight
ratio of 10:1 was chosen for milling. The XRD patterns of the milled powder, were provided in other
work by Amiriyan et al. [4,25]. The milled powders were then heat-treated at 1000 ◦C for 2 h under
10−6 mbar of vacuum. This post-treatment was performed in order to ensure the maximum reaction
between the additive elements. In fact, the ball milling provides a mixture with a good homogeneity
and the reaction between additive elements starts during milling. However, to complete these reactions,
very long milling times are required. The post-treatment at 1000 ◦C helps the completion of these
reactions. Based on the X-Ray diffraction patterns, the peaks related to the additive elements are
disappeared after this post treatment. Titanium carbide starts forming by mechano-chemical reaction
between titanium and graphite during milling and this reaction progresses during the subsequent heat
treatment and the final product is a composite of Fe3Al matrix and TiC particles [4]. The composite
powders were deposited on mild steel plates (AISI 1020) using a JP-8000 HVOF spray system (Praxair
Surface Technologies, Indianapolis, IN, USA) with spray parameters listed in Table 2. The substrates
were sand-blasted and then washed with acetone and ethanol prior to HVOF deposition. Argon and
kerosene were used as the carrier gas and the fuel during the HVOF deposition, respectively. A coating
with 150–200 micron thickness was deposited on the substrate. Coated samples were rinsed with
ethanol before corrosion test and no polishing was performed.
Table 2. High-velocity oxy-fuel (HVOF) spraying parameters.
Oxygen flow rate (m3/s) 1.5 × 10−2
Kerosene flow rate (m3/s) 5.57 × 10−6
Carrier gas Argon
Spraying distance (m) 0.38
Number of deposition passes 5
2.2. Electrochemical Tests
The open circuit potential (OCP) and potentiodynamic polarization tests were carried out using a
VersaSTAT3 Potentiostat (Ametek Princeton Applied Research, Oak Ridge, TN, USA) in a conventional
three-electrode cell. A Princeton model K0235 flat cell, accommodating wide range of electrode shapes
and sizes, was used in order to test different areas of a similar sample without cutting it. An Ag/AgCl
was used as reference electrode and a platinum mesh as a counter electrode. All tests were performed
in an electrolyte containing 3.5 wt. % NaCl with magnetic stirring at 60 rpm at room temperature
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(25 ± 2 ◦C). The OCP was measured over 20 h of immersion. Potentiodynamic polarization was
conducted from −0.7 to +2 V with respect to the OCP, using a scanning rate of 1 mV/s. Before starting
the experiments, the electrodes were left for one hour in the solution to stabilize at their free corrosion
potential. The surface of samples were washed with ethanol before testing. All experiments were
repeated three times.
Electrochemical impedance spectroscopy (EIS) was carried out using a Reference 3000
potentiostat/galvanostat (Gamry Instruments, Warminster, PA, USA). Electrodes were mounted
in epoxy resin and assembled in a three-electrode teflon holder. A platinum foil with a surface of 1 cm2
was used as cathode and an Ag/AgCl (KCl sat.) as the reference electrode. Prior to EIS experiments,
one-hour stabilization time was considered then the frequency scanning was performed from 10−2 to
105 Hz with a root-mean square potential amplitude of 5 mV. The interpretation of EIS results was made
with the help of ZSimpWin software (Ametek Princeton Applied Research, Oak Ridge, TN, USA).
2.3. Surface Analysis
The cross-sectional morphology of the coatings was studied after performing the potentiodynamic
polarization tests by using a scanning electron microscope (SEM, JSM-840A, JEOL Inc., Peabody,
MA, USA) equipped with an energy dispersive X-ray spectroscopy (EDS, SwiftED 3000, Oxford
Instruments, Concord, MA, USA). Further surface chemistry analysis was performed by using an X-ray
photoelectron spectroscopy (XPS, Axis-Ultra, Kratos Analytical, Manchester, UK), using an incident
X-ray radiation of Al Kα under vacuum (10−12 bar). The surface film was analyzed at a take-off angle
of 30◦. Narrow multiple scans were recorded with 160 and 1 eV step sizes. High resolution spectra
were recorded at pass energies of 40 and 20 eV and step sizes of 0.1 and 0.05 eV. Apparent relative
concentrations were calculated using the CasaXPS software (Casa Software, Teignmouth, UK) with the
appropriate sensitivity factors.
3. Results and Discussion
3.1. Electrochemical Behavior
The variation of OCP of metallic materials as a function of time gives valuable information about
film formation and passivation. A rise of potential in the positive direction indicates the formation
of a protective film, a steady potential indicates the presence of an intact and protective film, and a
drop of potential in the negative direction indicates breakage or dissolution of the film, or no film
formation at all [36]. The OCP vs Ag/AgCl reference electrode plots of all tested coatings (Figure 1a)
show that at the early moments of immersion the potential rapidly shifts towards negative, indicating
the dissolution of the oxide layer existing before immersion. The potential then experienced a steady
state and no change was observed until the end of the experiment over 20 h, indicating an equilibrium
established between the corrosion and the formation of an oxide film on the surface. The Fe3Al coating
exhibited more negative potential value than did of Fe3Al/TiC and Fe3Al-Cr/TiC coatings. Adding
TiC shifted the absolute potential of Fe3Al to less negative value. This indicates that for composite
coatings, corrosion via dissolving the electrode surface decreased.
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Figure 1. Electrochemical test results of Fe3Al, Fe3Al/TiC and Fe3Al-Cr/TiC in freely aerated 3.5 wt. %
NaCl solution: (a) open circuit potential measured for up to 20 h, (b) potentiodynamic polarization
curves, (c) Nyquist plots, and (d) proposed equivalent circuit model.
The three coatings show a similar shape of polarization curves (Figure 1b). A difference is observed
as the composite coatings (Fe3Al/TiC and Fe3Al-Cr/TiC) show a nobler corrosion potential (Ecorr) and a
lower corrosion current density (jcorr) than that of the Fe3Al. This observation is in accordance with
the OCP results. Although the current density remains constant beyond a certain potential range, the
curves do not demonstrate an active-passive behavior, and no breakdown potential can be observed
even at relatively high potentials. The values of corrosion parameters obtained from the polarization
curve, such as cathodic Tafel (βc) and anodic Tafel (βa) slopes, and polarization resistance (Rp) are
presented in Table 3. The results indicate that adding TiC particles to Fe3Al matrix decreases the anodic
and cathodic current density and the value of Ecorr shifts to the less negative direction. In composite
coatings, smaller values of jcorr and greater amounts of Rp compared to Fe3Al, revealed that the
corrosion performance of composite coatings in 3.5% NaCl solution has been improved by adding
TiC. A decrease of calculated corrosion rate (CR) is also shown by the composite coating which further
decreasing by the addition of Cr into the Fe3Al/TiC.
Table 3. Corrosion parameters obtained from the polarization curves.
Sample βc (mV·dec−1) Ecorr (mV) βa (mV·dec−1) jcorr (μA·cm−2) Rp (Ω·cm2) CR (mm·y−1)
Fe3Al 350 −780 250 83.8 15.3 7.7 × 10−9
Fe3Al/TiC 380 −480 380 13.9 300 1.4 × 10−9
Fe3Al-Cr/TiC 170 −350 250 9.9 205 0.4 × 10−9
The electrochemical impedance spectroscopy (EIS) test results, represented in the form of Nyquist
plots (Figure 1c), show two types of diagrams. The first type, as also shown in magnified inset of
(Figure 1c) is related to Fe3Al and Fe3Al/TiC samples and consists of two overlapped capacitive loops.
The time constant at high frequencies is attributed to the corrosion product layer while the second at
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intermediate and low frequencies is ascribed to the faradaic charge transfer process [37]. Compared to
Fe3Al, the composite coatings exhibit higher impedance values, indicating that the corrosion products
layer formed on the surface is more protective than that formed on Fe3Al [38]. This result is in good
agreement with the results obtained by potentiodynamic tests. The second type (the black curve in
the main diagram of Figure 1c) is related to Fe3Al-Cr/TiC showing a much larger diameter of the arc,
indicating larger impedance due to the addition of Cr into Fe3Al/TiC. The diagram consists of a small
semicircle, tended to be a straight line with a slope of around 45◦ (after Zreal = 500). Since a slope higher
than 45◦ was reported to be the characteristic of a diffusion process, corresponding to a concentration
gradient localized in a porous layer and in the solution [38], this response for Fe3Al-Cr/TiC could
therefore be the characteristic of a diffusion process while the semicircle curves of Fe3Al and Fe3Al/TiC
are attributed to a charge transfer process. In order to provide quantitative support to the experimental
EIS results, an equivalent circuit was proposed (Figure 1d) and the related impedance parameters were
fitted and calculated (Table 4).












Fe3Al 1.9 187.3 7.9 × 10−3 0.8 27.7 70 × 10−3 1
Fe3Al-TiC 1.8 402.1 4.2 × 10−3 0.68 160 4.7 × 10−3 0.6
Fe3Al-Cr/TiC 7.2 1979 8.7 × 10−6 0.9 16.8 × 103 0.8 × 10−3 0.8
In the proposed equivalent circuit model, Rel corresponds to the resistance of the electrolyte while
R2 and CPE2 represent the resistance and the capacitance of the corrosion product layer, respectively. R1
represents the charge transfer resistance, and CPE1 represents the double-layer capacitance. A constant
phase element (CPE) was used to consider a deviation from an ideal capacitor. The origins of the CPE
were summarized by Jorcin et al. [39], which includes distributed surface roughness and heterogeneity,
slow adsorption reaction, non-uniform potential and current distribution. CPE1 and CPE2 are two
constant phase elements of the equivalent circuit and n1 and n2 are corresponding exponents (CPE
= Y0(jω)n). CPE can represent pure resistance (n = 0), pure capacitance (n = 1), Warburg impedance
(n = 0.5) or inductance (n = −1) [28]. The calculated parameters indicate that the values of fractional
exponent, n2, for all specimens are close to 1, being near to that of a pure capacitance. The CPE2
possesses physical meaning of the capacitance of the corrosion products layer (C = εr ε0 Ad ) that is
inversely proportional to the thickness of the corrosion layer (d).
The CPE2 values for composite coatings (Fe3Al/TiC and Fe3Al-Cr/TiC) are less than that of Fe3Al.
This result could be due to an increase of the thickness of the corrosion product layer or its composition
change. R2 value is also higher for the composite samples, compared to the pure Fe3Al. This value
significantly increases by adding Cr into the composite. The increase of the resistance of the corrosion
products layer, R2, for composite coatings indicates that the layer is more resistant to electron transfer.
This could be an indication of the compactness of this layer, i.e., more compact corrosion product layer
can block the dissolution reaction, providing an effective barrier against corrosion. Therefore, among
the composite samples, the corrosion product resistance of Fe3Al-Cr/TiC is much greater than that
of Fe3Al/TiC. The charge transfer resistance, R1 of Fe3Al/TiC is also higher than that of the two other
samples, which is likely due to the blocking effect of the more compact corrosion product layer formed
at the surface. R1 for composite coatings (Fe3Al/TiC and Fe3Al-Cr/TiC) are considerably higher than
that of Fe3Al.
3.2. Surface Analysis
After potentiodynamic polarization test, three distinct layers are observed on the cross-section
of the tested samples, i.e., substrate, coating and corrosion products (Figure 2). A thick layer of
corrosion product uniformly covered the entire surface of the coatings. The coating consists of lamellar
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microstructure. This structure is typical in the HVOF process while partially molten particles hit the
surface of the substrate and spread on, resulting in a lamellar microstructure called splats, which
appears in the form of elongated grains at the cross-section view.
 
Figure 2. Cross-sectional SEM micrograph of the corrosion product layer formed on: (a) Fe3Al, (b)
Fe3Al/TiC, and (c) Fe3Al-Cr/TiC after subjected to the potentiodynamic polarization test.
The XPS analysis results confirm the presence of a mixture of FeO and Fe2O3 as well as Al2O3 on
the top layer of all three coatings (Figures S1 and S2a, Supplementary File). Other detected corrosion
products are Al2O3, Al(OH)3 and AlCl3 (Figure S2, Supplementary File). The oxides could be formed
during HVOF process, similar to that reported by Frangini et al. [13]. They reported that the outer
part of the oxide layer predominantly consists of mixed Al-Fe oxy-hydroxide whereas the inner part
is of mostly an Al-rich oxide phase. The hydroxides and chlorides are formed during polarization
tests due to the presence of sodium chloride in the solution. On the XPS spectra of the two composite
coatings appear also the peaks associated with TiO, TiO2 and Cr(OH)3 (Figure S3, Supplementary File).
These results as well as the EDS analysis of the corrosion products indicate that a corrosion product
layer was formed on the composite coatings (Fe3Al/TiC and Fe3Al-Cr/TiC) and consists of a mixture of
aluminum, iron and titanium oxide, aluminum hydroxide, titanium carbide and chromium hydroxide
in case of Fe3Al-Cr/TiC. The presence of hydroxide could be the result of hydration of product film
that can happen by raising potential, as reported by Rao [23]. The elemental analysis, extracted from
XPS spectra of the three coatings before and after polarization tests, reveals the composition of the
top oxide layer (Table 5). In addition to the elements presented in Table 5, an appreciable amount of
carbon and oxygen was also detected by XPS analysis. Oxygen in coatings before the test could be
due to the oxidation of the feedstock during coating by HVOF technique or to the natural oxidation in
contact with air. The presence of carbon is due to TiC. However, carbon is also present in the sample
without TiC. One source of carbon and oxygen, detected by XPS, is usually the chemisorption of CO
and CO2 on the sample. The amount of the chemisorbed species could be significant on the porous
materials with high surface area. As it is difficult to quantify the portion of analyzed carbon and
oxygen coming from the chemisorption, the XPS data in Table 5 were presented only for the elements
other than oxygen and carbon. Therefore, the at. % in this table is the relative amount of each element
normalized on the sum of the analyzed elements (i.e., Fe, Al, Ti, Cr, Cl).
Table 5. XPS surface analysis of the samples (excluding carbon and oxygen) before and after polarization
tests. The at. % is the normalized value for each element on the sum of all elements presented in
the table.
at. % Fe3Al Fe3Al/TiC Fe3Al-Cr/TiC
Before Test After Corrosion Before Test After Corrosion Before Test After Corrosion
Fe 62 22 54 31 36 29
Al 37 67 34 14 30 6.8
Ti 0.0 0.0 10 37 11 32
Cr 1.1 1 1.7 8.5 23 20
Cl 0.0 9.8 0.0 8.7 0.0 11
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A notable increase of Al content is detected on Fe3Al coating after corrosion, but not on the two
composite coatings. Rao [23] stated that Al gets enriched on the surface of Fe3Al coating due to the
formation of oxide and chloride, whereas Fe gradually dissolves into the corrosive solution of H2SO4.
A significant increase of Ti content is detected on both composite coatings, which could be related to the
formation of TiO2 and accumulation of TiC in the corrosion products. In addition, sample Fe3Al-Cr/TiC
exhibits a large amount of Cr in the corrosion products. As discussed by Zamanzade et al. [40],
Cr3+ may substitute the Al3+ sites during the formation of the passive film by diffusion into the
solution/oxide interface.
4. Conclusions
Adding TiC into Fe3Al matrix, prepared by high-velocity oxy-fuel spraying, increases the corrosion
resistance of Fe3Al/TiC composite coating in 3.5 wt. % NaCl solution. The corrosion rates of Fe3Al/TiC
coating are about five times lower than that of Fe3Al. The addition of Cr into Fe3Al/TiC further
decreases the corrosion rate of Fe3Al-Cr/TiC coating to three times lower than that of Fe3Al/TiC.
A corrosion product layer consisting of a mixture of aluminum, iron and titanium oxide and aluminum
hydroxide is formed on the samples. Chromium hydroxide as also formed in case of Fe3Al-Cr/TiC.
A more compact corrosion layer formed on the Fe3Al-Cr/TiC leads to a corrosion mechanism via
diffusion process, while the Fe3Al/TiC and Fe3Al corrode via a charge transfer mechanism. Finally,
this work concludes that the benefit of adding TiC particles into Fe3Al matrix to improve the wear
resistance does not deteriorate its corrosion resistance, and further addition of Cr slightly improves its
corrosion resistance even more.
Supplementary Materials: The following are available online at http://www.mdpi.com/2075-4701/9/4/437/s1,
Figure S1: XPS spectra for Fe2p for: (a) Fe3Al, (b) Fe3Al/TiC, and (c) Fe3Al-Cr/TiC, Figure S2: XPS spectra of
Al2p for Fe3Al/TiC: (a) before and (b) after polarization test, Figure S3: XPS spectra of Ti2p for: (a) Fe3Al/TiC (b)
Fe3Al-Cr/TiC, and (c) Cr2p of Fe3Al-Cr/TiC.
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Abstract: The multi-galvanic effect of an Al fin-tube heat exchanger was evaluated using polarization
tests, numerical simulation, and the seawater acetic acid test (SWAAT). Determination of the
polarization state using polarization curves was well correlated with numerical simulations using
a high-conductivity electrolyte. However, the polarization results did not match those of the
low-conductivity electrolyte due to the lower galvanic effect. Although the polarization state is
changed by electrolyte conductivity, the total net current of the tube is decreased in the case of the
anodic joint. From SWAAT results, the leakage time of Al fin-tube heat exchanger assembled by
anodic joint was longer than the case with cathodic joint.
Keywords: aluminum; heat exchanger; galvanic corrosion; simulation; polarization
1. Introduction
Aluminum (Al) is a light metal that has interesting properties for heat exchanger applications
(e.g., its low density, high thermal conductivity [1], good corrosion resistance [2], and good mechanical
properties [3]) in the HVACR (heating, ventilation, air conditioning, and refrigeration) industry for
use in cooling systems and air-ventilated units [4–6]. In the mid-1990s, the mechanical assembly of
automotive heat exchangers started using brazed Al alloys, and this trend is currently applied in the
heat exchangers of air conditioners [7]. In air conditioners, AA 1xxx and AA 3xxx series alloys are
used because automotive heat exchangers do not require high mechanical properties and these series
have higher thermal transfer efficiency and are economic advantages [8].
To increase the wettability of the melted filler metal at the surface, fluxing is used to remove the
natural oxide layer covering the Al surface [9]. Due to the high temperature and cladding with the flux
material [10,11], the geometry and microstructure of the joint region, tube, and fin are modified [12–15].
The microstructural change can influence the corrosion behavior. Thus, the microstructural effects on
the corrosion properties after brazing should also be considered. In addition, the Al series used in the
tube, fin, and joint (filler metal) are different according to their applications. In this study, AA 1100,
AA 3003, and AA 4343 or modified AA 4343 are used in the tube, fin, and filler metal, respectively. For
assembly of the fin and tube, each part underwent brazing and the fin-tube was jointed as shown in
Figure 1. Although Al is used in all parts of the fin-tube heat exchanger, the different alloying elements
in the Al series influence the corrosion properties, resulting in galvanic corrosion [16,17].
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Figure 1. Cross-sectional view of the Al fin-tube heat exchanger assembled by the brazing process.
An important consideration related to the corrosion protection of Al fin-tube heat exchangers is
the galvanic coupling between the fin and tube materials. Generally, the material used in the fin has a
more negative potential than the tube materials in order to provide cathodic protection for the tube.
However, in the case of the Al fin-tube heat exchangers that are assembled by the brazing process,
the brazing joint influences the galvanic coupling; this is called multi-material galvanic corrosion.
The basic principles of galvanic corrosion are well established and commonly accepted, but galvanic
corrosion in realistic situations, such as with multi-material coupling and complex geometries, is hard
to predict. Fortunately, the advance of computational simulations has made it possible to model many
complex corrosion situations; thus, computational simulation can be directly used to solve engineering
design problems [18]. Computational simulation approaches are one of the most effective methods for
corrosion design of a product.
Generally, the outside part of the Al fin-tube heat exchanger is the main corroded region because
the acid rain and outside pollutants such as sulphur oxides (SOx) and nitrogen oxides (NOx) cause a
severe corrosion problem. Thus, a test for outside corrosion is mainly considered for Al fin-tube heat
exchanger. One of the corrosion reliability tests of the Al fin-tube heat exchanger is the sea water acetic
acid test (SWAAT), which is a cyclic spray test (as opposed to a full immersion test). Therefore, in
SWAAT, wet and high humidity environments are produced in turn. This indicates that the corrosion
condition of the Al fin-tube heat exchanger is alternatively exposed to the thin-layer electrolyte and full
immersion. The conductivities of full immersion electrolytes and thin-layer electrolytes are significantly
different, which affects the potential and current distribution of the galvanic coupled metals [19]. Thus,
the solution conductivity needs to be taken into account when designing a system that protects against
galvanic corrosion. In this study, we evaluate the corrosion of Al fin-tube heat exchangers with
different brazing joints in high- and low-conductivity electrolyte conditions based on computational
simulations. Also, to compare the result of computational results, the actual SWAAT was conducted
for Al fin-tube heat exchanger applied different joint materials. Although it would be not a perfect
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validation of simulation results, it can be supporting the simulation results for application of actual
corrosion reliability test.
2. Boundary Element Method (BEM)
A model of an Al fin-tube heat exchanger is shown in Figure 2; this has electrolyte domains (Ωbulk
and Ωthin-layer) and is surrounded by the surface of the electrolyte (Γn), the surface of the tube part (Γa),
the surface of the fin part (Γb), and the surface of the joint part (Γc). The electrolyte conductivity (σ) is
uniform in the whole domain and there is no current loss. The potential field in the electrolyte domain
(Ω) can be modeled by Laplace’s equation [20]:
∇2Φ = 0 (1)
Here, Φ is the electrical potential, which is the potential relative to a reference electrode, such as a
saturated calomel electrode (SCE).
Laplace’s equation is calculated using the following boundary conditions:
i = i0, on Γn (2)
ia = fa(Φa), on Γa (3)
ib = fb(Φb), on Γb (4)
ic = fc(Φc), on Γc (5)
Here, Γ is the entire surface of the electrolyte domain, which includes Γn (electrolyte surface), Γa
(tube surface), Γb (fin surface), and Γc (joint surface). fa(Φa), fb(Φb), and fc(Φc) are the non-linear
functions on the surfaces of the tube, fin, and joint areas, respectively, which represent the
experimentally achieved polarization curves. Thus, the boundary element method (BEM) can be
used to calculate Laplace’s Equation (1) when the tube, fin, and joint areas are prescribed on the Al
surface and their polarization curves are known [21]. Based on this, Φ and i on the whole surface can
be determined.
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Figure 2. Boundary conditions for corrosion simulation of the Al fin-tube heat exchanger.
An Al fin-tube heat exchanger model was created using the Rhinoceros 4.0 (Robert McNeel &
Associates, Seattle, USA)3D drawing software based on the real shapes and dimensions. The inner
parts of the heat exchanger were not modeled to avoid computational errors because outside corrosion
is the main consideration in this study. The 3D model of the Al fin-tube heat exchanger, with detailed
dimensions, is shown in Figure 3. The joint part is modeled by rectangular shape between the tube and
fin to simplify the heat exchanger model. Areas of the tube, fin, and joint are 870, 1115, and 40 mm2,
respectively. After modeling, the heat exchanger, the 3D model was imported into the program BEASY
version 10.0r14, which is BEM-based software(BEASY, Southampton, England). Setting the boundary
conditions is an essential step for corrosion simulation. Different electrolyte) conductivity values
were applied for comparison of the bulk (0.4 S/m) and thin-layer (0.00004 S/m) electrolytes; this was
done because the electrolyte conductivity is generally decreased in thin-layer electrolyte conditions.
Although the oxygen concentration and ion transfer parameter can also influence the corrosion rate,
we consider the electrolyte conductivity difference because the galvanic effect between the tube, fin,
and joint is the main focus in this study. Also, the localized corrosion caused by galvanic corrosion is
the important factor for corrosion reliability. However, the corrosion design for a large structure by
simulation is the main goal of this study. Thus, not the localized corrosion which is focused on the
micro-scale but the uniform corrosion in bulk structure was focused in this study.
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Figure 3. 3D models of the Al fin-tube heat exchanger with detailed dimensions (view of top, front,
right and perspective).
3. Experimental Procedures
3.1. Materials and Solution
As mentioned above, AA 1100, AA 3003, and AA 4343 or modified AA 4343 (which was modified
to include more Zn to decrease the corrosion potential), are used in the tube, fin, and filler metals,
respectively. The chemical composition of each part is listed in Table 1. Cathodic and anodic joints
indicate that the higher and lower corrosion potential than the tube materials. Fin material always
has lower potential than tubes and joints for the corrosion protection of the tube. The test solution
consisted of a seawater acidified solution which is a synthetic sea salt solution made with the addition
of glacial acetic acid (pH 3.0), as described by ASTM G85. Test temperature of all the tests is 49 ◦C.




Cu Fe Si Zn Mn
Tube
(AA 1100) 0.001 0.200 0.010 - -
Fin
(AA 3003) 0.002 0.210 0.220 0.150 0.640
Cathodic joint
(AA 4343) 0.110 0.120 5.380 0.080 0.010
Anodic joint (modified AA 4343) 0.120 0.120 7.730 0.480 0.010
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3.2. Potentiodynamic Tests
Polarization data for the different parts of the Al fin-tube heat exchanger (i.e., AA 1100, AA 3003,
and AA 4343 or modified AA 4343) were needed to conduct simulations. Potentiodynamic polarization
tests were conducted by a conventional three-electrode cell. A purified carbon rod was used as
the counter electrode and a saturated calomel electrode (SCE) was used as the reference electrode.
The tested specimen for carrying out the polarization test of each part was extracted from the Al
fin-tube heat exchanger which was machined by a micro-cutting machine (The CUTLAM®micro 1.1,
LAMPLAN, Gaillard, France). The working electrode was abraded by a series of abrasive papers (from
220 to 600 grit), rinsed ultrasonically with ethanol, and dried with nitrogen (N2) gas. The specimen
was covered with silicone rubber, leaving an area of 25 mm2 unmasked. The prepared specimen was
then exposed to the test solution for 1 h. Potentiodynamic polarization tests were carried out using a
Bio-Logic VSP-300 potentiostat. The potential range was from −0.3 VSCE vs. the open-circuit potential
(OCP) to −0.4 VSCE at a scan rate of 0.166 mV/s. All polarization tests were repeated a minimum of
three times to ensure accuracy.
3.3. Sea Water Acetic Acid Test (SWAAT)
As a corrosion reliability test of fin-tube heat exchanger, SWAAT has been used in the field of
Al fin-tube heat exchanger. Thus, to compare the corrosion reliability of Al fin-tube heat exchanger
applied anodic and cathodic joint and validate the corrosion resistance of suggested joint materials,
SWAAT was conducted in this study. SWAAT was produced based on ASTM G85 which utilizes the
following cycle: 30-minute spray followed by a 90-minute soak at above 98% relative humidity and
49 ◦C. Whole Al fin-tube heat exchangers were tested to evaluate the tube leakage time caused by
corrosion degradation. To record the leakage time caused by corrosion degradation, the tube was filled
with air at the inlet part and the pressure gage was installed at the outlet part. Until the pressure gage
was set to 5 MPa, the air was filled. The leakage of the Al fin-tube exchanger was determined from the
decrease of a pressure gage during the SWAAT.
4. Results and Discussion
4.1. Polarization Curves
Figure 4 shows the polarization curves of the tube (AA 1100), fin (AA 3003), cathodic joint (AA
4343), and anodic joint (modified AA 4343) in the seawater acetic acid solution. Parameters such
as the anodic and cathodic Tafel slopes (βa and βc), corrosion current density (icorr), and corrosion
potential (Ecorr) were determined from the polarization curves and are listed in Table 2. Although
icorr is different for each part of the Al fin-tube heat exchanger due to the alloying and microstructure
effects [16,17,22–24], the actual current density in the Al-fin tube heat exchanger should vary due to
the galvanic corrosion between the three metals. Ecorr exhibits the following decreasing order: cathodic
joint > tube > anodic joint > fin. This means that the fin acts as a sacrificial anode for both of the
assembled cases; cathodic joint > tube > fin and tube > anodic joint > fin. Thus, the effect of different
tri-metal galvanic couplings on the corrosion reliability should be considered for designing Al fin-tube
heat exchangers.
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Figure 4. Polarization curves of each part of the Al fin-tube heat exchanger.
Table 2. Potentiodynamic polarization test results of different parts of the Al fin-tube heat exchanger











(AA 1100) 0.021 ± 0.003 0.886 ± 0.01 0.109 ± 0.05 −0.716 ± 0.02
Fin
(AA 3003) 0.010 ± 0.005 0.223 ± 0.01 2.351 ± 0.25 −0.792 ± 0.02
Cathodic joint
(AA 4343) 0.109 ± 0.03 0.748 ± 0.09 0.129 ± 0.06 −0.657 ± 0.01
Anodic joint (modified AA 4343) 0.018 ± 0.002 0.859 ± 0.05 0.349 ± 0.09 −0.746 ± 0.03
Generally, in tri-metal galvanic couples that include three metals (A1, A2, and A3) with different
corrosion potentials in the order of EA1 > EA2 > EA3, the polarization of the middle potential metal
(EA2) can be defined by the mixed potential theory [25,26]. If the tri-metal galvanic coupled metals
(A1, A2, and A3) comply with the Tafel system (a linear system), the polarization state of the middle
potential metal can be determined by the Tafel superposition relation. Thus, the tri-metal galvanic
couple can be investigated by considering the A1-A2 and A2-A3 couples. Then, the net current (Inet) on
the A2 metal can be determined as IA1-A2 − IA2-A3, where IA1-A2 and IA2-A3 are currents flowing from
A1 to A2 and from A2 to A3, respectively. This means that A2 acts as an anode in the case of a positive
Inet and as a cathode in the case of a negative Inet.
Based on the above determination made via the polarization state method, the polarization states
of the tube in the two assembled cases (case 1: fin-tube-cathodic joint and case 2: fin-tube-anodic
joint) were determined. Schematic polarization curves of the tube, fin, and joint are shown in Figure 5,
which reflect the area of the 3D model used to interpret the polarization state; this is done because
the ratio of the cathode-to-anode surface areas is an important factor in galvanic corrosion. In case
1, the intersection between the Tafel slopes of the cathodic joint and the tube cannot occur. Thus, the
galvanic currents on the anode parts, which are the anodic currents on the tube and fin (IT-CJ and IF-T),
are not increased after galvanic coupling according to the mixed-potential theory. Alternatively, the
galvanic currents on the cathodic parts, which are the cathodic currents on the cathodic joint and tube
(ICJ-T and IT-F), are increased. Consequently, Inet of the tube in case 1 is negative, acting as a cathode.
In case 2, the Tafel slopes of the anodic joint and tube make an intersection. The galvanic currents on
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the anode parts, which are the anodic currents on the anodic joint and fin (IAJ-T and IF-T), are increased
only in the anodic joint and tube couple. The galvanic currents on the cathode parts, which are the
cathodic currents on the tube (IT-AJ and IT-F), are increased in case 2. The value of Inet for the tube in
case 2 is also negative, acting as a cathode. In short, the polarization state of the tube in both cases was
cathodic; however, this determination did not consider the distance between the anode and cathode or




Figure 5. Tafel slopes of the polarization curves applied to the surface areas of the tube, fin, and joint in
the 3D model and the calculated galvanic current based on mixed-potential theory: (a) case 1 and (b)
case 2.
4.2. Corrosion Simulation
Figures 6 and 7 show the 3D models of the Al-fin tube heat exchanger with the cathodic and
anodic joints, respectively, in high-conductivity electrolyte (0.4 S/m). The potential and current density
ranges of the Al-fin tube heat exchanger assembled with a cathodic joint (Figure 6) were –775.2 mVSCE
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to −774.9 mVSCE and −2.21 × 10−7 A/mm2 to 3.52 × 10−7 A/mm2, respectively. While those of the
Al-fin tube heat exchanger assembled with an anodic joint (Fig. 7) were −786.2 mVSCE to –786.1 mVSCE
and −4.09 × 10−7 A/mm2 to 1.37 × 10-7 A/mm2, respectively. In both cases, the anodic current was
observed only on the fin part and the current density increased near the tube and joint parts. This
is due to the increased galvanic effect between the metals which had different corrosion potentials.
The potential distribution was not broad (almost single potentials of −775 mVSCE and −786 mVSCE)
in the anodic potential range of the fin. This means that the fin part acted as a sacrificial anode to
the tube and joint (anodic and cathodic joints) in the high-conductivity electrolyte, regardless of the
polarization state of the joint. This result is similar to the determination of the polarization state using
the polarization curves.
Figure 6. Simulation results of the Al fin-tube heat exchanger assembled with a cathodic
joint in high-conductivity electrolyte: (a) potential, (b) current density, and (c) anodic current
density distribution.
135
Metals 2019, 9, 376
Figure 7. Simulation results of the Al fin-tube heat exchanger assembled with an anodic
joint in high-conductivity electrolyte: (a) potential, (b) current density, and (c) anodic current
density distribution.
The total net currents of each part of cathodic or anodic joints in high-conductivity electrolyte
were −8.87 × 10−6 A (cathodic joint), −5.93 × 10−5 A (tube), 6.81 × 10−5 A (fin) and −1.09 × 10−6
A (anodic joint), −5.94 × 10−5 A (tube), 6.05 × 10−5 A (fin). The total net current is related to the
amount of current flowing from the anode or cathode. A decrease in the total net current simply
indicates a decrease of the corrosion rate (according to Faraday’s law). Thus, the decrease of the total
net current of the fin in the anodic joint implies increased corrosion life, which means that an anodic
joint extends the corrosion life of the Al-fin tube heat exchanger compared to the cathodic joint in the
high-conductivity electrolyte.
Figures 8 and 9 show the 3D models of the Al-fin tube heat exchanger using cathodic and
anodic joints in low-conductivity electrolyte (0.00004 S/m), respectively. Contrary to the results of the
high-conductivity electrolyte, the potential distribution was clearly separated in each part of the Al
fin-tube heat exchanger in both cases (anodic and cathodic joints). This means that the galvanic effect
among the tube, fin, and joint was significantly decreased due to the low conductivity [19]. Also, these
results indicate that the cathodic protection effect between exchanger components was very low, so
that sufficient protection could not be obtained at the regions that are far away from the junction. The
136
Metals 2019, 9, 376
cathodic current was observed in the case of the cathodic joint, while anodic and cathodic currents
were found in the case of the anodic joint. In the tube and fin, only the anodic current was shown,
which implies that the current flow is too low to change the polarization state from anodic to cathodic.
However, the anodic current was slightly decreased near the anodic joint (Figure 9c) because of a small
current effect from the anodic joint. Consequently, the total net current was slightly lower in the case
of the anodic joint (6.205 × 10−3 A) than in the case of the cathodic joint (6.329 × 10−3 A). However,
according to the simulation results, the anodic joint was more favorable for extending the corrosion
life of the Al fin-tube heat exchanger (especially in the tube part) in both conductivity environments.
This can be verified by practical corrosion testing.
Figure 8. Simulation results of the Al fin-tube heat exchanger assembled with a cathodic joint in
low-conductivity electrolyte: (a) potential distribution, (b) current density distribution, and (c) current
density distribution at the tube.
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Figure 9. Simulation results of the Al fin-tube heat exchanger assembled with an anodic joint in
low-conductivity electrolyte: (a) potential distribution, (b) current density distribution, and (c) current
density distribution at the tube.
4.3. SWAAT Test
To compare the corrosion lifetimes of Al fin-tube heat exchangers assembled with cathodic or
anodic joints, SWAAT was conducted until leakage of the tube occurred. The polarization states of the
Al fin-tube heat exchangers assembled by cathodic or anodic joints and the corresponding leakage
time are listed in Table 3. Although the polarization state was changed according to the electrolyte
conductivity, the anodic joint was efficient in extending the corrosion life because the anodic joint
either decreased the net current on the fin or it protected the tube by serving as a sacrificial anode. In
short, based on the corrosion simulation results, it was revealed that the anodic joint can increase the
corrosion life. In SWAAT, an increase in the corrosion life was observed on the Al fin-tube assembled
with an anodic joint. The leakage time in the case of the anodic joint was increased by about 42%
relative to the lifetime with the cathodic joint. This suggests that the numerical simulation results
correlated well with the corrosion test of the product. Thus, corrosion simulations can be helpful for
the design of Al fin-tube assembly in low and high-conductivity electrolytes.
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Table 3. Sea water acetic acid test (SWAAT) results and polarization states of Al fin-tube heat exchangers
assembled with cathodic or anodic joints.
Polarization State
FROM SIMULATION Leakage Time (day)
High conductivity Low conductivity
Cathodic joint Cathode Cathode
56 daysTube Cathode Anode
Fin Anode Anode
Anodic joint Cathode Anode/Cathode
80 daysTube Cathode Anode
Fin Anode Anode
5. Conclusions
In this study, the multi-galvanic effect in Al fin-tube heat exchangers assembled with cathodic or
anodic joints was investigated using a polarization determination method and numerical simulation
in the presence of electrolytes with high and low conductivities. SWAAT was also conducted to verify
the simulation results. When determining the polarization state from the polarization curves, the
tube and joint were found to be cathodes, while the fin acted as an anode, regardless of the corrosion
potential of the joint. These results are in good agreement with the numerical simulation results in
the high-conductivity environment. However, discrepancies were observed in the low-conductivity
environment because the galvanic effect between the fin, tube, and joint was small. Although the
polarization state changed according to the electrolyte conductivity, the total net current of the tube,
which is related to the corrosion rate, was lower in the case of the anodic joint. Thus, the Al fin-tube
heat exchanger assembled with the anodic joint was superior to the exchanger assembled with the
cathodic joint. This result was verified by SWATT, and the leakage time of the Al fin-tube heat
exchanger assembled with the anodic joint was 42% longer than that of the exchanger assembled with
the cathodic joint. Due to the good correlation with the practical corrosion test results, numerical
simulation of the multi-galvanic situation can be applied to improve the corrosion design of products.
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Nomenclature
i Current density, A/mm2
V potential, VSCE
icorr corrosion current density, μA/mm2
Ecorr corrosion potential, VSCE
βa anodic Tafel slope, V/decade
βc cathodic Tafel slope, V/decade
Inet net current, A
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Subscripts
Ω electrolyte domain
Ωbulk bulk electrolyte domain
Ωthin-layer thin-layer electrolyte domain
Γn surface of the electrolyte
Γa surface of the tube part
Γb surface of the fin part
Γc surface of the joint part
Φ electrical potential
fa(Φa) non-linear functions of the tube surface
fb(Φb) non-linear functions of the tube fin
fc(Φc) non-linear functions of the tube joint
A1, A2, and A3 three metals
EA1, EA2, and EA3 corrosion potential of three metals, V
IA-B net current of A in galvanic condition between A and B
Abbreviation
Aluminum Al
heating, ventilation, air conditioning, and refrigeration HVACR
sulphur oxides SOx
sea water acetic acid test SWAAT
saturated calomel electrode SCE
3 dimension 3D
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Abstract: In this paper, the effects of thermal aging in the 650–850 ◦C range on the localized corrosion
behaviour of duplex stainless steel (DSS) 2304 was investigated. Pitting corrosion resistance was
assessed by pitting potential (Epitt) and critical pitting temperature (CPT) determination, while the
degree of sensitisation (DOS) to intergranular corrosion (IGC) was evaluated by double loop
electrochemical potentiokinetic reactivation (DL-EPR). The susceptibility to stress corrosion cracking
(SCC), evaluated in standard NACE TM-0177 solution at pH 2.7 and 25 ◦C, with the addition of
S2O32− at 10−3 M, resulted in general good agreement with pitting and IGC behaviour. In fact,
as-received DSS 2304 aged for 5 min at 650 ◦C or 750 ◦C presented a high resistance to localized
corrosion. The alloy corrosion behaviour was severely impaired with an aging time of 60 min at
650 ◦C and of 10 or 60 min at 750 ◦C, due to the precipitation of finely distributed M23C6-type
chromium carbides at ferrite/austenite interphases, which determined the formation of chromium
and molybdenum depleted areas. The behaviour of samples aged at 850 ◦C also depended on the
aging time, but, at 60 min, the rediffusion of passivating elements produced a recovery of the alloy
resistance to pitting, IGC and SCC.
Keywords: duplex stainless steel; pitting corrosion; intergranular corrosion; stress corrosion cracking;
CPT; DL-EPR
1. Introduction
The significant mechanical and corrosion resistance performances of duplex stainless steels (DSS)
are essentially related to their biphasic microstructure, characterized by an austenite/ferrite ratio close
to 1 and by their chemical composition, which includes elements like chromium, molybdenum and
nitrogen. However, these elements can cause the formation of deleterious secondary phases, such as χ
(chi) and σ (sigma) phases and chromium nitrides and/or carbides, if DSS are held, also for brief times,
within the 550–950 ◦C temperature range [1,2]. The σ phase is an intermetallic compound, containing
about 30% Cr, 4% Ni and 7% Mo, that nucleates preferentially at the ferrite and ferrite/austenite
grain boundaries and then grows into the ferritic grains in DSS aged between 700 and 950 ◦C [3].
The χ-phase, containing about 25% Cr, 3% Ni and 14% Mo, also forms within 700–900 ◦C, but in
smaller amounts than σ [3]. Escriba et al. [4] observed that this phase was metastable in DSS 2205
grade and was consumed by the σ-phase precipitation. The precipitation of Cr2N and M23C6 type
carbides is observed to occur simultaneously in the 550–1000 ◦C temperature range, but their formation
is quicker at 700–900 ◦C [5]. Both the χ and/or σ phase and the chromium nitride and/or carbide
precipitation can determine a Cr-depletion in adjacent areas [5–9], with consequent impairment of
corrosion resistance. Moreover, Cr-depleted ferrite phase with high Ni content becomes unstable and
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eventually transforms into secondary austenite (γ2) [10–13], which is characterized by a significantly
lower chromium concentration [5].
DSS 2304 (UNS 32304) was the first lean duplex stainless steel (LDSS) to be commercialized. It is a
low-cost grade, due to Mo savings (Mo mass% around 0.3%), but also as a σ-free grade [14]. In fact,
as already observed in a preceding study on LDSS 2101 [15], which also contains a Mo mass% around
0.3%, the kinetics of precipitation of χ and σ phase mainly depend on Mo content [3]. In particular,
in [15] it was observed that brief aging (from 5 to 60 min) between 650 and 850 ◦C on LDSS 2101 did
not cause any σ phase formation, but the precipitation of chromium carbides and nitrides occurred at
the ferrite (α) and austenite (γ) grain boundaries or phase interfaces [16,17]. These precipitates were
found to adversely affect the localized corrosion resistance of LDSS [12,15–19].
Few studies in the literature deal with the corrosion resistance of DSS 2304 after microstructural
modifications. Some concern the influence of welding conditions [20–22], while others the effect of
thermal aging on DSS 2304 corrosion behaviour [23–25]. Thus, a wider characterization of pitting and
intergranular corrosion behaviour of this grade after thermal aging within a temperature range in which
deleterious secondary phases can form is evidently an interesting topic. Moreover, the susceptibility to
stress corrosion cracking (SCC) in critical environments, such as in media containing chlorides and
hydrogen sulphide (H2S) as encountered by components of oil and gas extraction equipment, can be
correlated to pitting and intergranular corrosion (IGC) resistance, thus giving information about the
microstructural modifications which can cause early failures in field conditions.
With this aim, the pitting corrosion resistance of the alloy was evaluated by both anodic
polarization curves recording in 1 M NaCl solution at 20 ◦C and critical pitting temperature
(CPT) measurements in 0.1 M NaCl solution. The IGC susceptibility was studied by double loop
electrochemical potentiokinetic reactivation (DL-EPR) technique carried out in 33% H2SO4 solution
with different amounts of HCl as depassivator. These electrochemical tests were performed under
conditions specifically chosen to differentiate the response of the material after different thermal
treatments in the 650–850 ◦C range, in order to evidence any corrosion resistance weakening. The SCC
susceptibility of DSS 2304 was evaluated in standard NACE TM-0177 solution at pH 2.7 and 25 ◦C,
in the presence of S2O32− at 10−3 M, by slow strain rate tests (SSRT). The use of S2O32− ions in
replacement of H2S was discussed in our preceding papers [26–28]. Depending on the alloy potential
and solution pH, S2O32− allows the assessment of the influence of H2S on SCC resistance under
health-safe testing conditions and at lower costs of experimental setup [29]. Finally, the correlation
between the microstructural modifications produced by thermal aging and the electrochemical test
and SSRT results was studied by observations under optical microscope (OM) and scanning electron
microscope equipped with energy dispersion spectroscopy (SEM-EDS).
2. Materials and Methods
Annealed DSS 2304 alloy was provided by Outokumpu Company. The stainless steel chemical
composition (wt%), evaluated by optical emission spectroscopy (OES), is shown in Table 1, where the
alloy pitting resistance equivalent number (PREN) is also reported.
Table 1. Chemical composition (wt%) of DSS 2304.
DSS C Mn Cr Ni Mo N Si Cu V S P Fe PREN *
DSS 2304 0.03 1.34 23.55 4.88 0.38 0.1 0.41 0.25 0.1 0.012 0.021 Bal. 26
* PREN (pitting resistance equivalent number) = % Cr + 3.3% Mo + 16% N.
15 mm × 15 mm specimens were cut from a 1.5-mm thick steel sheet. The specimens were heat
treated for 5, 10 and 60 min at 650, 750 and 850 ◦C and then cooled in air. The microstructures obtained
were observed by Zeiss EVO MA15 SEM (Oberkochen, Germany), coupled to an Oxford Aztec EDS
system (Oxford, United Kingdom).
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2.1. Electrochemical Measurements
The electrochemical tests were performed on electrodes obtained by embedding DSS 2304 samples
in an epoxy resin (exposed area about 0.45 cm2). The exposed surface was prepared with emery papers
down to 2500 grit, polished by a diamond colloidal suspension (from 6 to 1 μm), rinsed by deionized
water and finally degreased by acetone.
The anodic polarization curves were recorded after 1 h immersion in 1 M NaCl solution at 20 ◦C,
starting from the open circuit potential (EOCP) and with a scan rate of 0.1 mV/s. The pitting potentials
(Epitt) were determined from these curves and corresponded to the potential values at which the current
density rapidly exceeded 1 μA·cm−2. Each Epitt average value was obtained from triplicate tests.
CPT tests were carried out in 0.1 M NaCl solution by employing a potentiostatic polarisation
method. The solution was thermostated at 5 ◦C before the working electrode immersion. First,
the electrode was cathodically polarized at −0.9 VSCE for 5 min in order to de-oxidize the surface and
improve the test reproducibility [30]. Then, it was allowed to stabilize at EOCP for 30 min. The CPT
was determined by raising the electrolyte temperature by 1 ◦C/min [31], at an applied potential of
+0.75 VSCE. CPT was defined as the temperature at which the current exceeded 100 μA for at least 60 s.
Each CPT average value was obtained from triplicate tests.
DL-EPR measurements were conducted in 33% H2SO4 solution, at 20 ◦C, with controlled addition
of HCl (0.3, 0.45 and 0.6%) acting as depassivator [32]. The DSS samples were cathodically polarized
at −0.6 VSCE for 3 min in order to improve the reproducibility. After 10 min stabilization under free
corrosion conditions, the potential was cycled from EOCP to +0.3 VSCE and then to EOCP again, under a
scan rate of 2.5 mV/s. According to the standard [33], the active dissolution in the depleted zones is
proportional to the ratio Ir/Ia, where Ir is the peak current in the reverse scan (peak reactivation current)
and Ia is the peak current in the anodic scan (peak activation current). The degree of susceptibility
(DOS) to intergranular corrosion was estimated by the percent ratio (Ir/Ia) × 100 [34]. Below a (Ir/Ia)
× 100 value of about 1, the corrosion rate calculated by weight loss is reported to be negligible,
while above the ratio of 1 the change in the DOS is strongly reflected in the weight loss values [35].
Moreover, if (Ir/Ia) × 100 is higher than 5, the samples could fail the Streicher, Strauss and Huey
tests [33]. After the tests, the IGC attack morphology was observed by both OM and SEM.
2.2. Slow Strain Rate Test in NACE TM-0177 Solution in the Presence of S2O32−
Slow strain rate tests were carried out on annealed and heat-treated samples in order to investigate
their susceptibility to SCC. The SSRT were performed with a strain rate of 10−6 s−1 on samples
(length 23 cm, gauge portion 20 × 5 × 1.5 mm3) prepared by EDM (electrical discharge machining).
Heat treatments of 5, 10 and 60 min at 650, 750 ◦C and 850 ◦C were applied, followed by air cooling.
Before the SSRT, the sample surfaces were polished with abrasive paper (down to 800 grit) and
protected with an epoxy resin, with the exception of the gauge portion to be exposed to the aggressive
environment. The test environment consisted of a de-aerated and thermostated (T = 25 ◦C) solution
containing 5% NaCl + 0.5% CH3COOH (the basic standard solution NACE TM-0177 [36] but free of
H2S) with the addition of 10−3 M Na2S2O3 (final pH = 2.7). Both open circuit potential values, EOCP,
and stress-strain curve were recorded during the tests. A saturated calomel electrode (SCE) was used as
a reference electrode. Three tests were conducted for each adopted condition (annealed and heat treated
samples, in solution and in air tests). The R ratios between the fracture strain percentage measured in
the test solution and that in air were calculated for all heat treatment conditions in order to evaluate
the corresponding susceptibility to SCC; in particular, R values ≥ 0.8 were considered as an indication
of immunity to the SCC [37]. After the tests, the gauge portion of each sample was cut, polished and
etched with Beraha’s reagent to characterize the crack initiation and propagation morphology.
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3. Results
3.1. Microstructure
Figure 1 presents the microstructure of DSS 2304 aged for 5 to 60 min in the 650–850 ◦C range.
Through observation with SEM in back-scattered electron (BSE), the austenitic phase (elongated in
the rolling direction) was brighter than the ferritic phase, because of the higher nickel content of the
former [16,38]. Due to the low molybdenum content of this alloy, no χ and σ intermetallic phases were
identified after the heat treatments adopted [17]. In the sample aged for 5 min at 650 ◦C (Figure 1b),
no precipitates were observed at the grain boundaries. By prolonging the aging time to 60 min at 650 ◦C,
very small black precipitates were detected at the α/γ interphases (indicated by arrows, Figure 1c).
After 10 and 60 min at 750 ◦C (Figure 1d,e), a more important precipitation of these intermetallic phases
was observed and a brighter phase was observable between the precipitates and the ferrite matrix.
This phase was likely the so-called secondary austenite (γ2) [17,38]. The thermal treatment performed
for 60 min at 850 ◦C (Figure 1f) led to the formation of more voluminous black particles. In Figure 2 the
results of SEM-EDS analysis, performed at several points along the yellow line, which passes through
the black particles and the γ2 phase, are reported. The increase in wt% of chromium, molybdenum and
carbon evidenced that these precipitates were essentially M23C6-type carbides, which are generally
observed in DSS [5,39,40].
 
Figure 1. SEM-BSD micrographs of both duplex stainless steel (DSS) 2304 as-received (a) and aged for:
5 (b) and 60 min (c) at 650 ◦C, 10 (d) and 60 min (e) at 750 ◦C and 60 min at 850 ◦C (f).
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Figure 2. SEM-BSD image of DSS 2304 sample aged for 60 min at 750 ◦C. Quantitative profile line
analysis of: chromium (red), nickel (blue), molybdenum (green) and carbon (black).
Figure 2 also clearly confirms the growth of γ2 due to chromium and molybdenum depletion and
nickel enrichment in the original ferrite phase adjacent to the chromium carbides.
3.2. Pitting Potential Measurements
Table 2 collects the average Epitt values obtained by the anodic polarization curves in 1 M NaCl
solution at 20 ◦C on DSS 2304 electrodes aged at the three investigated temperatures.
Table 2. Average Epitt values with standard deviation evaluated in 1 M NaCl solution at 20 ◦C on both
as-received and aged DSS 2304 electrodes.
Epitt (VSCE)
As-Received 650 ◦C 750 ◦C 850 ◦C





















* Transpassive potential range.
As an example, in Figure 3 the anodic polarization curves recorded on samples, both as-received
and aged at 750 ◦C for different times, are shown. For the as-received sample and for those aged
for 5 min at 650 and 750 ◦C, a passive state was detected at EOCP and at higher potentials up to
about 0.8 VSCE, after which a transpassive behaviour occurred. After a 10-min treatment at these
temperatures, the 2304 grade became moderately susceptible to pitting corrosion and Epitt values of
0.750 (at 650 ◦C) and 0.615 (at 750 ◦C) VSCE were measured, but the passive current density (ipass)
remained constant. After 60 min aging at 650 and 750 ◦C, a further drop in Epitt was observed and
values of 0.481 and 0.336 VSCE were obtained, respectively. A permanence of only 5 or 10 min at
850 ◦C produced a certain tendency to pitting corrosion at potentials higher than about 0.64 VSCE, but,
in this case, a recovery of the corrosion resistance was observed by increasing the aging time to 60 min
(Epitt = 0.813 VSCE), most likely due to the replenishment of chromium by diffusion from the grain
cores to the impoverished zones [11,15].
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Figure 3. Anodic polarization curves recorded in 1 M NaCl solution at 20 ◦C on both as-received and
aged DSS 2304.
3.3. CPT Test
Figure 4 shows the current density/temperature curves obtained for as-received and DSS 2304
electrodes aged at 750 ◦C during polarization at 0.75 VSCE in 0.1 M NaCl solution. In agreement
with the potentiodynamic tests, the as-received and 5-min aged samples maintained very low current
densities up to temperatures over 32 ◦C. Then, an abrupt current increase was observed and current
values exceeded 100 μA/cm2 at temperatures of 35.3 ± 1.1 and 35.2 ± 1.3 ◦C, respectively. A moderate
decrease in CPT (about 6 ◦C) was detected for the sample aged at 750 ◦C for 10 min and, by extending
the treatment time to 60 min, CPT decreased to 21.2 ± 0.6 ◦C.
Figure 4. Current density vs. temperature curves obtained in 0.1 M NaCl solution on both as-received
and aged DSS 2304.
Figure 5 reports the histogram that collects average CPT values in 0.1 M NaCl solution on DSS
2304 electrodes for all the tested aging conditions. The CPT values were in good agreement with the
results of the potentiodynamic test. Both these techniques showed a significant reduction in pitting
corrosion resistance after 60 min of aging at 650 ◦C, in comparison to that of as-received samples.
At 750 ◦C, a 10-min aging was sufficient to have a relevant decrease in CPT and Epitt, and a further
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strong reduction was observed after 60 min. A 5- and 10-min aging at 850 ◦C also determined a
significant tendency to pitting corrosion in 0.1 M NaCl solution. However, a recovery was detected
after 60-min aging, with CPT and Epitt only slightly lower than that obtained on as-received specimens.
 
Figure 5. Average critical pitting temperature (CPT) values and standard deviations determined in
0.1 M NaCl solution for both as-received and aged DSS 2304.
Figure 6 shows a micrograph acquired on the surface of DSS 2304 electrode aged for 10 min at
750 ◦C after CPT test in 0.1 M NaCl solution. In agreement with the results of other authors [23,30],
the localized corrosion attack appeared to start at the γ phase boundary, most likely in correspondence
of Cr and Mo depleted areas around precipitates, then propagated in the ferrite phase, where relatively
large pits formed.
 
Figure 6. Micrograph of DSS 2304 electrode aged for 10 min at 750 ◦C after CPT test in 0.1 M NaCl
solution (etching with Beraha’s reagent).
3.4. DL-EPR Test
In order to determine the sensitivity of the alloys to IGC, the optimal concentration of the
depassivator (HCl) to be added to the sulphuric acid solution was evaluated, prior to the extensive
application of the DL-EPR technique. With this aim, preliminary tests were performed on both
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as-received and 60-min aged DSS 2304, with HCl concentrations of 0.3, 0.45 and 0.6%. In Table 3,
the Ir/Ia% ratios obtained under the different conditions are reported. A 0.3% HCl content was not
enough to differentiate the DOS to IGC of the samples aged for 60 min at 750 and 850 ◦C. Moreover,
with a HCl concentration of 0.6%, the as-received specimen showed Ir/Ia% values exceeding 1%,
evidencing that a significant generalized corrosion had occurred, together with IGC [41]. In the
presence of a 0.45% HCl, the as-received specimen maintained an Ir/Ia% value lower than 1%, while a
good Ir/Ia% variation was detectable for the heat-treated samples, indicating that the attack selectively
occurred at the grain boundary areas depleted in passivating elements.
Table 3. Ir/Ia% ratios and standard deviations in 33% H2SO4 solution with different HCl concentrations,
at 20◦C. Double loop electrochemical potentiokinetic reactivation (DL-EPR) tests performed on DSS
2304, both as-received and 60-min aged at 650, 750 and 850 ◦C.
HCl Concentration (%)
Ir/Ia%
As-Received 60 min 650 ◦C 60 min 750 ◦C 60 min 850 ◦C
0.3 0.02 ± 0.002 4.4 ± 0.05 0.2 ± 0.01 0.03 ± 0.003
0.45 0.08 ± 0.003 5.9 ± 0.07 1.4 ± 0.04 0.2 ± 0.02
0.6 1.7 ± 0.02 9.2 ± 0.11 5.2 ± 0.08 3.0 ± 0.05
Therefore, 0.45% HCl was chosen as the correct depassivator concentration to be used for all
DL-EPR tests, and the DOS values obtained in 33% H2SO4 + 0.45% HCl are presented as a histogram
in Figure 7. Aging times of 5 and 10 min at 650 ◦C did not affect the resistance to IGC, whereas, 60-min
aging at 650 ◦C determined a very high increase in Ir/Ia% parameter (significantly higher than that
obtained with a treatment of 10 min). An aging of 10 min at 750 ◦C was sufficient to cause a high
susceptibility to IGC (Ir/Ia% = 1.7%), maintained also on the sample aged for 60 min at the same
temperature. The temperature of 850 ◦C did not determine susceptibility to IGC (Ir/Ia% < 1%), in spite
of the formation of relatively large precipitates (Figure 1) [42].
Figure 7. Ir/Ia% determined for as-received and aged DSS 2304, by DL-EPR tests in 33% H2SO4 +
0.45% HCl solution, at 20 ◦C.
In Figure 8, the micrographs acquired by OM after DL-EPR tests on DSS 2304 electrodes heat
treated for 60 min at different temperatures are reported. Confirmation of a marked IGC attack was
detected in the 650 ◦C aged sample (DOS value of 5.9%). Instead, the IGC attack became less evident
with the rise in aging temperature to 750 and 850 ◦C (DOS values of 1.4 and 0.2%, respectively).
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Figure 8. Optical microscope micrographs acquired on DSS 2304 electrodes after DL-EPR tests in 33%
H2SO4 solution, at 20 ◦C, with 0.45% HCl addition.
The DL-EPR results obtained for the 650 and 750 ◦C aged samples are in agreement with CPT
values, suggesting that the thermal aging that were critical for pitting corrosion (i.e., 60 min at 650 ◦C
and 10 and 60 min at 750 ◦C), also determined a very high susceptibility to IGC. The samples aged
at 850 ◦C had very low DOS values even if a moderate decrease in pitting corrosion resistance was
observed. Figure 9 reports some representative results of SEM-EDS analysis acquired after DL-EPR
tests performed on DSS 2304 electrodes. The images of samples aged at 650 and 750 ◦C for 60 min
show that the attack mainly occurred around the precipitates at the α/γ interfaces, that is, on γ and
likely on γ2 phases, due to passivating element depletion. The line elemental analysis performed by
EDS across the precipitates revealed peaks related to chromium, molybdenum and carbon, confirming
the presence of chromium and molybdenum carbides (M23C6-type precipitates [5]), while the small
peak related to nitrogen suggests the likely concomitant formation of some nitrides [23,39].
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Figure 9. SEM-BSD micrographs of DSS 2304 aged for 60 min at 650 (a) and 750 ◦C (b), after DL-EPR
test. Scanning electron microscope–energy dispersion spectroscopy (SEM-EDS) line profile analysis of:
chromium (red), molybdenum (green), carbon (blue) and nitrogen (purple).
3.5. SSRT
Table 4 collects the average εf% values obtained with SSRT carried out in air at 25 ◦C and in
NACE TM-0177 in the presence of 10−3 M S2O32−, before and after thermal aging.
Table 4. Average values and standard deviations of εf% from slow strain rate tests (SSRT) performed





650 ◦C 750 ◦C 850 ◦C
5 min 10 min 60 min 5 min 10 min 60 min 5 min 10 min 60 min
Air at 25 ◦C 52 ± 1 52 ± 3 52 ± 2 50 ± 1 51 ± 2 52 ± 3 56 ± 2 51 ± 1 53 ± 2 57 ± 1
NACE TM-0177 with
10−3 M S2O32−
51 ± 2 51 ± 1 43 ± 1 18 ± 3 50 ± 3 22 ± 1 25 ± 3 51 ± 3 22 ± 2 39 ± 2
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In air at 25 ◦C, only the samples aged for 60 min at 750 and 850 ◦C showed a moderately higher
ductility (increase in εf% of about 10%, Table 4), due to the subtraction of interstitial atoms from solid
solutions, after the precipitation of chromium carbides and nitrides at the grain boundaries (Figure 2).
All other aged samples presented εf% values close to that of the as-received one. As an example,
Figure 10a shows the behaviour of the as-received sample and the samples aged at 850 ◦C for different
times. A similar behaviour was observed on the alloy LDSS 2101, with a nitrogen content of 0.22 wt%,
where an increment in ductility of about 40% after 30 min aging at 850 ◦C was detected, essentially due
to a large chromium nitride precipitation [28]. In DSS 2304, the observed formation of ductile γ2 phase
under prolonged aging could also have contributed to the εf% increase [43].
 
Figure 10. Stress—strain curves obtained with SSRT performed in air at 25 ◦C (a) and in NACE TM-0177
in the presence of 10−3 M S2O32− (b) on DSS 2304, both as-received and aged at 850 ◦C for 5, 10 and
60 min.
In NACE TM-0177 containing 10−3 M S2O32−, all samples aged for 5 min maintained the same
ductility as the as-received sample. On the contrary, at increasing aging time and temperature, a general
reduction in εf% was observed, while only the sample aged for 60 min at 850 ◦C exhibited a partial
recovery in SCC resistance (Table 4). In fact, as highlighted in Figure 10b, the sample aged for 5 min at
850 ◦C maintained its ductility, an aging of 10 min at 850 ◦C determined a relevant decrease in εf%
from 53 to 22% and a recovery of ductility was observed by extending the aging time up to 60 min
(εf% = 39%).
Figure 11 compares the extent of necking and the surface aspect of both the as-received sample
(Figure 11a) and the samples aged at 850 ◦C (Figure 11b–d), at the end of SSRT. The as-received sample
and that aged for 5 min showed a ductile-type fracture and a light general corrosion attack only on the
latter. A brittle-type fracture occurred in DSS 2304 aged 10 min at 850 ◦C (Figure 11c), with evidence
of numerous secondary cracks and presence of areas in which the corrosion attack became strongly
localized (dark stains). For the sample aged at 850 ◦C, for the longest time (Figure 11d), the fracture
was still of brittle-type, with presence of secondary crack propagation, but again a more generalized
corrosion attack, instead of a localized one, was visible. The samples aged for 10 and 60 min at 750 ◦C
and that aged for 60 min at 650 ◦C (not shown) presented a fracture morphology and a surface attack
similar to the severe one exhibited in Figure 11c. Instead, DSS 2304 aged for only 10 min at 650 ◦C
(not shown) behaved similarly to that aged 60 min at 850 ◦C. The behaviour of the other samples was
similar to that of the as-received one.
The morphology of the corrosion attack observed in section on samples aged at 850 ◦C is shown
in Figure 12. The sample in Figure 11b, aged for 5 min, clearly evidences the formation of several small
pits which did not initiate cracks (Figure 12a). Differently, the sections of the sample in Figure 11c,
aged for 10 min (Figure 12b), and that in Figure 11d, aged for 60 min (picture not reported), show that
pits triggered many cracks, indicating SCC failure. These cracks mainly propagated in the ferrite phase
or followed austenite/ferrite interface.
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Figure 11. Macrograph acquired on the gauge length of DSS 2304 as-received (a) and aged at 850 ◦C
for 5 (b), 10 (c) and 60 min (d) after SSRT in NACE TM-0177 in the presence of 10−3 M S2O32−.
 
Figure 12. Micrographs of DSS 2304 aged for 5 (a) and 10 min (b) at 850 ◦C after SSRT in NACE solution
containing 10−3 M S2O32− (long transverse sections, parallel to load direction).
These differences may be rationalized by comparing the different potential trends shown during
SSRT by the as-received sample and by the samples aged at 850 ◦C for different times (Figure 13).
The EOCP values of the as-received sample remained rather noble (around −0.25 VSCE) throughout the
test, indicating passive conditions [27,44], as confirmed by the visual aspect of the sample at the end of
the exposure (Figure 11a). A significant initial EOCP drop towards negative values was detected for
DSS 2304 aged for 5 min at 850 ◦C. However, after a strain of about 6%, the sample recovered a passive
state. Conversely, the EOCP values of the sample aged for 10 min at 850 ◦C decreased rapidly and
reached values close to −0.55 VSCE. The same EOCP trend was shown by the other samples showing
significant ductility reduction (aging for 60 min at 650 and for 10 and 60 min at 750 ◦C). The sample
aged for 60 min at 850 ◦C, characterized by a moderate ductility decrease, reached quite negative EOCP
values of about −0.5 VSCE, but at a much slower rate. This also occurred for the sample aged at 650 ◦C
for 10 min, exhibiting comparable ductility behaviour.
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Figure 13. EOCP—strain curves obtained with SSRT performed in NACE TM-0177 in the presence of
10−3 M S2O32− on DSS 2304, both as-received and aged at 850 ◦C for 5, 10 and 60 min.
The potential-pH diagrams calculated for elementary sulphur and oxygen adsorbed on metals,
such as Fe, Ni or Cr, and those calculated for the S-Fe (or Ni or Cr)-water systems at low S molality
(10−4 mole/kg), at the temperature of 25 ◦C [44–46], suggest that at pH 2.7 all these EOCP values
in the range −0.25/−0.55 VSCE are compatible with S2O32− ion reduction to adsorbed sulphur and
H2S. The amounts of these reduced species, capable of impairing the alloy passivity and favouring
hydrogen penetration in the alloy, reasonably increased at decreasing EOCP values, thus justifying the
higher SCC susceptibility the longer the time persistence at quite negative EOCP values.
The histogram reported in Figure 14 collects the R values obtained from SSRT results.
The as-received sample and those aged for 5 min at the three different temperatures were not susceptible
to SCC in the presence of S2O32−, as their R values were close to 1. By prolonging the aging time
up to 10 min, the alloy became moderately susceptible to SCC already at 650 ◦C and much more
susceptible at 750 and 850 ◦C. With an aging time of 60 min, the susceptibility was high at 650 ◦C and
gradually decreased by raising the treatment temperature, showing a restoring of SCC resistance at
850 ◦C, as previously observed for Epitt and CPT results.
Figure 14. SCC susceptibility (R index) of DSS 2304, before and after thermal aging, obtained by SSRT
in NACE solution containing 10−3 M S2O32−.
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4. Discussion
This research shows that, in agreement with the literature [2,5,10], aging DSS 2304 samples
between 650 and 850 ◦C induces the precipitation of chromium and molybdenum carbides (Figure 2),
and perhaps nitrides (Figure 9). The nucleation of these precipitates occurs essentially at the α/γ
interface, acting as a connection between Cr-rich ferrite (which is also relatively rich in Mo) and C-rich
austenite [10,47,48]. Then, carbides grow into the ferrite phase, because of the higher diffusivity of Cr
and Mo in this phase [49]. As a consequence of carbide precipitation, conversion of ferrite phase close
to carbides into γ2 phase (having a lower Cr and Mo content in comparison to γ) occurs to a certain
extent (Figure 2), because of ferrite instability after depletion in ferrite-stabilizing elements [4,40].
γ2 phase and, likely, the narrow zone close to carbides in the original γ phase (depleted in passivating
elements, like γ2) become the preferential sites for localized corrosion and IGC attack (Figures 6 and 9).
The 60 min treatments at 650 and 750 ◦C are the most critical for pitting corrosion resistance
and IGC susceptibility, as they significantly worsen the alloy behaviour against these corrosion
forms. The thermal aging at 850 ◦C did not affect IGC sensitization, but produced a moderate
worsening in pitting resistance already after 5 min of permanence, which persisted after 10 min.
A recovery of localized corrosion resistance was observed after the longest aging time, likely due
to the high-temperature rediffusion of the key passivating alloying elements (Cr, Mo, N) from the
phase cores towards the phase boundaries [11,15,50,51]. In agreement with the findings of other
authors [1,52,53], at low aging temperatures (i.e., 650 and 750 ◦C) the precipitated carbides were
small and finely distributed, while at 850 ◦C more discontinuous larger precipitates were detected
as a consequence of the higher diffusion rates (Figure 1). Thus, the higher sensitization to localized
corrosion attack obtained after long aging treatments at the two lower temperatures could also be due
to the higher width and continuity of the Cr- and Mo-depleted areas.
The SSRT results on SCC susceptibility of as-received and thermally aged DSS 2304 in NACE
solution containing 10−3 M S2O32− are in good general agreement with pitting corrosion and IGC
resistance. In particular, the conditions determining the best alloy behaviour towards pitting and
IGC corrosion (as-received, 5 min at 650 ◦C and 5 min at 750 ◦C) are also quite resistant to SCC.
Moreover, the aging conditions determining the lowest pitting resistance and highest sensitization
to IGC (at 650 ◦C for 60 min and at 750 ◦C for 10 and 60 min) also induce the highest susceptibility
to SCC in DSS 2304. In fact, the synergistic effect of Cl− and S2O32− [54] leads to a much easier pit
development in the areas depleted in passivating elements and finally to an earlier SCC failure, due to
crack growth at the bottom of pits.
During the elastic deformation step in SSRT, the most SCC susceptible samples quickly reached
quite negative EOCP values of about −0.55 VSCE, which were maintained for long times. Under these
potential/pH conditions, a significant conversion of S2O32− into adsorbed sulphur and H2S is
expected [55], suggesting that, beside an active path mechanism, hydrogen penetration may also
contribute to SCC failure [29,45]. As for pitting corrosion and IGC, also in the case of SCC, a long aging
at 850 ◦C determines a recovery of DSS 2304 performance, most likely due to Cr- and Mo-rediffusion
and to the formation of less continuous Cr- and Mo-depleted areas.
Some discrepancies among the relative resistance to different forms of localized corrosion refer to
specimens subjected to thermal aging of intermediate severity. The differences detected can be ascribed
to the different nature of the localized corrosion forms addressed and to the different conditions
applied during the tests. As an example, both specimens aged for 5 and 10 min at 850 ◦C show some
tendency to pitting corrosion in neutral chloride solution, due the presence of Cr- and Mo-depleted
regions, even if the DOS values to IGC are low (Ir/Ia% < 1). It is likely that the impoverished areas
are relatively narrow and discontinuous at this high aging temperature thus determining a limited
IGC attack. The susceptibility to SCC of these same specimens is certainly influenced by the presence
of regions depleted in passivating elements but, during the dynamic conditions applied by SSRT,
cracks only develop if the metal repassivation rate decreases and becomes at least comparable to the
rate of formation of new bare metal surfaces at the pit bottom. This is likely to occur in the case of the
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10-min aged specimens that show a low R value. Instead, in the case of the 5-min aged specimens
the repassivation rate likely remains too high for severe crack development and R values of about 1
are obtained.
5. Conclusions
1. The heat treatment in the 650–850 ◦C range on DSS 2304 determined the formation of chromium
carbides at α/γ interphase and, under some conditions, the growth of Cr- and Mo-depleted
γ2 phase.
2. These microstructural modifications affected the localized corrosion performances of this alloy.
Pitting and IGC mainly initiated in Cr- and Mo-depleted regions near to precipitates inside the
γ2 and likely also the γ phases, then propagated in the ferrite matrix.
3. Epitt and CPT values indicated a decrease in pitting resistance of DSS 2304 after 10 min aging at
650 and 750 ◦C, and the pitting behaviour worsened after longer aging time at these temperatures.
At 850 ◦C, a 5-min aging was sufficient to markedly decrease the pitting resistance, but a recovery
was observed after 60 min of aging.
4. Similarly, DL-EPR results evidenced a significant IGC sensitization of DSS 2304 after 10 min at
750 ◦C and 60-min aging at both 650 and 750 ◦C but no aging treatment at 850 ◦C was detrimental
to the alloy IGC resistance.
5. As for pitting corrosion, SCC susceptibility in NACE solution containing 10−3 M S2O32− was also
detected after 10 min aging at 650 and 750 ◦C and increased after longer aging time. SCC also
occurred on the sample aged for 10 min at 850 ◦C. A longer heat treatment at this high temperature
ensured a recovery of SCC resistance.
6. SCC failure initiated at the bottom of pits and was likely stimulated by hydrogen penetration.
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Abstract: The initial stages of corrosion of AZ31B magnesium alloy, immersed in Ringer’s solution at
37 ◦C body temperature for four days, have been evaluated by independent gravimetric and chemical
methods and through electrochemical impedance spectroscopy (EIS) measurements. The corrosion
current densities estimated by hydrogen evolution are in good agreement with the time-integrated
reciprocal charge transfer resistance values estimated by EIS. The change in the inductive behavior
has been correlated with difference in the chemical composition of corrosion layers. At the shorter
immersion of 2 days, EDS analysis of cross section of the uniform corrosion layer detected Cl and Al
elements, perhaps as formed aluminum oxychlorides salts.
Keywords: alloy; magnesium; SEM-EDS; EIS; mass loss; corrosion layers
1. Introduction
Magnesium (Mg) alloys are being suggested as biodegradable implant materials for clinical
applications [1–5], because Mg is non-toxic, biocompatible and beneficial for bone growth and
metabolic processes in the human body [6–9]. As a consequence, these alloys are widely used
as materials for biomedical applications [10–14]. Among the AZ series, AZ31 (Mg-3%Al-1%Zn)
is considered to be suitable as biodegradable material for biomedical applications, having several
advantages including: reduced aluminum content, microstructure refinement, low fatigue, corrosion
resistance similar to other Mg alloys [7,15–18], not harmful to tissue [19,20] and promoter of new bone
cell formation [7,16]. Cathodically active intermetallic Al-Mn particles located within the grains of
α-Mg matrix are the main second phase constituents of AZ31B microstructure, such as Al8Mn5, ε-AlMn,
Al11Mn4 and β-Mn(Al) [21–25]. The corrosion mechanism directly depends on their distribution and
the solution composition [26–32]. As test media in this work was selected Ringer’s solution, which is
an isotonic (physiological) aqueous solution of NaCl with additional compounds, as found in human
body fluids (blood serum).
Magnesium is highly active, presenting rapid and continuing dissolution in aqueous solutions.
During its degradation hydrogen gas is produced, which is a problem for cardiovascular stents,
or for temporary orthopedic implants and could cause a complete failure of the medical device before
the bone is healed. Assessing the corrosion rate of Mg-based implant is a critical issue and different
alternative techniques could be used, in order to prevent some method limitations [33–36]. Besides,
Mg corrosion process near the surface-electrolyte is very dynamic, which is altered with time and
therefore, the instantaneous test results and those of long-term methods do not conform well [37].
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Widely used technique for corrosion tests in simulated body fluids (SBF) is electrochemical
impedance spectroscopy (EIS), for in vitro investigation of the corrosion behavior of metals and
alloys [3,4,38–40]. The properties of the electrode surface are not altered after an EIS measurement,
since only a small amplitude (~10 mV) AC signal is applied. The high accuracy and reproducibility of
the results are well-known advantages of this technique, applied in many material systems and
applications [41–44]. The nondestructive character of the impedance technique allows derivation of
in situ changes in Mg-based implant material degradation, which in clinical applications is a rather
long-term dynamic process [3,4,38]. Some research effort has been focused on the relationship between
EIS parameters and independently-measured corrosion rate data, such as average of corrosion mass
loss [34,45–49], solution analysis by atomic absorption spectroscopy [50], or hydrogen gas volume
evolution [34,36,46–48,51]. Good agreement between corrosion rates of bulk magnesium and several
alloys calculated from charge transfer resistance values, Rt, obtained from impedance diagrams and
atomic absorption or gravimetric measurements have been observed by Makar and Kruger [45] and
Pebere et al. [50]. Recently, King et al. [34] and Bland et al. [46,47] have obtained excellent correlation
between the values of the corrosion rate determined by weight loss, hydrogen gas collection and EIS
measurements, extrapolating the inductive loop of the impedance diagrams to zero frequency, defined
as the polarization resistance (Rp), rather than Rt. Most of the studies are conducted at the room
temperature, using rather simple electrolytes, for example, NaCl, Na2B4O7 and Na2CO3, Na2SO4,
ammonium/carbonate solutions. Likewise, there is a lack of similar investigations on the use of EIS as a
method to determine corrosion rates of Mg-based materials for clinical implants, exposed to simulated
body fluids at a body temperature of 37 ◦C. Xin et al. [52] have reported degradation rates of Mg
immersed in SBF having different concentrations of HCO3− and correlated the EIS data with hydrogen
evolution values. Recently, Liu et al. [49] have established a good agreement between EIS-estimated Rt
values, hydrogen evolution measurements and mass loss, performed on a Mg-1Ca alloy exposed to
SBF solution.
In the low frequency (LF) region, the impedance diagrams of Mg usually are characterized
by a well-marked inductive loop [34,53], while the high frequency loop is considered to be a
consequence of the formed corrosion film and its influence on the charge transfer process [54].
The inductive behavior could be associated with the occurrence of pitting corrosion, accompanied
by the absorption of Mg(OH)+ads or Mg(OH)2 species [50,54], or because of accelerated anodic
dissolution [34]. The inductive loop could disappear when corrosion protective layer is formed
on the surface [55,56]. However, the effect of the precise chemical species, which are responsible for
the characteristic inductive loop, is still unclear [34] and its interpretation remains controversial [51].
The aim of this study is to follow the evolution of AZ31B magnesium alloy surface activity
during the initial stages of corrosion in Ringer’s solution, maintained at a body temperature of 37 ◦C.
One goal is to explore the EIS capabilities for reliable corrosion rate determination. A key objective is to
determine which resistance, as obtained from the impedance diagrams, has a stronger correlation with
the calculated corrosion rate, based on volume of hydrogen evolution. In this investigation, the EIS
technique is used in combination with the SEM-EDS analysis applied on the cross-sections of the
test samples, in order to provide information on the grown corrosion films on AZ31B and establish a
relationship between their EIS-inductive behavior in artificial physiological environment.
2. Materials and Methods
2.1. Sample Preparation
The composition of the rolled AZ31B Mg-alloy sheet (Magnesium Elektron Ltd., Manchester, UK)
is given in Table 1. Square coupon specimens of dimensions 20 × 20 × 3 mm3 and 50 × 50 × 3 mm3
were used. Before tests all samples were abraded with 2000 grit SiC paper and mirror polished with
1-μm diamond paste, using ethanol as lubricant, then they were sonicated in ethanol and dried in
warm air flow.
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Table 1. Chemical composition of AZ31B magnesium alloy (X-ray fluorescence analysis).
Element Mg Al Zn Mn
Wt% 95.8 3.0 1.0 0.2
2.2. Immersion Test
The isotonic Ringer’ solution is a physiological solution, which is an aqueous solution of NaCl
with additional compounds, as constituents of the human body fluids (blood serum). It was prepared
as described elsewhere [57] with deionized water (18.2 MΩ·cm) and analytical grade reagents (NaCl,
KCl, CaCl2) supplied from Sigma-Aldrich, St. Louis, MO, USA. During the test the temperature of
the solution was kept stable thermostatically at 37 ◦C ± 1 ◦C, the body temperature, using a Digital
Circulating Water Bath (Ultrasons Medi-II, J.P. Selecta).
2.3. Microstructure Characterization
Frontal and cross-sectional SEM (Jeol JSM 6500F, Jeol Ltd., Tokyo, Japan) and optical microscopy
(Olympus BX-51, Olympus, Tokyo, Japan) images of AZ31B surface were used to characterize the
morphological and microstructural changes occurring during the corrosion process.
The corrosion product’s elemental composition was characterized through SEM-EDS
(EDS, Oxford instrument, Oxford, Oxfordshire, UK) and the phase composition by low-angle X-ray
diffraction instrument (XRD, Bruker AXS D8 diffractometer, Bruker AXS, Karlsruhe, Germany) with
CuKα radiation.
2.4. Hydrogen Evolution Measurement
Immediately after immersion of the AZ31B samples in the Ringer’s solution, hydrogen gas
evolution is observed (Equation (1)), produced by magnesium corrosion [1,2,26]:
Mg + 2H2O → Mg(OH)2 + H2 (1)
Hydrogen collection was performed by placing the entire specimen surface (10.4 cm2) into the
Ringer’s solution under an inverted burette system [58]. The height of the solution level in the burette
was recorded.
The relationship between the measured volume of hydrogen gas (VH, mL) and the corrosion
current density (iH2 , mA cm




where A is the surface area (cm2) and t is the time (days) of exposure.
2.5. Electrochemical Measurements
Electrochemical impedance (EIS) measurements were carried out using a potentiostat with a
frequency response analyzer (Autolab PGSTAT30, Metrohm, Herisau, Switzerland). The three electrode
cell consisted of AZ31B working electrode (9 cm2 of area), Pt spiral auxiliary electrode and saturated
Ag/AgCl (sat. KCl) reference electrode. In order to establish a relatively stable open circuit potential
(OCP), the electrochemical measurements were performed after 30 min of immersion of the AZ31B
in the Ringer’s solution. The tests were carried out varying the exposure time of AZ31B from 1 h to
4 days. The EIS measurements were conducted at OCP (open circuit potential) conditions, applying
10 mV sinusoidal signal amplitude with frequencies ranging from 100 kHz to 1 mHz. The EIS data
were numerically fitted with equivalent circuits using Zview software (3.0a Scribner Associates, Inc.,
Southern Pines, NC, USA).
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The corrosion layers of the EIS tested samples were removed after a 10 min cleaning procedure
with a solution of 10 g/L AgNO3 (Sigma-Aldrich, St. Louis, MO, USA) and 200 g/L CrO3
(Sigma-Aldrich, St. Louis, MO, USA), at room temperature (21–22 ◦C), rinsed with distilled water and
ethanol, then dried in warm air flow before determining the weight loss. All tests and measurements
reported in this study were triplicated to ensure repeatability.
3. Results
3.1. Surface Morphology and Cross-Sectional Analysis of Corrosion Layers
The morphologies of AZ31B surfaces, after immersion in Ringer’s solutions at 37 ◦C for different
times, are shown in Figure 1. After 2 days of immersion, a thick layer of corrosion completely
covered the AZ31B alloy surface (Figure 1a). The surface morphology after 4 days immersion shows
severe pitting corrosion, which could reach a diameter of ~200 μm (white arrows in Figure 1b).
The cross sectional morphology images (BSE) of the corrosion layers formed after 2 and 4 days of
immersion (Figure 2a,d) and their EDS quantitative analysis are compared in Figure 2b,c and Figure 2e,f,
respectively. The EDS reveals that at 2 days (Figure 2b) the corrosion layer is mostly composed of
Mg and O. An enrichment in Al and high Cl contents are also detected (Figure 2c). Average atomic
composition obtained by EDS and the respective standard deviations from twenty positions across
the corrosion layer are shown in Table 2. Within the limits of the EDS analysis, the atomic ratio
between Cl and Al is approximately 2.0 ± 0.4, an evidence for possible formation of Al(OH)Cl2 and
Al(OH)2Cl aluminum oxychlorides, as previously suggested by Wang et al. [59]. In contrast, no
significant amount of Cl was detected in the uniform corrosion layer formed after 4 days of immersion
(Figure 2d,f and Table 2), where only Mg and O were observed (Figure 2e).
Figure 1. (a) BSE images showing AZ31B surface after immersion in Ringer’s solution (37 ◦C) for
2 days; (b) 4 days.
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Figure 2. (a,d) BSE images and (b,c,e,f) EDS quantitative analysis of the cross-section of the uniform
corrosion layer formed on AZ3B1 surface after immersion in Ringer’s solution (37 ◦C) for (a–c) 2 days
and (d–f) 4 days.
Table 2. Atomic composition (EDS) of the cross-section of uniform corrosion layer formed on AZ31B
surface after immersion in Ringer’s solution (37 ◦C) for 2 and 4 days. Average values from 20 spectra.
Exposure Time (days) O (at%) Mg (at%) Al (at%) Cl (at%) Zn (at%) Cl/Al at.ratio
2 45 ± 6 43 ± 8 3.5 ± 1 7.0 ± 2 1.5 ± 0.5 2.0 ± 0.4
4 55 ± 1 45 ± 1 0.0 ± 0.1 0.1 ± 0.1 0.1 ± 0.1 0.0 ± 0.1
3.2. XRD Analysis of Corrosion Layers
The XRD spectra (Figure 3) of AZ31B surfaces, after their exposure in the Ringer’s solution for
varying immersion periods, indicated that brucite Mg(OH)2 is the primary phase of the corrosion layer.
In contrast with the EDS data, no diffraction peaks associated with Al-oxychlorides were registered,
suggesting that these compounds appear in an amorphous form [60], or are below the detection limit
for second phases using XRD technique (>5% usually).
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Figure 3. Low-angle XRD spectra of AZ31B surface after immersion in Ringer’s solution (37 ◦C) for
2 and 4 days.
3.3. Hydrogen Evolution Measurement
The volume of hydrogen gas (Figure 4) for the AZ31B samples immersed in Ringer’s solution
for up to 4 days slowly increased during the first 24 h. After three days of immersion, the volume of
hydrogen evolution increased markedly, indicating the formation of non-protective corrosion layer [61].
 
Figure 4. Volume of hydrogen evolution from AZ31B after immersion in Ringer’s solution (37 ◦C) for
4 days.
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3.4. EIS Diagrams
Nyquist diagrams of AZ31B samples immersed in the Ringer’s solution (37 ◦C) display one
semi-circle (Figure 5). The diameter decreases with time and at lower frequencies an inductive loop
is visible, which decreases at the end of the experiment (enlarged impedance spectra in the top-left
corner of Figure 5). The electrical equivalent circuit (EEC), used to fit the EIS diagrams is shown in
Figure 6. Because of the depressed Nyquist diagram in the center (Figure 5), a constant phase element
(CPE1) was introduced instead of the capacitor, as a characteristic of the electrical double layer in
addition to the solution resistance (Rs) and the charge transfer resistance (Rt). An inductor (L) and
a resistance (R1) have also been included to represent the inductive response appearing at the low
frequency [38,62]. By using this EEC, a good fit is obtained with an average value of χ2 around 10−3.
Figure 5. Examples of Nyquist diagrams with respective fitting line for AZ31B samples after 1 h,
1 and 4 days of immersion at open circuit potential in Ringer’s solution (37 ◦C).
 
Figure 6. The equivalent circuit used for fitting experimental EIS spectra of AZ31B immersed in
Ringer’s solution (37 ◦C).
The polarization resistance (Rp) values, corresponding to the equivalent circuit (Figure 6), were
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Table 3 shows the results of the fitting of the electrochemical parameters with respect to the
considered equivalent circuit. After the first hour of immersion, the values of the modulus of CPE1 (Q1)
increased (Table 3), consistent with the changes occurring on the metal surface with the advance of the
corrosion process. The exponent of the constant phase element (n1) decreased with immersion time
(Table 3), being 0.78 after four days, significantly lower than 1, suggesting a behavior far from ideal,
because of more pronounced heterogeneity and growth of large pits on AZ31B surface, as shown in
Figure 1b. Besides, after the first hour of immersion of AZ31B, the Rt value was twice lower (Table 3),
indicating decreased protective ability of the formed corrosion layer and as a consequence of the
activation of the cathodic process [47]. No significant difference was observed in R1 values during the
test period.
Table 3. Fitting parameters obtained from the EIS measurements of AZ31 immersed in Ringer’s















1h 0.1 9.1 × 10−6 0.92 4.3 1.9 3.0 1.3
1d 0.1 2.2 × 10−5 0.87 2.2 2.6 4.2 1.2
4d 0.1 3.8 × 10−5 0.78 0.5 2.2 0.5 0.4
Figure 7 presents the time evolution of the Rt and Rp values extracted from the numerical fitting.
Since the first day (24 h) the change in the Rp value (Figure 7b) generally followed the variation in the
Rt value (Figure 7a).
Figure 7. Variations in the resistances obtained from fitting of the EIS spectra of AZ31B,
as a function of immersion time in Ringer’s solution (37 ◦C). Scatter bands are the standard deviation of
3 measurements.
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Similar to other electrochemical methods, the value of the EIS-estimated resistance (R) is converted
into a value of corrosion current density (jcorr), using the Stern-Geary equation [63]:
jcorr = B/R (4)
where B is the Stern Geary coefficient, a function of the anodic and cathodic Tafel slopes
(βa and βc) [43,44]. Because there is no reasonable linear regions in the anodic branches of
Mg and its alloys, the accuracy of the value of B obtained from the polarization curves is
questionable [44,48,64]. The aforementioned problem made it necessary to use apparent Stern Geary
coefficients B′ estimated from the calibration relationship between EIS and hydrogen evolution or
mass loss measurements [48,49,51,65].
It has been demonstrated that the anodic charge obtained from the integration of the jcorr values,
as found from the EIS measurements varying immersion periods (Equation (5)), is similar to the
consumed anodic charge QWLa found on the mass loss [34,46,47]:






where jWL is the corrosion current found on the mass loss measurement. Assuming a constant value
(with time > 3 days) of the ‘apparent’ Stern–Geary coefficient (B′) for a given metal/environment








Table 4 lists the B′ values, empirically calculated from a comparison between the EIS data
(Rt and Rp resistances) and mass loss measurement (QWLa ) of AZ31 tested samples after removal of the
corrosion products.
Table 4. ‘Apparent’ Stern–Geary coefficient values B′, calculated from EIS-estimated Rt or Rp values
for AZ31B magnesium alloy immersed in Ringer’s solution (37 ◦C) up to 4 days and anodic charge




















4 3.4 1.24 3.92 × 10−3 317 6.07 × 10−3 204
The change in the corrosion current density (Equation (4)) as a function of the immersion period of
AZ31B in Ringer’s solution (at 37 ◦C) is shown in Figure 8. For the current calculation the ‘apparent’
Stern–Geary coefficients B′ and EIS-estimated Rt and Rp values (Table 4) were used, as well the
hydrogen evolution measurements (Figure 4). It can be seen that there is a good agreement between
the corrosion current densities from EIS-estimated Rt values and hydrogen measurements, however,
an overestimation of the corrosion current density was observed when considering EIS-estimated
Rp values.
Similar to our previous studies [48,67], the contribution of the inductive response (difference
between Rp and Rt [34]) has been quantified by using the ratio δ, obtained from the diameters of the
inductive loop Rt–Rp and the overall capacitive loop Rt. The evolution of the δ values with increasing
immersion time is displayed in Figure 9. During the first hours the δ values are 0.5–0.7 but after four
days they decrease significantly to approximately 0.1–0.2.
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Figure 8. Variation in corrosion current density (mA cm−2) as a function of immersion time, obtained
from EIS and hydrogen evolution measurements during immersion of AZ31B alloy in the Ringer’s
solution for 4 days (37 ◦C).
Figure 9. Evolution of the δ values with immersion time of AZ31B in Ringer’s solution (37 ◦C).
Scatter bands are the standard deviation of 3 measurements.
To illustrate the relationship between the localized pitting corrosion of AZ31B and the inductive
behavior, Figure 10 presents a comparison between the EIS spectra after two (Figure 10a) and four
(Figure 10b) days of immersion in the Ringer’s solution (37 ◦C) and the optical cross-sectional images of
the tested samples (Figure 10c,d). It can be observed that the inductive loop size is independent of the
severity of the pitting corrosion damage.
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Figure 10. Comparison between electrochemical impedance spectra obtained from AZ31B exposed in
Ringer’s solution (37 ◦C) for 2 and 4 days (a,b) and optical cross-sectional images of samples tested
under similar conditions (c,d).
4. Discussion
4.1. Changes in the Chemistry of the Uniform Corrosion Layer Formed on AZ31B Mg-Alloy Surface in Ringer’s
Solution and Correlation with EIS Results
Because of the high chloride concentration of Ringer’s solution (about 0.15 M), the formed
insoluble magnesium hydroxide (Equation (1)) on the AZ31B Mg-alloy surface is transformed to a
highly soluble MgCl2 (Equation (7)), which is a source of released magnesium ions (Equation (8)) and
an increase of the local pH [3,38]:
Mg(OH)2 + 2Cl
− → MgCl2 + 2OH− (7)
MgCl2 → Mg2+ + 2Cl− (8)
Instead of MgCl2, the results of this study may be suggestive for chloride association with
aluminum, as evidenced by the EDS analysis of the corrosion layer (Figure 2c and Table 2). EDS
results of Beldjoudi et al. [68] have shown that the corrosion products of AZ91 alloy exposed to 5% NaCl
(saturated with Mg(OH)2), were enriched with Al but no Cl was detected. To our knowledge, there
are no studies, which have established the presence of significant amounts of aluminum oxychlorides
salts in the uniform corrosion layers formed on the magnesium-aluminum alloy surfaces, after being
exposed to simulated physiological solutions. However, reported results for Al immersed in 1 M NaCl
at pH = 11 suggest that because the concentration of Cl− ions within the pits is much higher than
that of OH− ions, it may be expected that the hydrolyzed aluminum cations would complex with the
chloride ions to form basic salts [69]. The low pH maintained inside the pit was also considered to
be a consequence of the presence of aluminum salts in the interior of pit [70]. Although the reasons
are still unclear, the accumulation of metal chloride at the metal interface should be considered
as a promoter of the oxide film rupture and nucleation-propagation of growing pits [71]. Besides,
the thickening of the formed corrosion layer could bring to the rupture in the surface layer (unfavorable
Pilling Bedwoth ratio < 1).Thus, one could speculate that the formation of corrosion products with
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poorer protection properties and the increase in the tendency for pitting (Figure 10c,d) are promoted by
the significant content of Cl in the form of aluminum oxychlorides salts, observed across the uniform
corrosion layer grown on AZ31B after 2 days immersion in the Ringer’s solution (37 ◦C). For longer
exposure times (4 days) the Cl disappears from the uniform corrosion layer. As the local pH value
becomes quite alkaline, due to the creation of OH− ions (Equation (7)), this fact may contribute to the
increase of dissolution rate of the aluminum oxychlorides present in the uniform corrosion layers at
the beginning of immersion test.
The shrinking of the EIS inductive loop with immersion time (Figures 5 and 9) could be
considered to be a consequence of the important decrease in the aluminum salts content observed
in the uniform corrosion layer commented previously. Reports concerning the aluminum corrosion
suggest that EIS diagrams present the appearance of low frequency pseudo-inductive loop when Cl−
ions are chemisorbed on aluminum-oxide surface and oxide-chloride complex [72], or aluminum salt
film [73] is formed.
4.2. Correlation between Corrosion Current Densities Estimated by EIS and Hydrogen Evolution Volume
In our work integration over the exposure period was applied to correlate corrosion current values,
estimated by EIS, hydrogen collected gas and gravimetric measurements. It should be noted that the
corrosion current densities determined from parameter Rt quantitatively agree with the corrosion
current densities calculated using independent hydrogen evolution measurement, over the whole
duration of the measurement (Figure 8). Our suggestion is that R should be closely related only to the
activation (charge-transfer) controlled cathodic process of hydrogen evolution, which occurs at the
interface metal-electrolyte, in the absence of such control in the anodic process. With this assumption,
Rt could be inserted in the Stern-Geary equation to estimate the corrosion current densities. If the
parameter Rp and value of B′ = 204 mV are used (Table 4), the estimated corrosion current yielded
20–50% greater values than those based on the hydrogen evolution volumes during the first two
days of AZ31B immersion in the Ringer’s solution at 37 ◦C (Figure 8). By prolonging immersion time,
a significant decrease occurs in the differences between the corrosion current values derived from
EIS-estimated Rp measurements and those derived from the hydrogen evolution. The reason is that Rp
characterizes the overall corrosion process (cathodic and anodic, besides the surface changes), having
a meaning more complex than that of the Rt values. We hypothesize that Rp may be composed of
other resistances (in addition to Rt), such as diffusion of the reacting species, including passivation,
adsorption and salt film Ohmic resistance. The electrochemical overestimation of the corrosion current,
using the EIS-Rp values, may be assigned to a possible superposition, due to the initial formation of a
salt film on the uniform corrosion layer and its subsequent dissolution during immersion of AZ31B in
the Ringer’s solution.
With regard to the ‘apparent’ Stern–Geary coefficients B′, based on EIS-estimated Rt or Rp values
(Table 4), the recent work reported by Curioni et al. [49,51] could serve as a reference, despite the
use of the reciprocal Rt values. In our study, the estimated B′ is ∼317 mV for the AZ31B magnesium
alloy exposed to the Ringer’s solution (at 37 ◦C), when the time-integrated reciprocal Rt resistance
values were used. When AZ31B was exposed to 0.6 M NaCl (at 21 ◦C), the value was ~97 mV [48].
This difference should be attributed to the variance in the chemical composition of both tested
solutions: The Ringer’s solution contains four times lower chloride concentration (0.15 M NaCl
and with additional compounds) and the experiments were performed at higher temperature (37 ◦C).
The nature of the metal or alloys and the specific corrosive environment could influence the value of
B [66], which correlates to the Rp and the instantaneous corrosion rate. The results of our study suggest
that the chloride concentration in the test solution is a critical factor for the Stern–Geary coefficient B′.
5. Conclusions
(1) The use of mass loss data and time-integrated reciprocal values of the charge transfer
resistance Rt estimated by the EIS diagrams, allows to follow the variation in the corrosion current
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densities of AZ31B Mg-alloy as a function of the immersion time up to four days in Ringer’s solution
(at 37 ◦C), similar to those measured by an independent chemical (I.e., non-electrochemical) method of
hydrogen evolution.
(2) The value of the ‘apparent’ Stern–Geary coefficients B′ (≈ 300 mV) was empirically obtained.
(3) The marked decrease in the EIS inductive loop, with increased immersion time in the Ringer’s
solution, tends to reflect the dissolution of aluminum chloride salt, which is probably formed across
the uniform corrosion layer during the initial stages, as suggested by the EDS analysis.
(4) The formation and dissolution of metallic salt, as a part of the corrosion layer formed on
AZ31 in the Ringer’s solution at 37 ◦C, seems to be responsible for the decrease in the accuracy of the
corrosion current densities derived from EIS estimated Rp.
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Abstract: The electrochemical corrosion behavior and the semiconducting properties of the passive
film formed on a coil spring steel were investigated in a buffer solution at pH 9. The anodic dissolution
was mitigated, and the passive film grew faster for the spring steel with compressive residual stress
than the one without stress. The passive films had an n-type semiconducting property with a high
density of oxygen vacancy, and the defect density was lower for the specimens with compressive
stress. The passive current density of the specimens with stress was higher and showed fluctuation.
These characteristics imply that the growth mechanism of passive film and the transport of vacancies
in the film on metals and alloys depend on the residual stress on the metallic surface.
Keywords: corrosion; spring steel; shot peening; Mott–Schottky analysis; point defect; passive film
1. Introduction
Coil springs for automobile suspension usually suffer corrosion fatigue [1–7] or fatigue [8–15].
Shot peening, proper design of alloy composition, and heat treatment are known to improve the
resistance to fatigue [1–16]. Commercial coil springs are usually shot-peened. Shot peening provides
compressive residual stress on the surface, and hence suppresses the crack growth under tensile
stress during operation [1,2,4,6,7,11]. The effects of residual stress on the mechanical properties,
which include fatigue and corrosion fatigue, have been extensively studied by many researchers [1–16].
However, little is known about the corrosion behavior of surfaces with residual stress.
Corrosion resistance of metallic materials is largely determined by its passivity. Passivity refers
to the phenomenon whereby a metal or alloy shows a very low corrosion rate in spite of its
thermodynamically high activity in a corrosion environment. This originates in the passive film,
which is an oxide film formed naturally on the surface with a thickness of several nanometers.
The passive film protects the metal from severe corrosion and can decelerate the corrosion rate
drastically. The Point Defect Model [17] of passivity suggests that the growth and breakdown of
passive films are controlled by the generation, annihilation, and transport of point defects such
as vacancies and interstitials. The type and concentration of point defects are obtained from the
semiconducting properties of the passive film, according to many corrosion researchers who have
investigated them by using the Mott–Schottky analysis [18–48].
In this study, the authors aim to examine the effect of compressive residual stress on the corrosion
and passivity of spring steels. Electrochemical polarization tests were used to evaluate the corrosion
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behavior, and a Mott–Schottky analysis was performed to determine the type and concentration of
point defects in the passive film.
2. Experimental Procedures
A coil spring part from an automobile provided by Hyundai Motors Company (Seoul, Korea)
was used as the specimen. The spring was made of JIS SUP-10 steel (Table 1) and was shot-peened.
The samples were taken from an undamaged part of the front left-hand coil spring after a proving
ground test. The paint was removed by immersing the samples into a methyl ethyl ketone solution
for 10 min. The samples were categorized into two groups, the S and M groups. The specimens with
residual stress, designated as the S group, were prepared by slightly polishing the surface of the spring
to make a flat area of about 0.1 cm2. The depth of polishing was not the same for all specimens, so it
was expected that the residual stress of each S specimen would be different. The specimens exposing
the cross-section of the spring were also prepared by cutting the center of the spring for a comparative
study and were designated as the M group. Multiple numbers of specimens were prepared for both
groups, and each specimen was designated as S1, S2, M1, M2, and M3. The surface of the samples was
finished with a 0.05-μm alumina paste.
Table 1. Chemical composition of SUP-10 steel.
Element C Si Mn P S Cr V
Composition (wt%) 0.45–0.55 0.15–0.35 0.65–0.95 <0.035 <0.035 0.80–1.10 0.15–0.25
The microstructure of specimens was observed using a field emission scanning electron
microscope (FE-SEM) (Jeol, Tokyo, Japan) after etching with a 3% nital solution.
The residual stress of the specimens was measured by instrumented indentation testing (IIT)
(Frontics, Seoul, Korea). IIT requires a reference sample without stress in order to measure the residual
stress quantitatively, and the authors presumed that the residual stress of an M specimen was 0.
The stress was measured 10 times for each S specimen and the results were then averaged.
The hardness was measured using a Vickers hardness tester (Future-Tech, Kanagawa, Japan) the
test was repeated five times.
Potentiodynamic polarization, potentiostatic polarization, and Mott–Schottky analysis were
performed sequentially for each specimen, using a potentiostat/galvanostat (Ivium Technologies,
AJ Eindhoven, The Netherlands). The surface of the specimens was sealed with a silicone sealant,
leaving an exposed area of 0.04–0.1 cm2. A three-electrode electrochemical cell was made up of a
working electrode (i.e., the specimen), a counter electrode made of Pt wire, and a saturated calomel
electrode (SCE) reference electrode.
A buffer solution at pH 9 was used as the electrolyte in order to establish a stable passivity as
suggested by the E-pH diagram of iron (Figure 1) [49]. The solution was made of H3BO3 + C6H9O7·H2O
+ Na3PO4·12H2O at ambient temperature. The solution was purged with 99.999% N2 gas during tests.
The working electrode was cathodically cleaned at −1 VSCE for 30 min. The open circuit potential
was monitored for 30 min. The potential was scanned from −0.3 V with respect to the open circuit
potential to 0.5 VSCE at a rate of 1 mV/s. Subsequently, the specimen was passivated by a potentiostatic
polarization at 0.5 VSCE for 24 h. Finally, the capacitance was measured at potentials from 0.5 VSCE to
−0.7 VSCE with the potential sweep rate of −10 mV/s for the Mott–Schottky analysis. The frequency
of AC was 1 kHz [50] and the amplitude was 0.01 V.
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Figure 1. E-pH diagram of Fe in water at 25 ◦C, assuming [Fe2+] = 10−6.
3. Results and Discussion
Experimental Results
Figure 2 shows the SEM images of the specimens. Lath martensite, which is usually found in
spring steels with a carbon content of less than 0.6 wt% [51], is observed for both S and M group
samples. Some distortion of grains due to the pressure involved by shot peening is seen from the
surface to a depth of about 10–20 μm. Cracks were found in the corrosion product layer between
the alloy and the coating. During the proving ground test, the paint coating was degraded and
water penetrated into the coating–metal interface. Corrosion products formed on the metal below the
coating and caused the detachment of the coating layer. Wet–dry cycles, temperature variation, and
impingement of sand or fine gravel led to the cracking of the coating and corrosion products.
  
(a) (b) 
Figure 2. Microstructure of cross sections (a) near the surface and (b) at the middle of the spring.
The residual stress of S group specimens was measured by IIT and is shown in Figure 3.
The compressive stress of the two specimens, S1 and S2, are 155 and 116 MPa on average, respectively.
Figure 4 shows the hardness of the S and M specimens. The hardness of the S1 and S2 samples
was Hv 617 and Hv 682, respectively. The hardness of the M specimens was approximately Hv 590.
The hardness of the alloy surface was increased due to the increase of the dislocation density by
compressive stress during shot peening [52]. The deviation between the data for the M specimens was
much lower than that for the S specimens. The variations in the residual stress and hardness were
large between the S specimens and also between the repetitive measurements for a given S specimen.
The different depth of grinding between the S1 and S2 specimens caused a different compressive stress
and hardness because the compressive stress had a gradual increase and decrease profile with depth.
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The deviation of data for a specimen was presumed to be due to the shot peening, which created
locally irregular stress on the surface from the random overlapping of impingements.
Figure 3. Residual stress of the S specimens measured by instrumented indentation testing (IIT).
Figure 4. Hardness of the coil spring specimens.
The potentiodynamic curves of the spring steels are shown in Figure 5. The corrosion potential
of the specimens was about −0.75 VSCE and the critical anodic current density was measured to be
1.7 × 10−5–6.6 × 10−5 A/cm2 at approximately −0.63 VSCE. The current density began to decrease at
−0.63 VSCE and the passive current density was between 5 × 10−6–1.4 × 10−5 A/cm2 at potentials
below 0.5 VSCE.
Figure 5. Potentiodynamic polarization curves.
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The corrosion potential (Ecorr), the corrosion rate (icorr), and the passive current density (ipass) at
0.5 VSCE are plotted in Figure 6. The corrosion potential and the passive current density at 0.5 VSCE
of the S group were a little higher than those of the M group. The corrosion rate did not appear
to show a dependence on the specimens. The critical anodic current density was measured to be
1.6 × 10−5–2.6 × 10−5 A/cm2 for the S group and 4.6 × 10−5–6.4 × 10−5 A/cm2 for the M group at
−0.65–−0.60 VSCE, indicating that the maximum dissolution rate of the S group was lower than that of
the M group. It is remarkable that the S specimens, which have residual stress, dissolved less before
passivation but that the passive current density of the S specimens was higher than the M specimens
without residual stress.
Figure 6. Corrosion parameters determined from the potentiodynamic polarization curves.
The potentiostatic polarization curves presented in Figure 7 also show a different passivation
behavior for the S and M specimens. The passive current density of S1 and S2 decreased very
rapidly and reached a minimum after about 1.5 h. Their current density showed slight increases
and decreases during potentiostatic polarization. On the other hand, the current density of the M
specimens decreased slowly during 16–17 h, and then showed a little increase. The passive current
density of the M specimens became lower than that of the S specimens after 5–11 h.
Figure 7. Current transients during potentiostatic passivation at 0.5 VSCE for 24 h.
The passive current density reached 8.4 × 10−7–8.5 × 10−7 A/cm2 for the S specimens and
5.3 × 10−7–6.9 × 10−7 A/cm2 for the M specimens after 24 h of passivation (Figure 8). The S specimens
had a higher current density than that of the M specimens, although the ranking of the passive current
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density of each specimen shown in the potentiostatic polarization (Figure 8) was different from that
shown by the ipass at 0.5 VSCE from the potentiodynamic polarization (Figure 6).
Figure 8. Passive current density after 24 h.
The difference in the potentiodynamic and potentiostatic polarization behaviors means that the
electrochemical dissolution and passivation mechanisms of spring steels can be different under the
influence of residual stress. It seems that the steel surface with compressive stress is less sensitive to an
anodic dissolution and is rapidly passivated, but that its passive film is less stable than the surface
without stress.
The type and concentration of point defects in the passive film were examined using a
Mott–Schottky analysis. The authors of this study point out that the Mott–Schottky analysis has
limitations as applied to passive films, because a passive film is not a well-defined semiconductor.
Therefore, several assumptions are employed commonly and the results of the analysis are interpreted
with care [53–55]. In particular, the quantitative property derived from the Mott–Schottky analysis (i.e.,
the donor density in this study) cannot be directly compared with that of other alloys. Nevertheless,
the relative value of the donor density within the boundary of this study can be discussed.
The Mott–Schottky plots (Figure 9) of all specimens showed similar behavior, indicating a linear
region with a positive slope between −0.3–0.3 VSCE. This means that these specimens had passive
films with an n-type semiconductivity. The donor density, which implies the concentration of oxygen







(Eapp − EFB − kTe ) (1)
where C is the capacitance of the space charge layer, ε is the dielectric constant of the passive film, ε0
is the permittivity of the vacuum, e is the charge of an electron, ND is the donor density, Eapp is the
applied potential, EFB is the flat band potential, k is the Boltzmann constant, and T is the temperature.
ε0 of the passive films on the specimens in this study was presumed to be 15.6, as accepted usually for
the passive film of steels [20,46–48].
The donor density and the flat band potential of the passive films formed on the S and M
specimens are shown in Figure 10. The donor density of the S1 and S2 specimens was measured
to be 2.01 × 1019 cm−3 and 1.37 × 1019 cm−3, respectively, whereas that of the M specimens was
3.03 × 1019–4.03 × 1019 cm−3. The density of point defect, which is thought commonly to be oxygen
vacancy for the n-type passive film [50], was found to be higher in the passive film of the steels without
residual stress than in the film on the specimens with stress. The flat band potential of passive films on
the M specimens was −0.427–−0.434 VSCE and a little higher than that (−0.448–0.463 VSCE) of the film
on the S specimens.
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Figure 9. Mott–Schottky plots.
Figure 10. Donor density and flat band potential determined by Mott–Schottky analysis.
Figure 11 shows the ipass at 24 h vs. the ND plot, based on the data presented in Figures 8
and 10. The passive current density decreased with an increase in the defect density in the passive film
generally, although such dependence was not explicit for S2. The authors could anticipate easily that a
low density of point defects leads to a slow mass transport and hence a low passive current density.
However, the results of this study presented the opposite, in that the passive current density for the M
specimens was lower than that for the S specimens although the donor density of the M specimens
was higher.
Figure 11. Relationship between donor density and steady state passive current density.
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Previous reports about the relationship between the corrosion resistance and the point defect
density fall into three categories. One group has suggested that the low density of point defect causes
high corrosion resistance. Extensive experimental results apparently agree with this opinion [18–37].
Other researchers have reported a high corrosion rate or a low corrosion resistance for the metals or
alloys with passive films with low point defect density [38–42], corresponding to the results drawn
from this work. Another group has proposed no clear dependence of corrosion resistance on the
point defect density [43–45]. These studies dealt with passivity or corrosion behaviors of various
metals and alloys in various aqueous environments. However, the authors of this study could not
find any relationship between the three different suggestions and the experimental conditions or
semiconducting types from the previous works. Therefore, the origin of such discordance is not yet
known. Many of the reports included a proposition that the concentration of point defect would affect
the stability of the passive film and hence the corrosion resistance but did not provide a mechanism
supported theoretically [18,19,21–38].
Only a few researchers, represented by Ahn et al. [44] and Park et al. [20], presented the theoretical
mechanism of degradation of corrosion resistance with an increase of point defect density validated
by the experimental phenomena, based on the Point Defect Model. Ahn et al. [44] and Park et al. [20]
commonly conducted studies on the passive film of Ni, which is a p-type semiconductor. It was
suggested that a high concentration of cation vacancy in the passive film created voids at the metal–film
interface and promoted a breakdown of the passive film. Nevertheless, Ahn et al. also showed that the
passive current density of Fe, which is an n-type semiconductor, did not depend on the point defect
density, that is, the concentration of oxygen vacancy [44]. Their work implies that the relationship
between the defect density and the corrosion resistance should be discussed while considering the
type of the defect, although adequate evidence is not yet established.
Figure 12 shows the ipass at 24 h, the ND, and the hardness vs. the residual stress plots.
The hardness of the S specimens was higher than that of the M specimens, but not increased with an
increase in the residual stress. The passive current density was generally higher for the specimens
with stress but did not appear to depend on the residual stress in the S group. The donor density was
lower for the S specimens, but it had rather increased with an increase in the compressive stress in the
S group. It is not clear whether the compressive residual stress involves any relationship which can be
described as a linear or a high-order function from this work. However, it was noted that the bulk
specimen without residual stress (i.e., the M group) and the sub-surface specimen with residual stress
(i.e., the S group) had a different corrosion and passivity behavior.
Figure 12. Effects of compressive residual stress on steady state passive current density, donor density,
and hardness.
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Several reports suggest that the corrosion resistance is improved with compressive residual
stress [56–59]. On the contrary, other studies present that shot peening lowers the corrosion resistance.
Irregularity and micro-cracks due to immoderate shot peening sometimes accelerate corrosion [52].
There was a case where the corrosion rate of an SAE 5155 steel after shot peening was higher than
the specimen without peening in a relatively short test, although the results were inversed after a
prolonged test [56]. It might be a similar phenomenon with the potentiostatic polarization behavior
shown in Figure 7 in this study, in that the current density of the S specimens underwent a fast decrease
followed by a slight increase.
The donor density is known to increase and decrease during the passivation process [60].
Jang et al. [60] reported that the donor density in the passive film of Fe-20Cr-15Ni alloy rapidly
increased for the initial 2 h and then decreased slowly. In the same work, the flat band potential
was gradually lowered with passivation time. The passive film was thought to grow at a high rate
during the initial stage with the generation of many point defects and to reach a steady state when the
generation and annihilation of point defects were balanced. The passive film of the S specimens in
this work grew faster (Figure 7) and had a lower donor density and flat band potential after the same
passivation time as that of the film for the M specimens (Figure 10). It might be due possibly to the
high diffusion rates of ions through many grain boundaries in the shot-peened surface as Lvet al. [19]
have suggested. After that stage, the transport of vacancies would slow down and reach a steady
state, but the high density of dislocations and grain boundaries involved with the residual stress might
cause a higher transport rate in the passive film than expected in the passive film formed on normal
grains without stress.
4. Conclusions
The effect of shot peening on the corrosion behavior of spring steels was investigated by
electrochemical polarization tests and Mott–Schottky analysis.
The compressive stress of 116–155 MPa was induced and the hardness was increased by shot
peening. The specimens with compressive residual stress were passivated faster and their density
of point defect was lower than the specimens without residual stress. However, the passive current
density after 24 h was higher for the specimens with stress than that for the samples without stress,
possibly due to the higher diffusion rate involved with the fine and defected grain structure caused by
compressive stress.
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Abstract: Surface nano-crystallization (SNC) of a conform-extruded Cu-0.4 wt.% Mg alloy was
successfully conducted by high-speed rotating wire-brushing to obtain the deformed zone with
dislocation cells and nanocrystallines. SNC promotes the anodic dissolution and corrosion rate of
the Cu-Mg alloy in the initial stage of immersion corrosion in 0.1 M NaCl solution. The weakened
corrosion resistance is mainly attributed to the higher corrosion activity of SNC-treated alloy. With
extending the immersion time, the SNC-treated alloy slows the corrosion rate dramatically and
exhibits uniform dissolution of the surface. The formation of the dense corrosion products leads to
the improvement of overall corrosion performance. It indicates that the SNC-treated Cu-Mg alloy
can function reliably for a longer duration in a corrosive environment.
Keywords: Cu-Mg alloy; conform; surface nanocrystallization; corrosion resistance
1. Introduction
With the rapid growth of the high-speed railway over the last few decades, more attention has
been focused on the development of copper alloys for their high strength, good electrical conductivity,
satisfactory resistance to wear, and corrosion for contact wires [1]. Until now, plenty of research has
been conducted to enhance the required properties of copper alloys by adding small amounts of
alloying elements to them, such as Cr, Zr, Ag, Ni, and Mg [2–6]. Contact wire Cu-Mg alloys with
lower production costs demonstrate ideal comprehensive properties and are considered the current
preferred material for making contact wires for high-speed trains, of which the operating speed is
more than 300 km/h [7,8]. According to the phase diagram of Cu-Mg, a single solid-solution copper
alloy containing a small amount of Mg can be obtained at room temperature. Solution strengthening
of the Mg element should not cause severe lattice distortion of the copper matrix for their similar
atom radius, and should therefore keep the excellent conductivity performance of copper. In China,
Cu-Mg contact wires are now widely used in trains running at the speed of ≥300 km [7]. Compared
with other copper alloys, single solid-solution Cu-Mg alloys have good comprehensive performance,
a simple manufacturing process, and vast application prospects. In their long-term operation, they can
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hardly be immune from water, humidity, and salts, which affect the lifespan of contact wires. By all
appearances, the corrosion control of Cu-Mg alloys is a valuable research issue.
According to the Hall Petch equation, fine grains can improve the strength of materials, and as
it is generally believed, grain refinement can simultaneously benefit strength and toughness. Grain
refinement of single solid-solution Cu-Mg alloy have been applied to achieve a good combination of
strength and conductivity. At present, the China Railway Construction Electrification Bureau Group
(Kang Yuan New Materials Co., Ltd.) has developed fine-grained Cu-0.4 wt.% Mg contact wire by
using the conform-process, as well as cold drawing. The severe plastic deformation (SPD) procedure is
currently one of the most effective ways to produce ultrafine-grained (UFG) alloys, which is gaining
an increasing amount of attention [9–11].
Surface nano-crystallization (SNC) can be used to induce severe plastic deformation in the surface
layer and obtain a nano-cystallized/ultrafine-grained (NC/UFG) gradient layer with high strength
and hardness [12,13]. The enhanced mechanical properties, especially the enhanced surface hardness,
will improve the wear resistance of the contact wire and decrease its wear loss induced by the sliding
friction with the pantograph. However, due to the complex electrochemical corrosion process and
various influencing factors, it still cannot get a unified conclusion to the effect of SNC on the corrosion
behavior of treated metals. Some studies reported that the SNC process decreased the corrosion
resistance of the metals. Li [14] declared the decreased corrosion resistance of SNC low-carbon steel
due to the increased number of active corrosion sites. Others reported the positive effect of SNC on
the anti-corrosion performance of the treated metals, such as improved corrosion resistance of the
SNC 316L SS steel [15] and AISI 409 SS steel [13] by surface mechanical attrition treatment (SMAT).
Our former investigation also found improved passivation ability and corrosion resistance of the
SNC-treated low-carbon steel rebar in the Cl−-containing concrete pore solution [16].
As important as it is to develop high-strength, good-conductivity copper contact wires, the present
work investigates the corrosion behavior and corrosion resistance of the on-line conformed Cu-0.4wt.%
Mg alloy subjected to experimental SNC processes by high-speed wire-brushing [16]. The influential
mechanism of the SNC process on the corrosion behavior of this alloy was systematically studied.
The SNC-induced special surface microstructure and surface roughness have a close relationship to
the evolution in unique corrosion behavior of this alloy.
2. Experiment
The material used was Cu-0.4 wt.% Mg (oxygen ≤ 10 ppm) alloy, which were melted with
electrolytic copper and pure magnesium through upward-casting, and then extruded by the conform
process of the China Railway Construction Electrification Bureau Group (Kang Yuan New Materials
Co., Ltd., Jiangsu, China). Mg atoms of the binary alloy mainly existed at the FCC-structured copper
crystal. An illustration of the conform process is presented in Figure 1, which clearly shows it is
able to refine the grain size of the alloy, and thus simultaneously improve its strength, plasticity,
and conductivity [17]. The conformed round bars were continuously treated by SNC-processing via
a high-speed rotating wire brush, which inflicts severe plastic deformation to the sample surface by
forceful and repeated scratching (as shown in Figure 2). The detailed SNC processing parameter,
such as rotation speed of the wire brush and the feeding speed of the sample, can be found in our
former work [16]. Each sample was SNC-processed for four passes to obtain a uniformly modified
surface layer and extreme grain refinement on the brushed surface. An optical microscope (Olympus
BX51M, Tokyo, Japan) was used to observe the microstructure at the surface of the brushed samples.
The composition of the etchant was glacial acetic acid 5 mL, phosphoric acid 11 mL, and nitric acid 4 mL.
The etching time was 5 s. Transmission electron microscopy (TEM, JEM-2000EX, Tokyo, Japan) was
applied to observe the microstructure and grain size of the Cu-Mg alloy after SNC processing. X-ray
diffraction (XRD) analysis of the samples was performed using a Bruker D8 Advance diffractometer
(Bruker AXS, Karlsruhe, Germany) with Cu K 1 radiation. The θ–2θ diffraction patterns were scanned
from 15◦ to 85◦ with a scanning rate of 2◦ min−1. The laser scanning confocal microscope (Olympus
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LEXT OLS4000 3D, Tokyo, Japan) was used to quantitatively analysis the surface roughness after SNC
treatment of the alloy.
 
Figure 1. Schematic diagram of the conform.
Figure 2. Schematic diagram of surface nanocrystallization.
All SNC samples subjected to corrosion tests were covered by epoxy resins, leaving a columnar
exposed area of 9 cm2. 0.1 M NaCl aqueous solution was used for corrosion tests. Immersion tests
were carried out at room temperature for 30 days in an open system. The corrosion morphologies of
the samples were observed via a digital microscope (Hirox, KH-7700, Hackensack, NJ, USA) and the
scanning electronic microscope (SEM, S-3400N, Hitachi, Tokyo, Japan). The chemical composition of
the corrosion product was characterized by the energy-dispersive X-ray spectrometer (EDS, OXFORD
instrument, Oxford, Oxfordshire, UK). After the set intervals of immersion, the mass loss of the
samples was examined by an electronic balance (accuracy: 0.1 mg) to calculate the corrosion rate
(unit: mg·cm−2·h−1) of the SNC-treated alloy. 5 parallel samples were used in this test to get the
average corrosion rate of the alloys with and without SNC treatment.
Electrochemical corrosion behavior of SNC samples were evaluated by a CHI660D advanced
potentiostat (Huacheng, Shanghai, China) equipped with a saturated calomel electrode (SCE) and a Pt
counter electrode. For better repeatability, more than three parallel samples were conducted in each
electrochemical test. The samples were freely immersed in the solution for 1000 s to obtain the stable
open circuit potential (OCP) values. The frequency of electrochemical impendence spectroscopy (EIS)
tests ranged from 10 KHz to 0.01 Hz, and the amplitude of the sinusoidal potential signal was 5 mV
with respect to the OCP value of the samples. The potentiodynamic polarization (PDP) tests were
performed at a scan rate of 1 mV/s, which started at a potential value 250 mV below the obtained
OCP value.
3. Results
3.1. Microstructure Characterization of Cu-0.4%Mg Alloy
Figure 3 presents optical microstructures of the conformed Cu-0.4 wt.%Mg before and after SNC
processing. As shown in Figure 3a, the α-Cu grains of the conformed alloy equiaxed and reached
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an average size of 8 μm. The alloying Mg element in small quantities was solid solutions, thus no
second-phase particles exist in the copper matrix. During the continuous conform procedure, the
temperature in the die chamber reached as 800 ◦C and was significantly higher than the recrystallization
temperature (about 350 ◦C) of the Cu-Mg alloy. Therefore, the grain size of the alloy subjected to the
conform procedure could not reach nanometers for dynamic recrystallization. As shown in Figure 3b,c,
the surface grains after SNC treatment are obviously fine, and there is a gradient microstructure in the
longitudinal section of the alloy. The surface area underwent severe plastic deformation during SNC
treatment, resulting in the formation of a fibrous, deformed microstructure. More information on the
SNC gradient microstructure, especially the nano-grains, can be obtained from TEM observation.
Figure 3. Optical microstructures of the Cu-Mg alloy at (a) the as-conformed state; (b) and (c) are the
conform + surface nano-crystallization (SNC) alloy at low and high magnification, respectively.
Figure 4 presents the TEM micrograph of severely deformed α-Cu grains after SNC treatment. It is
clear that the α-Cu grains have been further refined into equiaxed nano-grains with an average size of
400 nm. The white areas at the arrowheads in Figure 4a are the low-density zones (LDDZ) of dislocations,
which is a typical microstructural characteristic in nanostructured copper samples [18,19]. As is well-known,
dislocation tangling is frequently observed in the grain interior of heavily strained alloys. During the
SNC procedure, dislocation proliferation which occurred on the alloys’ surface generated high-density
dislocations, a mass of dislocation cells, and evident dynamic-recrystallization phenomena. Thus, the
formation of the LDDZ areas should be attributed to the dynamic equilibrium between the production
and annihilation of the dislocations, as well as the dislocation absorption at the grain boundaries with the
grain refinement [20,21]. Plenty of approximately equiaxed dislocation cells increasingly formed subgrains
during SNC, and eventually, the subgrain boundaries became low-angle grain boundaries (GBs) and
even high-angle GBs. In essence, the severely deformed surface reached the nano-scale level after SNC
modification. The arrowhead in Figure 4b indicates the deformation twin in particular grains, which is
created by the shear stress and severe strain during the SNC process. The stress causes the appearance of
partial dislocations at the grain boundary, which react to form the parallel twins.
  
Figure 4. Transmission electron microscopy (TEM) images of the Cu-Mg alloy after SNC: (a) at lower
magnification of the dislocation tangle; (b) at higher magnification of the twin zone.
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3.2. Electrochemical Results of Cu-0.4%Mg Alloy
Figure 5a presents the continuous OCP monitoring of the alloy with and without SNC treatment,
immersed in 0.1 M NaCl solution for 1000 s. It is clear that the OCP values of both untreated
and SNC samples decrease rapidly in the initial 200 s, and then decrease slowly during the rest of
the immersion time. The surface of the samples were wet soon after immersing the solution, and
an electric double layer was formed at the solid–liquid interface. The lower OCP value of the SNC




Figure 5. Electrochemical corrosion tests of the conform and conform + SNC Cu-Mg alloy after
immersion in 0.1 M NaCl solution for 1000 s. (a) Open circuit potential (OCP) curves; (b) polarization
curves; (c) and (d) are the EIS Nyquist plots and the relative equivalent circuit and fitted Rp values.
Figure 5b presents the PDP curves of the untreated and SNC-treated samples immersed in 0.1 M
NaCl solution. Before the PDP test, the samples were immersed in the solution for 1 h. Table 1 lists
the values of corrosion potential (Ecorr) and corrosion current density (Icorr) determined by the Tafel
extrapolation procedure from Figure 5b. The similar characteristics of the PDP curves indicates the
same corrosion mechanism of the untreated and SNC-treated Cu-Mg samples, which shows up as
anodic activation dissolution in the NaCl solution of low concentration. It is well-known that a nobler
corrosion potential leads to lower corrosion tendency in thermodynamics, and a higher corrosion
current density elucidates a faster corrosion rate in corrosive medium. As seen in Table 1, the SNC
sample has a lower Ecorr value and higher Icorr value, in comparison with the untreated sample. It also
indicates that the SNC sample is more readily attacked by NaCl solution in the initial.
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Table 1. Electrochemical parameters of conform and conform + SNC samples immersed in 0.1 M
NaCl solution.
Samples Ecorr (VSCE) Icorr (μA/cm2)
Conform −0.176 ± 0.01 0.65 ± 0.05
Conform + SNC −0.216 ± 0.01 0.15 ± 0.03
Figure 5c presents the typical Nyquist impedance plots of the untreated and SNC-treated samples
at open-circuit potential after 1000 s immersion in 0.1 M NaCl solution. The similar Nyquist plots
represent that the corrosion mechanism of the alloy has not changed after SNC treatment. The line
going upwards with slope one in the low-frequency region indicates a diffusion-controlled process.
The high-frequency region of the EIS Nyquist plots is shown in the bottom right corner of Figure 5c.
The diameter of the capacitive loop is widely accepted to typify the polarization resistance value of
the double layer. The SNC samples presents a lower conductive loop diameter, which indicates lower
polarization resistance (RP) after SNC treatment. The R(Q(R(QR))) equivalent circuit was used to fit
the EIS plots and to show the used equivalent circuit and fitted Rp values, presented in Figure 5d.
Clearly, the Rp value (about 185 kΩ·cm2) of the SNC sample is smaller than that of the conform sample
(about 235 kΩ·cm2), indicating thqt there was less corrosion resistance in the initial corrosion period.
3.3. Immersion Corrosion Results
A constant immersion test of the samples, followed by a mass-loss measurement and optical
microscopy, provided concrete evidence for electrochemical corrosion behavior. Figure 6 presents the
mass-loss rate of the untreated and SNC-treated samples after long-term immersion in 0.1 M NaCl.
It is clear that the change rule of corrosion rate of the two samples are the same in the solution after
a certain time. The mass-loss rate of the samples gradually decreased with the rise in immersion
time, and finally returned to a relatively stable value. The higher corrosion rate at the initial stage of
immersion is due to anodic activation dissolution without a passivation phenomenon. After immersion
for some time, the corrosion product film piled up at the surface conferred a protective effect to reduce
the corrosion rate. Figure 7 presents the macro-appearance of corroded regions of the untreated and
SNC-treated samples after 2 and 15 days of immersion in 0.1 M NaCl. It indicates that there is no
typical pitting corrosion phenomenon, but the uniform corrosion characteristic is presented in the two
samples with 2 days of immersion. After 15 days of immersion in 0.1 M NaCl, typical corrosion pits
could be located on several sites for the conformed sample, but there was slight corrosion dispersed
over an area for the SNC sample.
Figure 6. Corrosion rates (with duration) of conform and conform + SNC Cu-Mg alloy immersed in
0.1 M NaCl solutions at different times.
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Figure 7. Macro-appearance of the conform and conform + SNC Cu-Mg alloy immersed in 0.1 M NaCl
solutions for 2 days and 15 days. (a) Conform sample after corrosion for 2 days; (b) Conform sample
after corrosion for 15 days; (c) Conform + SNC sample after corrosion for 2 days; (d) Conform + SNC
sample after corrosion for 15 days.
3.4. Influential Mechanism of SNC on the Corrosion Behavior of the Cu-0.4%Mg Alloy
Corrosion behavior and corrosion resistance of the materials were strongly influenced by their
surface condition, especially the surface microstructure characteristics and the surface roughness [22,23].
Meanwhile, the environmental factors also had an important impact on the corrosion process. In our
former investigation on corrosion bahavior of the SNC-treated rebar in a simulated concrete-pore solution,
we found that the SNC rebar showed enhanced passivation ability and improved corrosion resistance
against Cl− aggression [16]. Herein, the corrosion behavior of the SNC-treated Cu-Mg alloy seems to be
more complicated. It suffered rapid anodic dissolution and showed less corrosion resistance in NaCl
solution during the initial corrosion period. However, in long-term corrosion, the SNC-treated alloy
showed a decreased corrosion rate and better corrosion resistance compared to the conform alloy. It is
possible that the anti-corrosion performance of the SNC-treated alloy was greatly influenced by its SNC
microstructure characteristics and surface roughness.
To reveal the effects of grain refinement on the corrosion resistance of the alloy, the XRD analysis
was further used to judge the grain size of the alloy before and after SNC modification and corrosion.
Before the test, the SNC-modified samples were immersed in 0.1 M NaCl solution for 10 days. From
the XRD plots in Figure 8, one can find that all the samples presented with typical copper peaks.
Considering the small amount of Mg content, the typical copper peaks can be regarded as the Cu-Mg
solid solution. A more detailed difference can be found in the full width at half maxima (FWHM)
values of the XRD patterns of the alloys. Many studies have reported that the FWHM values can
be used to judge the grain size of the tested materials semi-quantitatively according to the Scherrer
equation. Larger FWHM values infers broadening in the diffraction peaks, which denotes a decrease
in the surface grain size [24,25]. Herein, the FWHM values of the typical three strongest peaks of the
SNC-treated alloy are larger than that of the conform alloy (shown in the Table 2). This phenomenon
should be induced by the severe refinement of the surface grains during SNC modification, which will
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bring a mass of grain boundaries with high energy. As observed in the TEM images above, dislocation
proliferation on the alloys’ surface generated high-density dislocations, as well as strain-induced twins,
during the SNC process. Since the nature of electrochemical corrosion of copper in NaCl solution leads
to active dissolution of the anode, the mass of high-energetic crystal defects (such as grain boundaries,
dislocations, and twins) may lead to more residual stress and corrosion activity compared to the
conform alloy. These energetic crystal defects provide a more active site for corrosion, leading to more
rapid anodic dissolution in the initial corrosion period.
Figure 8. X-ray diffraction (XRD) plots of the conform and conform + SNC Cu-Mg alloys before and
after corrosion.





Conform + SNC Alloy
FWHM of
Confrom + SNC + Corrosion alloy
First peak 43.4◦ 0.248 0.272 0.269
Second peak 50.5◦ 0.309 0.339 0.338
Third peak 74.2◦ 0.347 0.389
As opposed to the conform alloy, there seems to be no change in FWHM values between the SNC
samples before and after corrosion. From this phenomenon, one can believe that the corrosion damage
of the SNC-treated alloy is quite limited, and the nano-scaled microstructure of this alloy was still
kept after corrosion. Besides the copper peaks, the corroded sample also presented with weak Cu2O
peaks. It is generally believed that part of the cathodic process of the electrochemical corrosion of
copper is oxygen absorption corrosion, and that the weak Cu2O peaks should be detected from the
corroded products.
It is generally believed that high surface roughness is also harmful to the corrosion resistance of
the materials. As shown in Figure 9, the surface roughness of both the conform and conform + SNC
samples were quantitatively evaluated by the laser scanning confocal microscope. The typical surface
roughness (Ra) of the conform + SNC samples were about 15 μm, nearly 6 times larger than that of
the conform sample (Ra= 2.4 μm). The more significant surface roughness of the SNC-treated alloy
brought a more exposed area to the aggressive medium, leading to more rapid anodic dissolution
during the initial corrosion period.
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Figure 9. Surface roughness analyzed by the laser scanning confocal microscope. (a) Conform + SNC
sample; (b) conform sample.
SEM analysis of the corroded surfaces of alloys after immersion corrosion in 0.1 M NaCl for 30 days
was carried out to disclose the anti-corrosion mechanism during long-term corrosion. As shown in
Figure 10, the corroded surfaces of the two samples were covered with corrosion products. It is obvious
that the surface of the untreated sample was fully covered with more uniform and loose corrosion
products, while the surface of the SNC sample was partially covered with more compact corrosion
products. The finer grains with higher-density dislocation after SNC treatment provided more active
sites for corrosion reaction to form a more compact corrosion production layer. Table 3 shows EDX
results obtained from the corroded surface examination of the same samples in Figure 10c,f. For the
two samples, the presence of chloride and oxygen was detected, from which one can deduce that CuCl
and Cu2O should be formed. A higher percentage of the O element was obtained on the surface of the
Conform+SNC sample, which indicates that, in this case, CuCl formation was somehow inhibited.
  
   
Figure 10. Scanning electronic microscopy (SEM) corrosion morphologies of the Conform (a–c)
and Conform + SNC (d–f) Cu-Mg alloys’ immersion in 0.1 M NaCl solution for 30 days. (a) and
(d) are low-magnification images; (b) and (e) are medium-magnification images; (c) and (f) are
high-magnification images.
In addition, the conform alloy presented with typical corrosion pits, as shown in Figure 10a,b,
which can be related to the corrosion pits observed in the optical corrosion morphologies shown in
Figure 7b. It is clear that the corrosion damage in pits has already extended into the deep substrate.
Meanwhile, there were no corrosion products covering the pit, which indicates the continuous corrosion
damage in the pits during long-term immersion corrosion. Due to the large tensile stress of the contact
wire during the service, those corrosion pits on the conform alloy will provide priority nucleation for
micro-cracks. Corrosion-induced cracks greatly decrease the fracture toughness of the alloy, which is
vital to the safety and lifespan of the contact wire. However, the SNC-treated contact wire has a harder
197
Metals 2018, 8, 765
surface, as well as overall corrosion without pitting corrosion risk; these favorable factors will ensure
its superior fracture toughness. Fracture toughness can be carefully extracted by the pillar-splitting
method, which enables testing of the fracture toughness for sub-micrometer scale materials or in
specific zones for bulk materials [26]. This investigation will be the focus of our future work.
Table 3. Energy dispersive X-ray spectrometer (EDS) analysis of corrosion products on the surface of
Conform and Conform + SNC specimens immersed in 0.1 M NaCl solutions for 30 days.
Elements
Atomic Percent %
Conform Postion A Conform Postion B Conform + SNC Postion C Conform + SNC Postion D
O 50.14 56.88 54.02 56.40
Cl 24.74 15.42 11.82 14.00
Cu 48.73 27.69 33.98 29.60
4. Conclusions
This work has shown the detrimental effect of surface nanocrystalline modification of Cu-
0.4%Mg alloy on their electrochemical corrosion behavior, due to the finer grains and more micro-
structural defects.
The SNC process, via high-speed rotating wire-brushing, forms the severe deformed plastic flow
zones and increased surface roughness. The grain size of the surface deformed zone was refined into
a nanometer regime, resulting from the formation of plenty of dislocation cells and deformation twins.
Strains-induced grain refinement weakens corrosion resistance of the SNC alloy during the
initial corrosion period in 0.1 M NaCl solution, resulting in the lower OCP value and higher Icorr
values in polarization tests, a smaller capacitive loop and Rp value in EIS tests, higher mass-loss
rate, and a partially corroded surface. The SNC sample with a smaller grain size has lower corrosion
resistance, indicating that the increased crystal defects and higher surface roughness results in increased
corrosion activity.
However, the SNC alloy presented with a gradually decreasing corrosion rate (mass-loss rate) in
the long-term immersion corrosion tests. The improved corrosion-resistance performance of the SNC
alloy contributed to the formation of more compact corrosion products on the SNC’s surface.
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Abstract: For Fe-based 18Cr10Mn0.4N0.5C(0–2.17)Mo (in wt %) austenitic stainless steels, effects of
Mo on pitting corrosion resistance and the improvement mechanism were investigated. Alloying Mo
increased pitting and repassivation potentials and enhanced the passive film resistance by decreasing
number of point defects in the film. In addition, Mo reduced critical dissolution rate of the alloys in
acidified chloride solutions, and the alloy with higher Mo content could remain in the passive state in
stronger acid. Thus, it was concluded that the alloying Mo enhanced pitting corrosion resistance of
the alloys through increasing protectiveness of passive film and lowering pit growth rate.
Keywords: high interstitial alloy; molybdenum; pitting corrosion; passive film
1. Introduction
FeCrMnNC austenitic stainless steels known as high interstitial alloys (HIAs) are attractive and
economical materials to replace conventional FeCrNi austenitic stainless steels [1–10]. The main
purpose of using C, N, and Mn for HIA is to stabilize the austenite phase instead of Ni being an
expensive austenite stabilizer [1,2,4,11]. In addition, alloying C and N in stainless steels imparts
improved mechanical properties including strength and wear resistance. Regarding corrosion
properties, the fact that the alloying N improves the resistance to localized corrosion of stainless steels
is well known [12,13], and C in solid solution state is also reported to be advantageous to enhance the
pitting corrosion resistance [1,5,6,10,14,15]. Thus, new FeCrMnNC alloys have been explored, with
comparable and/or superior performances including strength, elongation, and corrosion resistance to
the conventional FeCrNi austenite stainless steels; hence, various types of HIAs have been designed
and investigated [1–3,5,8,9]. The author group has made an effort to develop new HIAs with
high C and N contents (C > 0.3 wt % and N > 0.3 wt %), and we have found that the Fe-based
18Cr10Mn0.4N(0.3–0.5)C (in wt %) alloys exhibit desirable performances [5–7,14]. The alloys have
subsequently been modified with various alloying elements such as Mo, Ni, Cu, Nb, and W in order to
further improve their mechanical and corrosion properties. Consequently, it has been revealed that the
Fe-based 18Cr10Mn0.4N0.5C (in wt %) HIAs with small amount of Mo, Ni, and W (less than 2 wt %)
have mechanical properties and resistance to localized corrosion superior to the UNS S30400 and UNS
S31603 stainless steels [16,17].
One of the recommended methods to improve the resistance to localized corrosion of stainless
steels, including HIAs, is alloying Mo [18–22]. Although Mo is an expensive ferrite former and is
able to form a brittle σ phase, which leads to degradation of the physico-chemical properties of
stainless steels [23–25], a small amount of Mo (2–4 wt %, sometimes up to 6 wt %) is frequently
used in conventional austenitic stainless steels because of its definite advantages to the localized
corrosion resistance. Lots of investigations on the mechanism of improved resistance to localized
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Metals 2018, 8, 653
corrosion by Mo addition have been performed [20–22,26–35]. The desirable localized corrosion
resistance of Mo-bearing stainless steels is attributed to various factors. Mo is known to promote
the protectiveness of the passive film by formation of the Mo- [26,27,36] and/or Cr-enriched [30,37]
film and by thickening of the passive film [26]. Mo is also reported to be beneficial to enhance
repassivation characteristics [22]. In addition, it is suggested that molybdate ion (MoO42−) is formed
during dissolution of Mo-bearing metal, which effectively blocks the adsorption of chloride ion
(Cl−) [26,29,33]. The positive influences of Mo on pitting corrosion behavior have been observed
in various types of stainless steels, including FeCr-based ferritic stainless steels [22,27,29,30,33,36],
FeCrNi-based austenitic stainless steels [22,26,30,35,36], FeCrMnN-based high-nitrogen stainless
steels [35], and FeCrNiMo-based duplex stainless steels [36,38,39]. However, Sugimoto [26] reported
that the alloying Mo was ineffective to improve the pitting corrosion resistance of FeMo and NiMo
binary alloys, and Kaneko [22] reported that the positive effect of Mo was pronounced in FeCrNi
austenitic stainless steel in comparison with FeCr ferritic stainless steel. In addition, it is worth
mentioning that the beneficial effect of Mo is manifested in the presence of Cr in Fe-based alloys,
and Mo exhibits synergistic effects on the corrosion resistance when alloyed with N in stainless
steels [35,39]. These observations suggest that the influence of Mo changes depending on the matrix
composition, and thus it is worth investigating the Mo effect on the localized corrosion behavior
and passivity of newly developed HIAs. Therefore, the objectives of this paper are to investigate the
effects of Mo on the resistance to pitting corrosion of Fe-based 18Cr10Mn0.4N0.5C(0–2.17)Mo (in wt %)
austenite stainless steels, and to find the reasons for the change in the pitting corrosion resistance.
2. Experimental Section
2.1. Materials and Mechanical Tests
The investigated alloys were Fe-based 18Cr10Mn0.4N0.5C(0–2.17)Mo (in wt %) HIAs, which have
been patented recently [16,17]. The detailed chemical compositions of the three alloys are given in
Table 1, and were measured using an optical emission spectroscopy (QSN 750-II, PANalytical, Almemo,
The Netherlands) and an inductively coupled plasma atomic emission spectroscopy (Optima 8300DV,
PerkinElmer, Waltham, MA, USA).
Table 1. Chemical compositions (in wt %) and mechanical properties of the investigated alloys.









18.19 9.72 - 0.36 0.50 502.1 957.2 61.7
1Mo 17.89 9.81 1.13 0.40 0.47 499.2 897.5 56.4
2Mo 18.10 9.47 2.17 0.38 0.48 529.0 979.9 62.1
The alloy ingots (10 kg) were produced by vacuum induction melting under N2 atmosphere.
The ingots were homogenized at 1250 ◦C for 1 h under Ar atmosphere. After the homogenization,
the ingots were hot-rolled from 40 mm (initial thickness) to 4 mm (final thickness), followed by water
quenching. The hot-rolled plates were then solutionized at 1200 ◦C for 30 min and quenched in
water. The temperatures for the thermomechanical processes were determined from equilibrium phase
diagrams (Thermo-Calc software version 4.1, TCFE 7.0 database, Solna, Sweden) shown in Figure 1.
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Figure 1. Phase fractions of (a) 0Mo, (b) 1Mo, and (c) 2Mo alloys as a function of temperature calculated
using Thermo-Calc software.
Then the microstructures of the alloys were examined. Specimens (15 mm × 10 mm × 4 mm)
were cropped from the solutionized plates, mechanically polished using a diamond suspension with
a particle size of 1 μm, and chemically etched in acid solution (20 mL HNO3 + 30 mL HCl + 50 mL
distilled water) for 1–3 min. A scanning electron microscope (SEM, JSM-5800, JEOL, Tokyo, Japan)
was employed to observe the microstructure. The strength and elongation values were measured
by tensile tests at 25 ◦C with a nominal strain rate of 1.67 × 10−3/s using a servohydraulic machine
(INSTRON 5882, Norwood, MA, USA) on tensile specimens (ASTM E8M).
2.2. Electrochemical Tests
The resistance to pitting corrosion of the 0Mo-2Mo alloys was compared with that of S30400 (Fe-based
18.5Cr8.2Ni1.0Mn0.6Si0.04C, in wt %) and S31603 (Fe-based 17.4Cr12.0Ni2.4Mo1.0Mn0.5Si0.02C, in wt %)
alloys by linear potentiodynamic polarization tests in a 1 M NaCl solution at 25 ◦C with a potential
sweep rate of 1 mV/s. Then in order to assess the pitting corrosion resistance of 0Mo, 1Mo, and 2Mo
alloys more clearly, linear and cyclic potentiodynamic polarization tests were performed in various
aqueous solutions containing 4 M NaCl (4 M NaCl, buffered 4 M NaCl, and acidified 4 M NaCl
solutions) at 25 ◦C. The buffer solution was borate-phosphate-citric buffer at pH 8.5 with a composition
of 0.2 M boric acid + 0.05 M citric acid + 0.1 M tertiary sodium phosphate. The acidified NaCl solutions
were 4 M NaCl with (0.00043–0.1) M HCl solutions, in which both localized and general corrosion
behavior could be simultaneously evaluated. The linear polarization was conducted from −0.1 V
versus corrosion potential (Ecorr) to pitting potential (Epit) at a potential sweep rate (dV/dt) of 1 mV/s.
For the cyclic polarization tests, the potential was elevated from −0.1 V versus Ecorr to the potential
value at which the current density exceeded 0.1 mA/cm2, and then lowered to the repassivation
potential (Erp) with a dV/dt of 1 mV/s.
The passive behavior and electronic properties of the passive film were investigated in the
borate-phosphate-citric buffer solution (pH 8.5) without NaCl. Passive potential range and passive
current density (ipassive) were examined through potentiodynamic polarization tests in the buffer
solution at 25 ◦C with a dV/dt of 1 mV/s, and the resistance of the passive film was investigated by
measuring the real part of the impedance (Z′real) during the anodic polarization [35,40–43]. The Z′real
values of the passive films were measured by imposing sine-wave voltage perturbation (±10 mV) at a
frequency of 0.1 Hz [40,41] during increase in the applied potential from −0.8 to 0.9 VSCE. Then the
point defect density in the space charge layer of the passive film was measured through Mott-Schottky
analysis. For the test, the passive film was formed by applying constant anodic potential of 0.85 VSCE
for 3 h in the buffer solution, and then the capacitance of the passivated layer was measured by
imposing sine-wave voltage perturbation (±10 mV) at a frequency of 1000 Hz during the negative
(cathodic) potential sweep from 0.85 to −0.7 VSCE.
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The electrochemical tests were controlled by a potentiostat (Reference 600, GAMRY Instruments,
Warminster, PA, USA), and performed in a multineck flask (1 L) with three electrodes; a specimen as
a working electrode, a Pt plate (50 mm × 120 mm × 0.1 mm) as a counter electrode, and a saturated
calomel reference electrode (SCE) as a reference electrode. For the working electrode, specimens
(10 mm × 10 mm × 4 mm) were mounted in cold epoxy resin and ground using SiC emery paper up
to 2000 grit. The exposed area for the electrochemical tests was 0.2 cm2, which was controlled using
electroplating tape. For each specimen, the polarization tests were conducted 5–6 times, and the resistance
and capacitance of the passive layer were measured 4–5 times in order to confirm reproducibility.
3. Results and Discussion
3.1. Microstructure and Tensile Properties
Figure 2a–c exhibits SEM images of the 0Mo, 1Mo, and 2Mo alloys, respectively, after
solutionization at 1200 ◦C for 30 min followed by water quenching. The concentrations of the interstitial
alloying elements (C + N) of the alloys were as high as 0.86–0.87 wt %, thus the solution treatment
should be conducted at a high temperature range of between 1100 and 1250◦C to suppress the formation
of M23C6 and/or M2N (M stands for metal, primarily Cr) as indicated in Figure 1. As shown in Figure 2,
the three alloys have an austenite single phase with annealing twins and M23C6 and/or M2N are
not formed even at the grain boundaries. In addition, nonmetallic inclusions such as Mn-oxide and
Mn-sulfide are rarely observed in the alloys. Using SEM images taken at 5–6 different locations,
the average grain sizes of the samples were measured in accordance with ASTM E112; as a result,
the average grain sizes of 0Mo, 1Mo, and 2Mo alloys were 150.2, 148.8, and 142.4 μm, respectively,
suggesting that the addition of Mo did not have a significant influence on the grain size.
Figure 2. Microstructures of (a) 0Mo, (b) 1Mo, and (c) 2Mo alloys (SEM).
The tensile properties of the three alloys are summarized in Table 1. The 0Mo–2Mo alloys exhibit
yield strength of 499.2–529.0 MPa, tensile strength of 897.5–979.9 MPa, and elongation of 56.4–62.1%.
The 2Mo alloy exhibits the best tensile properties among the three alloys. It is worth mentioning that
the investigated alloys have better mechanical properties than the commercial austenitic stainless
steels. It is reported that the S31603, for example, has yield strength, tensile strength, and elongation
values of 170 MPa, 485 MPa and 40%, respectively [44].
3.2. Pitting Corrosion Resistance
Resistance to pitting corrosion of the investigated alloys was compared with the commercial
austenitic stainless steels, S30400 and S31603. Figure 3 shows the polarization curves of the alloys
measured in a 1 M NaCl solution at 25◦C. The five alloys exhibit passive behavior in the potential range
from Ecorr to Epit. The Epit values of S30400 and S31603 alloys were 0.294 and 0.470 VSCE, respectively,
and those of 0Mo and 1Mo alloys were 0.390 VSCE and 0.643 VSCE, respectively. The pitting corrosion
did not occur in the 2Mo alloy. Figure 3 demonstrates that the resistance to pitting corrosion increased
in the order, S30400 < 0Mo < S31603 < 1Mo < 2Mo. It is obvious that the 1Mo and 2Mo exhibit superior
corrosion resistance to the S31603, and even 0Mo has better resistance than S30400. Figure 3 confirms
the excellent anti-corrosion properties of developed FeCrMnMoNC alloys.
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Figure 3. Linear potentiodynamic polarization curves of 0Mo, 1Mo, and 2Mo alloys and UNS S30400
and UNS S31603 alloys measured in 1 M NaCl solution at 25 ◦C (dV/dt = 1 mV/s).
The pitting corrosion resistance of the 0Mo, 1Mo, and 2Mo alloys was evaluated more clearly.
Figure 4a shows cyclic potentiodynamic polarization curves of 0Mo, 1Mo, and 2Mo alloys measured
in a 4 M NaCl solution at 25 ◦C. The Ecorr value of 0Mo alloy was −0.399 VSCE and it slightly increased
to −0.321 VSCE for 2Mo alloy. The alloys were in a passive state under open circuit conditions in this
solution, and the passivity appeared in a limited potential range from the Ecorr to the Epit, at which an
abrupt and irreversible increase in the current density began. The average Epit and Erp values obtained
from the repetitive polarization tests (5–6 times) in the 4 M NaCl solution were plotted versus the Mo
content in Figure 4b. The average Epit increased linearly from 0.213 to 0.940 VSCE with an increase in
the Mo content from 0 to 2.17 wt %, indicating the improved pitting corrosion resistance of the HIAs
by alloying Mo. The Erp is also shifted to a higher value as the Mo content increases. For 0Mo alloy,
the stable pit can repassivate below −0.344 VSCE, which is close to its Ecorr value, while the average Erp
of 2Mo alloy is 0.840 VSCE. It is worth mentioning that the difference between the Epit and Erp values,
Δ(Epit − Erp) significantly decreases from 0.557 to 0.099 V as the Mo content increases.
Figure 4. Cyclic potentiodynamic polarization curves of 0Mo, 1Mo, and 2Mo alloys measured in
(a) 4 M NaCl and (c) borate-phosphate-citric buffer containing 4 M NaCl (pH 8.5) solutions at 25 ◦C.
(dV/dt = 1 mV/s). Average pitting and repassivation potentials with standard deviation values (scatter
band) of the alloys measured in (b) 4 M NaCl and (d) buffered 4 M NaCl solutions.
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The polarization curves in Figure 4a show changes in other features by addition of Mo, such as
ipassive and number of metastable pitting corrosion events. The lowest ipassive value is observed in the
2Mo alloy in the entire potential range, and the ipassive decreases from 8.3 to 5.8 μA/cm2 (at 0 VSCE,
for example) as the Mo content increases. Moreover, small current spikes indicating the initiation and
repassivation of metastable pits are more frequently observed in the polarization curve of the alloys
with lower Mo content.
Figure 4c exhibits the cyclic potentiodynamic polarization curves of the alloys measured in a
borate-phosphate-citric buffer solution (pH 8.5) with 4 M NaCl at 25◦C. In this solution, the Ecorr of the
alloys was approximately −0.73 VSCE. The alloys also exhibited passivity at Ecorr, and pitting corrosion
occurred under sufficient anodic polarization, except for the 2Mo alloy. The average Epit values of 0Mo
and 1Mo alloys were 0.319 and 0.568 VSCE, respectively, and the Erp of 0Mo alloy was −0.287 VSCE and
that of 1Mo alloy was 0.173 VSCE. Figure 4d confirms again that the alloying Mo raises both Epit and
Erp. Moreover, the Δ(Epit − Erp) also decreases from 0.606 to 0.395 VSCE as the Mo content increased
from 0 to 1.13 wt %.
The Epit values obtained in the buffered NaCl solution (Figure 4d) were higher than those obtained
in the simple NaCl solution (Figure 4b). Besides, comparing the polarization curves measured in the
buffered and simple NaCl solutions, it was found that the occurrence of metastable pitting corrosion
during the polarization was restrained in the buffered NaCl solution. The better resistance to pitting
corrosion obtained in the buffer solution is considered to be due to two possible reasons. First, anions
in the borate-phosphate-citric buffer solution, H2BO3−, H2PO4−, and H2C6H5O7−, act as inhibitors to
adsorption of Cl− on the passivated electrode, and second, the buffer solution containing the anions is
helpful to form protective passive film as reported [40,45].
It is obvious from Figure 4 that the alloying Mo enhances the resistance to pitting corrosion of
the Fe-based 18Cr10Mn0.4N0.5C(0–2.17)Mo (in wt %) HIAs. More specifically, alloying Mo improves
the resistance to pit initiation, which is supported by the decrease in the number of metastable pitting
corrosion events, and accelerates repassivation kinetics, which is proven by the rise in the Erp; thus,
the Mo alloying consequently shifts the Epit to the higher level. Moreover, it is considered that the
decrease in the Δ(Epit − Erp) value along with increase in the Mo alloying demonstrates that the
alloying Mo is more effective in accelerating repassivation kinetics than the pit initiation probability,
which is related to the passive film protectiveness. Thus, in order to explain the role of Mo alloying in
the improvement of resistance to stable pitting corrosion, passive and general corrosion behavior of
the three HIAs was investigated. The former is correlated with the pit initiation probability and the
latter is related to the pit growth rate [41].
3.3. Passive Behavior
The passive behavior and passive film properties were investigated. For this, a borate-phosphate-
citric buffer solution (pH 8.5) without NaCl was used because a thick and protective passive film can
be formed on Fe-based alloys in this solution, as reported [40,45]. The passive behavior of the alloy in
the buffer solution was examined through potentiodynamic polarization tests (Figure 5a). In this mild
basic buffer solution, the polarization curves of the three alloys are almost identical in shape, and the
passivity was observed in the potential range from Ecorr (approximately −0.82 VSCE) to transpassive
potential (approximately 0.95 VSCE), where the oxygen evolution began. In the passive potential range,
three current peaks are observed at −0.66, −0.47, and 0.64 VSCE, respectively. It is known that the
first current peak at −0.66 VSCE is due to the oxidation of Fe to Fe2+, and the second current peak at
−0.47 VSCE is attributed to re-oxidation of Fe2+ to Fe3+. The third current peak at 0.64 VSCE reflects the
re-oxidation reaction of Cr3+ to Cr6+ [40,41,46,47]. The polarization curves, however, do not clearly
show a distinct influence of Mo on the passive behavior. Thus, the Z′real value of the passive film was
measured during the polarization [40–43].
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Figure 5. (a) Potentiodynamic polarization curves of 0Mo, 1Mo, and 2Mo alloys measured in a
borate-phosphate-citric buffer solution (pH 8.5) at 25 ◦C (dV/dt = 1 mV/s). (b) Graphs of real part of
the impedance (Z′real) versus applied potential of the alloys measured in the same solution by imposing
sinusoidal voltage perturbation (±10 mV) at a frequency of 0.1 Hz.
The graph of the measured Z′real value versus the applied potential is presented in Figure 5b.
In the three alloys, the Z′real values at Ecorr are approximately 2.5 × 104 Ω/cm2, and it begin to steeply
increase at approximately −0.33 VSCE. The maximum Z′real values of the three alloys are obtained
at approximately 0.15 VSCE, and those of 0Mo, 1Mo, and 2Mo alloys are 1.10 × 105, 1.19 × 105,
and 1.28 × 105 Ω/cm2, respectively. Then the Z′real values decreased to 6.2–7.5 × 105 Ω/cm2 at
0.55 VSCE, which is due to the re-oxidation reaction of Cr3+ to Cr6+ as mentioned above. Good
correlation between Figure 5a,b confirms that the Z′real -potential curve is useful to understand the
polarization behavior more clearly. Figure 5b obviously shows the influence of Mo on the passive
behavior; that is, the alloying Mo in the HIAs improved the resistance to passive film in the entire
passive potential range.
Investigation on the point defect density of the passive film can explain the change in the film
resistance. The passive film generally contains a large number of point defects; thus, the passive
film behaves as an extrinsic semiconductor [48,49]. The semiconductive parameters of the passive
film such as point defect density and flat band potential can be obtained using the measurement of
specific interfacial capacitance (Ctotal) as a function of the applied potential (Eapp), that is, Mott-Schottky
analysis [50–52]. The Ctotal can be obtained using the relation of Ctotal = 1/Z”imag, where  is the
angular frequency and Z”imag is the imaginary part of the specific impedance, and the Ctotal is a series
combination of the double layer capacitance (Helmholtz layer capacitance, CH) and space charge layer
capacitance (CSC). For n-type semiconductors, the relation between the CSC, CH, and Ctotal values and













Eapp − Efb − κBTe
)
, (1)
where ε0 is the vacuum permittivity (8.85 × 1014 F/cm), ε is the dielectric constant of the passive film
(taken as 15.6 [5,41,51]), κB is the Boltzmann constant (1.38 × 10−23 J/K), ND is a density of point
defect (donor in this case), and e is the electron charge (1.60 × 10−19 C). In the Mott-Schottky relation,
CH can be neglected, because it is sufficiently higher than the CSC. In accordance with Equation (1),
the reciprocal of the CSC−2 and the Eapp exhibits a linear relationship, thus the ND in the space charge
layer can be estimated from the slope of the graph of CSC−2 versus Eapp.
207
Metals 2018, 8, 653
Figure 6a shows Mott-Schottky plots for the passive films of the investigated HIAs, which
were formed by applying a constant anodic potential of 0.85 VSCE for 3 h in the buffer solution.
The Mott-Schottky plots of the HIAs exhibit two potential sections showing linear increase, region I
(from −0.4 to 0 VSCE) and region II (from 0.3 to 0.7 VSCE). The dominant and detective point defects
of the n-type passive film are oxygen vacancy (VO2+, shallow donor) and Cr6+ (deep donor), and the
shallow and deep donor densities can be calculated using the positive slopes (ΔC−2/ΔV) of the region I
and II in the Mott-Schottky plot, respectively.
Figure 6. (a) Mott-Schottky plots of 0Mo, 1Mo, and 2Mo alloys measured in a borate-phosphate-citric
buffer solution (pH 8.5) at 25 ◦C with decreasing applied potential by imposing sinusoidal voltage
perturbation (±10 mV) at a frequency of 1000 Hz. Average (b) shallow donor (VO2+) density and
(c) deep donor (Cr6+) density with standard deviation (scatter band) in the passive films of the alloys.
The average density values of the shallow and deep donors in the passive films formed on the
0Mo–2Mo alloys are presented in Figure 6b,c, respectively, as a function of the Mo content. Shallow
donor density for 0Mo alloy was 6.23 × 1020 /cm3, and that for the 2Mo alloy was 4.12 × 1020/cm3.
In addition, the deep donor densities for the 0Mo and 2Mo alloys were 8.45 × 1020 and 5.93 × 1020/cm3,
respectively. Figure 6b,c shows that the numbers of both shallow and deep donors linearly decrease as
the Mo content increases. Point defects in the passive film function as charge carriers; thus, Figure 6
well explains the increased resistance of the passive film by addition of Mo. It can be concluded that
the improved resistance against pitting corrosion initiation of the investigated HIAs by alloying Mo
(Figure 4a,c) is partly attributed to the formation of more resistant passive film with less point defects.
3.4. General Corrosion Behavior
Figure 7a shows the linear potentiodynamic polarization curves of the HIAs measured in 4 M
NaCl + 0.01 M HCl (pH 1.21) solution at 25 ◦C. In this strongly acidic chloride solution, typical
active-passive transition and pitting corrosion occurred during the polarization. Similar to Figure 4a,
the Epit values obtained in this acidified NaCl solution also increased by addition of Mo (Figure 7b).
More importantly, the polarization curves in Figure 7a demonstrate the change in the general corrosion
behavior of the HIAs by addition of Mo. The average Ecorr values of the 0Mo, 1Mo, and 2Mo alloys
are −0.667, −0.633, and −0.597 VSCE, respectively (Figure 7c), which increases with the Mo content.
In this solution, metal dissolution actively occurred between the Ecorr and primary passive potential
(Epp). The Epp of the alloys are gradually lowered from −0.499 VSCE for 0Mo alloy to −0.530 VSCE for
2Mo alloy. In addition, the critical anodic current density (icrit) values of 0Mo, 1Mo, and 2Mo alloys are
13.09, 2.71, and 0.66 mA/cm2, respectively, as shown in Figure 7d. To sum up, the alloying Mo raised
the Ecorr, reduced the icrit, and lowered the Epp of the HIAs, thus it can be concluded that the alloying
Mo made the HIA matrix noble and improved the general corrosion resistance.
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Figure 7. (a) Potentiodynamic polarization curves of 0Mo, 1Mo, and 2Mo alloys measured in a 4 M
NaCl + 0.01 M HCl solution at 25 ◦C (dV/dt = 1 mV/s). Average (b) pitting and (c) corrosion potentials,
and (d) critical anodic current density values with standard deviation (scatter band) of the alloys.
The general corrosion resistance of the matrix can affect the pit propagation [19,21,41]. Inside
the pit cavity formed in stainless steel, the confined chloride solution becomes acidified due to a
hydrolysis of the metal ions [19], and the bare metal surface without a passive film is directly exposed
to the acidified chloride solution. In this situation, general corrosion occurs on the bare matrix surface
in the pit cavity. Therefore, the general corrosion behavior in the acidified NaCl solution shown in
Figure 7 can reflect the matrix dissolution behavior inside the pit cavity. Since the Mo alloying induced
the decrease in the icrit and Epp, it is conceivable that the pit propagation rate is lowered and the pit
extinction (that is, repassivation) is accelerated in the HIAs as the Mo content increases.
Figure 8a–c shows the potentiodynamic polarization curves of the 0Mo, 1Mo, and 2Mo alloys,
respectively, measured in the acidified 4 M NaCl solutions with various solution pHs. The pH values
of the solutions were adjusted by addition of HCl ranging between 0.44 (4 M NaCl + 0.1 M HCl)
and 2.88 (4 M NaCl + 0.00043 M HCl). For all the alloys, the icrit values increase as the solution
is acidified. In the solution with pH 2.88, the polarization curves of the three alloys do not show
distinct active-passive transition, and the maximum anodic current density values (at approximately
−0.45 VSCE) of the 0Mo, 1Mo, and 2Mo alloys are 52.65, 33.91, and 24.45 μA/cm2, respectively,
showing slight decrease along with the alloyed Mo content. On the other hand, in the solution with
pH 0.44, the icrit values of the alloys are as high as several tens of mA/cm2, and the polarization
curves exhibit typical active-passive transition. In the strongest acid, the average icrit values of the
0Mo, 1Mo, and 2Mo alloys are 71.21, 32.61, and 11.50 mA/cm2, respectively, which also decrease as
the Mo content increases.
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Figure 8. Potentiodynamic polarization curves of (a) 0Mo, (b) 1Mo, and (c) 2Mo alloys measured in 4 M
NaCl + HCl solutions with different solution pHs of 0.44–2.88 at 25 ◦C (dV/dt = 1 mV/s). (d) Graphs
of average critical anodic current density values with standard deviation (scatter band) of the alloys
versus solution pH. (e) A magnified part of graphs in Figure 7d.
For the three HIAs, the icrit values measured in each solution are plotted in Figure 8d as a function
of the solution pH. The icrit steadily decreases as the pH increases, and the 0Mo alloy exhibits the
highest icrit values in the entire pH range. In Figure 8d, the pH value at which the icrit value abruptly
changed requires further attention. Figure 8e magnifies the part of Figure 8d ranging from pH 1 to 3.
For 0Mo alloy, the icrit value slightly increases in the range of 50–250 μA/cm2 as the solution pH
decreases from 2.88 to 2.01, but in the acidic solution with pH lower than 2, the icrit abruptly increases
to 1.17 mA/cm2. For 1Mo alloy, the icrit value also negligibly increases with decrease in the solution
pH in the pH range of 1.86–2.88, but it begins to rapidly increases at the pH lower than 1.47. In the
2Mo alloy, the rapid increase in the icrit is observed in the solution with pH lower than 1.25. The pH
values at which the abrupt increase in the icrit begins are marked with arrows in Figure 8e. This result
demonstrates that the HIA with lower Mo is more likely to undergo active dissolution even in less
acidified chloride solution inside the pit, thus even the small pits tend to grow more easily to stable pits.
The results obtained Figures 7 and 8 simultaneously indicate that the elevated Erp and the decreased
Δ(Epit – Erp) value by addition of Mo shown in Figure 4b,d are due to the lowered pit propagation rate
and accelerated repassivation kinetics by addition of Mo. In addition, because the alloying Mo imparts
a higher resistance to active dissolution in a stronger acid solution, the pit embryos become more difficult
to grow in the alloy with higher Mo content, which consequently leads to increase in the Epit.
Based on the findings of this investigation, it can be concluded that the alloying Mo is effective
to improve the corrosion properties of Fe-based 18Cr10Mn0.4N0.5C(0–2.17)Mo (in wt %) alloys.
The literature presents examples of pitting corrosion of UNS S30400 and/or S31603 alloys in
various chloride solutions [1,5,6,53–56]. Thus, in aqueous environments containing Cl−, it can
be considered to replace UNS S30400 and/or S31603 alloys by usage of the Ni-free Fe-based
18Cr10Mn0.4N0.5C(0–2.17)Mo (in wt %) alloys especially 2Mo grade, which presents superior pitting
corrosion resistance.
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4. Conclusions
For Fe-based 18Cr10Mn0.4N0.5C(0–2.17)Mo (in wt %) HIAs, the effects of Mo on pitting corrosion
resistance and the improvement mechanism were investigated. The investigated alloys have been
patented due to their corrosion resistance and mechanical properties, which are superior to commercial
austenitic stainless steels such as UNS S30400 and S31603. The following points summarize the findings
of this research.
(1) Potentiodynamic polarization tests in chloride solutions revealed that the alloying Mo suppressed
metastable pitting corrosion and raised both Epit and Erp of the alloys. In addition, it was found
that the difference between the Epit and Erp decreased as the Mo content increased.
(2) Passive film analysis through a resistance measurement and Mott-Schottky analysis indicated
that the alloyed Mo increased the film resistance by decreasing the number of point defects in the
passive film.
(3) The alloyed Mo reduced the critical dissolution rate of the alloys in acidified chloride solutions,
and the alloy with higher Mo content was able to resist active dissolution in stronger acid.
(4) It is concluded that the alloying Mo enhanced pitting corrosion resistance of the alloy through
increasing protectiveness of passive film and lowering pit propagation rate.
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Abstract: The demand for pipeline steels has increased in the last several decades since they were
able to provide an immune and economical way to carry oil and natural gas over long distances.
There are two important damage modes in pipeline steels including stress corrosion cracking (SCC)
and hydrogen induced cracking (HIC). The SCC cracks are those cracks which are induced due to
the combined effects of a corrosive environment and sustained tensile stress. The present review
article is an attempt to highlight important factors affecting the SCC in pipeline steels. Based on a
literature survey, it is concluded that many factors, such as microstructure of steel, residual stresses,
chemical composition of steel, applied load, alternating current (AC) current and texture, and grain
boundary character affect the SCC crack initiation and propagation in pipeline steels. It is also found
that crystallographic texture plays a key role in crack propagation. Grain boundaries associated
with {111}‖rolling plane, {110}‖rolling plane, coincidence site lattice boundaries and low angle grain
boundaries are recognized as crack resistant paths while grains with high angle grain boundaries
provide easy path for the SCC intergranular crack propagation. Finally, the SCC resistance in pipeline
steels is improved by modifying the microstructure of steel or controlling the texture and grain
boundary character.
Keywords: stress corrosion cracking; residual stress; AC current density; crystallographic texture;
intergranular and transgranular cracks
1. Introduction
The demand for energy has increased in recent decades which forced the industry to develop
high resistance pipeline steels [1–3]. Such steels show better mechanical properties and a higher
corrosion resistance compared with normal carbon steels. However, these steels still suffer from two
important failure modes including hydrogen induced cracking (HIC) and stress corrosion cracking
(SCC) [4–6]. There are numerous studies in the literature focused on these failure modes. The SCC has
been recognized as one of the main important failure modes in humid environments and causes a huge
amount of economical loss and environmental disasters all around the world. The SCC susceptibility in
pipeline steels depends on various factors such as the microstructure of steel, distribution of inclusions
and precipitates inside the steel, texture and micro-texture of steel, chemical composition of steel, pH of
the oil and gas which is transported, the pH of soil and environment where the pipeline steel is buried,
and many other factors. Importance of the SCC in pipeline failure motivated us to write this review
paper. This paper concentrates on different factors affecting the SCC crack nucleation and propagation
in pipeline steel and looks for new ways to increase the resistance of pipeline steels to the SCC. Tables 1
and 2 show the chemical composition and mechanical properties of common used pipeline steels (API
X60, API X65, API X70, API X80 and L360NS).
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Table 1. Chemical composition of API X60, X65, X70, X80 and L360NS pipeline steel (wt. %) [7–9].
Pipeline Steel C Mn Si Nb Mo Ti Cr Cu Ni V
X60 0.052 1.50 0.15 0.067 0.096 0.022 0.07 0.18 0.19 0.001
X65 0.081 1.54 0.33 0.04 - 0.002 - 0.18 - 0.001
X70 0.025 1.65 0.26 0.068 0.175 0.015 0.07 0.21 0.08 0.001
X80 0.056 1.90 0.31 0.046 0.213 0.018 - 0.044 0.221 -
L360NS 0.12 1.50 0.25 - 0.02 - 0.07 0.08 0.04 -
Table 2. Mechanical properties of API X60, X65, X70, X80 and L360NS pipeline steels [8–10].
Pipeline Steel Yield Strength (MPa) Tensile Strength (MPa) Elongation (%)
X60 520 610 33
X65 568 650 32
X70 615 720 29
X80 640 780 25
L360NS 380 510 41
The microstructure of API X60 and X70 pipeline steels has been mainly composed of polygonal
and acicular ferrite. Moreover, there are some particles of martensite in the microstructure of both
steels [7]. The microstructure of X65 steel includes mostly ferrite and some pearlite [10]. When the
strength of pipeline steel increases, the microstructure becomes different from other types of steels.
For example, the microstructure of X80 and X100 pipeline steels is mainly formed from ferrite and
bainite [11,12]. There are also some martensite particles in the microstructure of both X80 and X100
steels. The microstructure of L360NS pipeline steel has been composed of white blocky polygonal
ferrite, gray irregular blocky quasi-polygonal ferrite and black blocky pearlite colony [10].
2. Explanation of SCC and HIC
The HIC and the SCC are categorized as two types of corrosion that occur in pipeline steels. Since
they have a close correlation, it is necessary to define both. In order to have an accurate definition of
the HIC and the SCC, it would be better to explain the corrosion concept. Corrosion is the material
degradation due to environmental effects. During the corrosion process, electrons are released due to
the metal dissolution at anodic site [13]. Such electrons transfer to the cathode, where oxygenated
water is reduced to hydrogel ions. The following overall reactions occur during the metal corrosion.
Anodic dissolution: Fe→ Fe+2 + 2e− (1)
Figure 1 shows how a rust begins with the oxidation of iron to ferrous ions. The rust formation is
a very complicated process, which begins with the oxidation of iron.
Oxidation at anode: 2H2O(l)→ O2(g) + 4H+(aq) + 4e− (2)
Oxygen reduction in neutral or alkalis media: O2 + 2H2O + 4e− → 4OH− (3)
Oxygen reduction in acidic media: O2 + 4H + 4e− → 2H2O (4)
Overall corrosion reaction: Fe + 2H+→ Fe+2 + H2 (5)
The SCC cracks are cracks that are induced due to the combined effect of the corrosive environment
and sustained tensile stress. The tensile stress can be directly applied inside the pipeline or can be
in the form of residual tensile stress. Therefore, three parameters including, a susceptible material
(pipeline steel), a specific chemical species (environment), and tensile stress are required for crack
nucleation and propagation. Therefore, the SCC is a type of environmentally assisted cracking (EAC),
which is of great interest to the oil and gas pipeline manufactures. Recently, thousands of colonies of
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the SCC cracks have been observed in pipeline steels. Such cracks usually become dormant at depth
of 1 mm. However, sometimes these cracks result in failure of pipeline by crack propagation [14].
Figure 2 shows effective factors influencing SCC crack initiation in pipeline steels.
 
Figure 1. Formation of rust by the oxidation of iron to ferrous ions [13]. Reproduced with permission
from [13], Noria Corporation and Machinery Lubrication, 2018.
Figure 2. Effective factors for the stress corrosion cracking (SCC) crack initiation in pipeline steels.
Several factors such as microstructure, chemical composition, residual stress, texture of steel,
water chemistry in the field, applied stress, pH of environment and AC current density may affect the
SCC crack nucleation and propagation in pipeline steels, see Figure 2 [15–20]. Two types of corrosion
happen in pipeline steels [21]. The first one is the sweet corrosion, which happens due to the presence
of CO2. The sweet corrosion [21] in carbon steels is formed in an acidic solution by mixing the CO2
and water. The corrodant material is H+ which is derived from H2CO3. The CO2 gas is entered during
some processes such as injection of CO2 gas into the steel during the recovery operation. The sweet
corrosion starts with the reaction of Fe and CO2. This reaction can be written as follows:
Fe + CO2 → FeCO2 (6)
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The reaction between the adsorbed surface complex with water produces Fe2+ (aq) and H2CO3.
This reaction provides the cathodic reactant H+ during dissociation. The cathodic reaction can be
written as follows:
2H+(aq) + 2e− → H2 (7)
2H2CO3 + 2e− → H2 + 2HCO3− (8)
The dissociation of H2CO3 in solution creates hydrogen ion for cathodic reaction.
H2CO3 + e− → H+ + HCO3− (9)
Several studies have been focused on sweet corrosion [21], however, the mechanism of a cathodic
reaction has not been fully understood. It was shown that when a pH value is lower than 4, the
hydrogen reduction is the dominant mode for the corrosion. However, when the pH value varies
between 4 and 7, the adsorbed H2CO3 reduction is considerable. This type of corrosion is called sweet
corrosion since it occurs with the absence of hydrogen sulphide or high levels of hydrogen sulphide.
Carbon dioxide or carbonic acid are the main causes of sweet corrosion.
The second type and more common type of corrosion occurs owing to the presence of hydrogen
sulphide (H2S). Hydrogen sulphide which is present in oil and natural gas is decomposed to H+ and
HS−. HS ion acts as a hydrogen recombination poison and avoid hydrogen molecule formation [7].
The following reactions occur:
H2S→ HS− + H+ (10)
HS− → S−2 + H+ (11)
Hydrogen atoms in the forms of protons get electrons from the iron and converted to the hydrogen
atoms based on the following equations:
H+ + e− → Hads (12)
Hads + Hads → H2 (13)
It is worth mentioning that the hydrogen atoms are accumulated at microstructural defects such
as empty spaces between inclusions and precipitates and metal matrix. The hydrogen atoms are
combined at these regions and create a high amount of pressure. When this pressure reaches a critical
value, the cracks initiate. Such cracks are known as hydrogen-induced cracks. The cavities or empty
spaces are formed between inclusions and the metal matrix due to the difference between their thermal
expansion coefficients. These cavities are formed during solidification of slabs or hot rolling process
and can capture hydrogen atoms due to their small sizes. When the hydrogen atoms are accumulated
in these areas, they combine to make hydrogen molecules, which make a high amount of pressure. The
following equation shows the Gibbs free energy for hydrogen atoms combination.





In the above equation, ΔrGΘH is the reaction standard Gibbs free energy, T and R are the reaction
temperature and gas constant and CH and pΘ re the concentration of hydrogen atoms near the inclusion
and standard atmospheric pressure. When the concentration of H atoms around the inclusions reach a
certain value, the reaction will occur and hydrogen molecules are formed. Based on the above equation,
the increase of CH at the reaction interface will decrease the reaction Gibbs free energy and further
leads to the production of H2 molecules. Hydrogen molecule formation creates a high amount of
pressure and this results in hydrogen-induced cracks.
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3. Role of Microstructure on the SCC Cracks
Microstructure of pipeline steel plays an important role in the SCC crack propagation. In general,
hard and brittle phases ease the SCC crack propagation. There are a few papers in the literature focused
on the role of microstructure on the SCC crack propagation. Most of the papers have discussed the role
of microstructure on the nature of crack. For instance, Zhu et al. [22] investigated the mechanism of
failure by the SCC in X80 pipeline steel in high pH carbonate and bicarbonate solution. These authors
concluded that the nature of the SCC cracks mainly depends on the microstructure of steel. They
observed that when the local microstructure of steel has been formed from bulky polygonal ferrite and
granular bainite in a high pH solution, the nature of the crack is intergranular. However, when the
local microstructure changes to the fine acicular ferrite and granular bainite, both intergranular and
trangranular types of the SCC cracks are observed. Moreover, they implied that the microstructure
of steel has a decisive role in transgranular SCC cracking and the probability of transgranular crack
propagation increases with a decrease of pH solution. As seen in Figure 3a,b, both types of cracks
are seen in the cross section of X80 pipeline steel after slow strain rate tensile (SSRT) test in high pH
solution. At the crack initiation stage, the crack type is intergranular; however, both types of cracks are
observed at the later stage.
 
Figure 3. (a,b) SCC cracks in the cross section of X80 pipeline steel after SSRT test in high pH
solution [22]. Reproduced with permission from [22], Springer Nature, 2014.
In another study, Gonzalez et al. [23] studied the effects of microstructure on the SCC behavior
in HSLA steel. Their results documented that the microstructure of steel play a key role in the SCC
behavior. Based on their findings, the type of microstructure is very important in transgranular
crack propagation, while other metallurgical parameters including grain size and grain boundary
character become determinative factors during intergranular cracking. It has been reported that the
SSC susceptibility directly depends on the hardness, microstructure and chemical composition of
steel [24]. Typically, the SSC cracks are internally propagated in intergranular manner and show
little crack branching; however, some cracks have been also reported in transgranular mode [25].
Roffey et al. [26] investigated the SCC in an austenitic stainless steel hydrocarbon gas pipeline and
concluded that transgranular SCC cracks initiate from corrosion pits from the internal and external
surfaces and are divided to some branches, see Figure 4a,b.
Elboujdaini et al. [27] carried out research on the role of metallurgical factors on the SCC
susceptibility. They found that the SCC cracks usually initiate from corrosion pits and pits nucleate
from sulfides. Therefore, sulfide precipitates, inclusions and stringers can affect the SCC susceptibility
in pipeline steel. Figure 5a–c shows a SCC crack initiating from a corrosion pit in X65 pipeline steel.
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Figure 4. Transgranular type of cracks from corrosion pits on (a) internal surface, and (b) external
surface [26]. Reproduced with permission from [26], Elsevier, 2014.
 
Figure 5. (a) Pit formation from an inclusion in X65 pipeline steel, (b) SCC crack initiation from a
pit and (c) EDS analysis on the inclusion showing the existence of Na, Mg, Al, Si, P, S, Cl, K, and Ca
elements [27]. Reproduced with permission from [27], Springer Nature, 2009.
4. Role of Stress Intensity Factor (SIF) in SCC and HIC Crack Propagation
SCC crack initiation and propagation in pipeline steel occur in three stages, see Figure 6 [28].
In the first step, small SCC cracks continuously initiate and coalesce. Initiation of these small cracks
occurs in a large proportion of lifetime of pipeline steel. In the second step, the initiated small cracks
propagate rapidly. This step is characterized by a function of stress intensity factor (SIF). SIF which is
used in materials with small scale yielding at a crack tip represents the state of stress near the crack tip.
In linear elastic fracture mechanics, it is used to explain the intensification of applied stress at the crack
tip and is an important factor in characterizing the driving force and the crack propagation rate [29].
It basically depends on the geometry of the crack, location of the crack and applied load. In the third
step, the material fails by rapid crack growth. Crack branching is one of the main characteristics of
SCC cracks in pipeline steels. Two types of branching including micro-branching and macro-branching
are observed in pipeline steels. In macro-branching, the main crack is divided to two running cracks
and crack growth rate is independent from the crack length. The critical SIF for crack branching should
exceed
√
2 two times of SIF for the crack propagation. In micro-branching, a main SCC crack splits into
several small cracks at intervals of the order of one grain diameter. This phenomenon occurs when the
critical SIF reaches at least
√
2 times of the subcritical value of the stress intensity [30]. The lifetime of
pipeline steel is clearly determined by the second step. In fatigue corrosion, according to figure below,
one process of fast crack propagation in step two is started when the maximum SIF at the crack tip
exceeds the threshold SIF for SCC (KISCC). Another process of fast crack propagation occurs when the
maximum stress intensity range (ΔK) exceeds the fatigue threshold (ΔKth).
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Figure 6. Effect of ΔK upon SCC velocity of pipeline steel exposed to carbonate, bicarbonate solution [28].
Reproduced with permission from [28], Elsevier, 2017.
Besides the SCC phenomenon, the SIF plays a key role in HIC crack propagation in pipeline
steels. Costin et al. [31] reported that the threshold SIF (Kth) range for crack propagation is between
1.56 MPa
√
m and 4.36 MPa
√
m. This range is lower than the Kth value which is calculated for ferrous
alloys. This shows that subcritical HIC cracks propagate at micro-scale at lower SIFs.
5. Role of Surface Films in SCC
One of the important factors affecting SCC in pipeline steels is surface films. During the corrosion
reaction, metallic iron is oxidized to the Fe2+ due to the electrochemical potential. There are some
cracks at this oxide layer and at the interface between the oxide and the steel [32]. Figure 7 shows that
SCC cracks initiated from the oxide film. The nature of these cracks is from transgarular. When the
oxide films are cracked, the SCC cracks penetrated into the steel in transgraular manner. Therefore,
two types of SIFs can be considered for SCC cracks in pipeline steels [28]. The first one is related to
the external load while the oxide film induces the SIF in the second type. When the critical condition
for film-induced SIF, the crack initiation and propagation will occur. The film-induced SIF can be
considered as a driving force for SCC crack propagation.
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Figure 7. Initiation of transgranular SCC cracks from the surface oxide: (a) region 1, and (b) region
2 [32]. Reproduced with permission from [32], Elsevier, 2003.
6. Effect of Residual Stress on the SCC Crack Propagation
Beside the role of microstructure of pipeline steel on the SCC crack propagation in pipeline steel,
the effect of tensile and compressive residual stresses on the SCC crack propagation is undeniable.
Residual stresses are mainly developed during the manufacturing of forming and welding process
in pipeline steels. Such stresses are high and sometimes reach yield stress of steel. Tensile residual
stresses provide a driving for the SCC crack propagation while the compressive residual stresses have
an opposite effect. In this field of study, Chen et al. [33] investigated the role of residual stresses on the
SCC susceptibility in pipeline steel in neutral pH solution. These authors found that tensile residual
stress gives a high amount of mechanical driving force for crack initiation and short crack propagation.
These authors also showed that the SCC cracks are blunted by plastic deformation when the crack is
propagated in a 45◦ where the shear stress for the plastic deformation is highest, see Figure 8a,b.
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Figure 8. (a,b) Crack tip morphology after the pipeline specimens subjected to constant load for 7 days
in different soil solutions [33]. Reproduced with permission from [33], Elsevier, 2007.
7. Role of AC Current on the SCC Susceptibility
Nowadays, pipeline steels are usually buried parallel with the electric power lines or electrified
railways due to the limitation space [34]. Therefore, there is a possibility for the flowing of the AC
current to the soil encompassed pipeline. Such AC flow results in AC corrosion of a pipeline where the
coating is disbonded [35]. There are some investigations showing that AC interference increases the
corrosion rate in metal alloys [36–38]. It has also been reported that AC current may break down the
insulation layer of pipeline steel and destroy the cathodic protection system [39–41]. Zhu et al. [34]
studied the role of AC current on the SCC susceptibility in carbonate/bicarbonate solution in X80
pipeline steel using SSRT experiment. They concluded that AC current plays a significant role on
the SCC behavior. They observed that when there is no AC current, the SCC cracks propagate in
intergranular manner and its mechanism is from the anodic dissolution. However, with the presence of
AC current, the SCC susceptibility is increased and the SCC cracks propagate in transgranular manner
at high AC current densities. In another study, Wan et al. [42] investigated the effect of alternating
current on the SCC mechanism in X80 pipeline steel in near-neutral solution. The results of their
research showed that crack propagation in X80 steel does not depend on the AC current and its
mechanism shows a transgranular fracture feature. However, they observed that the depth of crack
propagation is enhanced with the increase of AC current. Figure 7 depicts the fracture surfaces of X80
steel after SSRT experiment. As shown in the Figure 9a, there is no crack in the specimen tested in the
air. However, there are small cracks in specimens tested in NS4 solution without AC current indicating
SCC susceptibility, as shown in the Figure 9b. NS4 solution or near-neutral soil solution (pH = 7) is
used as a test solution for SCC experiment. It is prepared by mixing distilled water and pure chemical
reagent. The chemical composition of NS4 solution is shown in Table 3.
It is important to note that the number and the length of the secondary cracks increase with
the increase of AC current density see the Figure 9c,d. When the AC current density reaches 30 and
50 A/m2, as shown in the Figure 9e,f, the secondary cracks become wide signifying an increased SCC
susceptibility. As seen in these figures, some cracks nucleated from pitting illustrating that anodic
dissolution affected the SCC in X80 steel [42].
Table 3. NS4 solution composition (g/L) [43].
NS4 solution KCl NaHCO3 CaCl2·2H2O MgSO4·7H2O
- 0.122 0.483 0.181 0.131
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Figure 9. SEM image of fracture surfaces of X80 pipeline steel in air and NS4 solution in (a) in air,
(b) 0 A/m2, (c) 5 A/m2, (d) 10 A/m2, (e) 30 A/m2 and (f) 50 A/m2 [42]. Reproduced with permission
from [42], Elsevier, 2017.
It is worth mentioning that the mechanism of AC current on SCC has not been fully understood.
However, AC current transfers between pipeline steels and soil when there is a coating defect on
pipeline surface and this leads to the AC corrosion [44]. The corrosion potential is negatively shifted
by AC current and this phenomenon degrades the steel passivity in carbonate/bicarbonate solution.
When the AC current increases, the corrosion type will change from uniform to pitting. Zhu et al. [45]
studied the effect of short term AC current on SCC susceptibility in pipeline steel and observed several
intergranular SCC cracks and the anodic dissolution of steel was the main mechanism for SCC. They
concluded that when the AC current increases, the rate of intergranular crack nucleation from corrosion
pits will increase as well.
8. Type of Environment on the SCC Behavior
Pipeline steels are usually used in various environments. For example, API 5L X60, X65 and X70
pipeline steels carry oil and natural gas in sour environments having a high amount of H2S and CO2
with low pH value. An acidic environment, containing H2S, CO2, and water, promotes corrosion and
the H2S enhances the absorption of hydrogen into the pipeline steel by the corrosion reaction as well.
Some types of pipeline steels pass from sea water which has salt. Chloride ions are considered as one
of the common atmospheric corrosive agent [46,47]. One of the environments is the deep sea water
which applies a hydrostatic pressure to the pipeline steel. Even though there are few papers focused in
this field, the deep sea water has a crucial effect on SCC susceptibility in pipeline steel. It has been
reported that the SCC in land soil are dived into two types. The first type happens due to the effect
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of anodic dissolution in high pH solution among the grain boundaries [11,48,49]. The second one,
however, occurs due to the combination effect of anodic dissolution and hydrogen embrittlement in
near neutral pH solution [50,51]. In subsea environments, when the coating on the pipeline surface is
destroyed, the permeation of seawater in the gaps will promote the peeling of the coating resulting in a
complicated and more severe corrosion in pipeline steel [52].
Sun et al. [53] carried out an interesting study on SCC susceptibility in deep and shallow sea water
on X70 pipeline steel. They showed that the SCC susceptibility first decreased, reached minimum
amount at 15 MPa and then increased with the increase of hydrostatic pressure. In other word, the
SCC susceptibility is the lowest at 1500 m deep sea environment; however, it reaches the its highest
amount at 3000 m.
Moreover, the electrolyte has a considerable effect on SCC susceptibility in pipeline steels. It has
been reported that the electrolyte pH has a key role in determining the nature of SCC crack in pipeline
steels [54]. The type of SCC crack is intergranular when concentrated carbonate electrolytes with high
pH is present as a composition of environment. It is worth-mentioning that transgranular type of
SCC crack occurs in pipeline steels with dilute electrolytes [55]. One should consider that the main
components of ground electrolytes contain carbonate/bicarbonate, sulfate, chloride and nitrate onions.
Moreover, some soils are acidic with different types of compositions and concentrations. The effect of
each on SCC should be considered separately.
One of the factors affecting the SCC susceptibility is the produced hydrogen inside the pipeline
steel. The correlation between the hydrogen effect and anodic dissolution has not been completely
recognized. However, it appears that hydrogen may have a destructive effect on SCC susceptibility
due to the hydrogen embrittlement phenomenon. Lu et al. [56,57] studied the effect of hydrogen on
SCC susceptibility and reported that hydrogen restricts pipeline steel dissolution in near-neutral pH
water. However, unexpected results were proposed by Liu et al. [58]. These authors investigated the
SCC susceptibility in X70 steel under cathodic protection in an acidic and near-neutral solution by
using SSRT experiment. The results of their findings proved that hydrogen induced plasticity has a
positive impact on SCC susceptibility by releasing the stress concentration at the crack nucleation sites
and reducing the stress intensity. However, they reported that in order to postpone the crack initiation
and propagation, the applied potential should be within the high SCC susceptibility potential range.
The sulphur element has a key role on SCC susceptibility in pipeline steels. One can consider its
effect in two different ways. First, it plays an important role inside the microstructure of steel. It has
been reported that the sulfur element has a detrimental effect on HIC susceptibility by creating MnS
inclusion [8,59,60]. This type of inclusion usually has an elongated shape and provides regions with
high stress concentration. Therefore, this inclusion is considered as the HIC crack initiation site. From
the second viewpoint, sulphur element provides a corrosive environment for pipeline steel. Fan et al. [9]
investigated the SCC susceptibility in L360NS pipeline steel in sulfur environment and concluded that
the existence of sulfur element considerably increases the SCC susceptibility. As shown in Figure 10,
these authors modeled the SCC behavior in L360NS pipeline steel in sulfur melting cladding condition
and observed that H+ ion permeates into the substrate in region with high stress concentration. This
permeation breaks the corrosion product film and the surface of pipe steel is corroded continuously.
The combined effects of corrosion and hydrogen diffusion degrade the mechanical properties of steel
and the pipeline steel fractures under the stress.
Moreover, an applied load plays an important role during crack initiation and propagation on the
SCC phenomenon. Three types of stress may affect the SCC susceptibility in pipeline steel. The first
one is the constant load such as the pressure inside the pipe. The second one is the preload and the last
one is the fluctuating loads such as wind or ground movements. Pipe bending or welding process can
apply preload as a residual stress in pipeline steel. There is stress fluctuation in pipeline steel and the
effect of such stress on crack initiation and propagation should not be neglected. It is reported that the
SCC crack propagation near-neutral pH solution does not occur under constant loading and fluctuation
loading is required to initiate and propagate the cracks [61–64]. Jia. et al. [65] studied the effect of
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constant loading and preloading on the SCC in X80 pipeline steel in near-neutral pH environment. They
observed that preload do not change the SCC behavior in X80 steel near-neutral solution. However,
the time of crack initiation near-neutral environment under constant load is decreased when preload
is applied.
 
Figure 10. The SCC model for L360NS pipeline steel in sulfur melting cladding condition [9].
Reproduced with permission from [9], Elsevier, 2017.
9. Effect of Different Elements on SCC Susceptibility
There are several studies focused on the effects of different elements on the HIC and the SCC
susceptibility in pipeline steel. No doubt, different elements play different roles on the SCC and the
HIC susceptibility. The main elements playing a key role on SCC susceptibility are carbon, manganese,
and phosphorus elements. These elements are recognized as segregation elements during solidification
of steels such as pipeline steels. The mentioned elements are segregated at the center of thickness
of pipeline slabs and create some hard phases and structures such as bainite and martensite. It has
been reported that the manganese segregation ratio depends on carbon content [66]. It is important to
note that low strength carbon steels can tolerate higher phosphorus segregation than high strength
alloy steels [67]. Calcium element is usually added to pipeline steel due to its role on controlling the
sulphur element [68,69]. Calcium element is combined with the sulphur and makes sulphide based
inclusion which has a spherical shape. Therefore, the sulphur element is consumed by combining
with the calcium and this phenomenon avoids the formation of more manganese sulphide inclusions.
It is notable that manganese sulphide inclusion has an elongated shape and is considered as crack
nucleation site [10,70].
It has been reported that copper has a beneficial effect on both increasing the strength of steel and
HIC resistance by producing Cu-enriched fine precipitates [71]. Copper also makes a protective layer
on the surface of steel and decrease the hydrogen diffusion inside the steel. Baba et al. [72] investigated
the effect of copper addition on the prevention of hydrogen permeation in sour environment in pipeline
steel. These authors concluded that copper creates an inner layer of corrosion product with 100 nm on
the surface of steel preventing hydrogen entry inside the microstructure of steel.
10. Effect of Crystallographic Texture and Meso-Texture on SCC Susceptibility
There are several traditional methods, such as using micro-alloying elements, adding some
elements, using some special heat treatments and reducing number of inclusions, to increase the SCC
susceptibility in pipeline steels. However, most of such methods are not effective enough to increase
the SCC susceptibility. Crystallographic texture has been recently considered as a novel technique
which can reduce the SCC susceptibility in pipeline steels. There are a few studies focused on the role
of texture on the SCC susceptibility in pipeline steel [60–62]. Arafin et al. [12] investigated the role
of grain boundary character and crystallographic texture on the SCC susceptibility in X65 pipeline
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steel by electron backscatter diffraction (EBSD) and X-ray texture measurements. Figure 11 shows one
SCC crack in X65 pipeline steel. As shown in this figure, the SCC crack gets two branches when it
approaches to grains number 7 and 8. It is important to note that the misorientation angle between
grains (7, 13) and (7, 10) are higher than 15◦ falling in the classification of high angle grain boundaries.
Therefore, the boundaries between these grains with high energies provide an easy path for crack
propagation. As shown with red circle, the SCC crack is deflected about 45◦ when it reaches grain
number 30. Calculation of misorientation between grains number (30, 31) and (31, 32) proves that
the misoriatation angles between them are 12.3◦ and 36.1◦, respectively. This proves why the SCC
crack deflects when it reaches grain number 30. Coincidence site lattice boundaries are categorized
as low angle boundaries having a low energy. Therefore, such boundaries are not favorable for the
SCC crack propagation. One should expect that the crack follows the grain boundary between grains
number 37 and 38; however, the EBSD analysis shows that such boundary is from
∑
11 type boundary
with a low energy. An interesting result was observed when the SCC crack reaches the grain number
39. The grain boundaries between grains number (39, 40), and (40, 41) are from low angle grain
boundary (LAGB) and high angle grain boundary (HAGB), respectively. Surprisingly, the SCC crack
has propagated though the grain boundary between grains number 39 and 40 which has a low energy.
The EBSD analysis indicates that these grains have orientations close to the {110}‖rolling plane with
<110> boundary rotation axis. This might be the main reason for resisting of mentioned path for
crack propagation.
Figure 11. Electron backscatter diffraction (EBSD) map of the SCC crack propagation in X65 pipeline
steel [12]. Reproduced with permission from [12], Elsevier, 2009.
The results of Arafin et al. [12] illustrated that the grain boundary character plays an important
role in intergranular SCC. They also observed that CSL boundaries beyond the
∑
13b do not provide
the resistance path for the crack propagation. Finally, they showed that the macro and miro-texture
significantly affect the intergraular SCC. It is worth-mentioning that the study of texture on the SCC
crack propagation is a novel method and there are a few researches in the literature. Control of texture
and grain boundary character may be used to produce new pipeline steels with a higher resistance to
the HIC and the SCC in the near future.
11. Improvement of SCC Resistance
There are some methods that can be considered as new ways to improve the pipeline steel
performance against SCC cracking. Crystallographic texture and grain boundary engineering have a
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key role in increasing the SCC resistance in pipeline steel. Arafin et al. [12] investigated the role of
texture on X65 pipeline steel and concluded that a new understanding of texture and grain boundary
character will help to produce new pipeline steels with superior intergranular SCC resistance. They
concluded that a large amount of CSL boundaries and LAGBs can avoid intergranular SCC crack
propagation in pipeline steels. Such boundaries are provided by modifying the surface texture. It has
been reported that some phases and microstructures have a better SCC resistance in pipeline steels.
Bulger et al. [73] investigated the effect of microstructure in pipeline steels on SCC resistance in
near-neutral pH and concluded that there is a possibility to improve the SCC resistance by providing
the fine-grained bainite and ferrite microstructure. These authors also documented that the pipeline
steels with ferrite and pearlite microstructure have a poor SCC resistance. Moreover, the role of
inclusions on SCC crack initiation is considerable. Wang et al. [74] investigated role of inclusions on
pitting corrosion and SCC in X70 pipeline steels in near-neutral pH environment. They concluded that
oxide and silicon enriched inclusions are considered as SCC micro-crack initiation sites. Based on their
observations, most of SCC micro-cracks propagated through ferrite grains in transgranular manner.
Therefore, manufacturing a pipeline steel with low number of inclusions or with uniform distribution
of inclusions would be desirable for a high SCC resistance in pipeline steels.
12. Conclusions
Based on the above-discussion, several factors playing a significant role on the SCC susceptibility
in pipeline steels are as follow:
(1) Microstructure of steel plays a key role on the SCC crack initiation and propagation. Nature of the
SCC cracks, specially transgranular crack propagation, highly depends on the microstructure of
steel. Other metallurgical factors including grain size and grain boundaries become determinative
factors during intergranular cracking.
(2) The effect of residual stresses in crack initiation and propagation should not be neglected. Tensile
residual stress gives a high amount of mechanical driving force for crack initiation and short
crack propagation.
(3) AC current density may affect the crack propagation by two ways. First, AC current may break
down the insulation layer of pipeline steel and destroy the cathodic protection system. Secondly,
AC current density affects the nature of the SCC crack. When there is no AC current, the SCC
cracks propagate through intergranular manner and its mechanism is the anodic dissolution.
However, with the presence of AC current, the SCC susceptibility is increased and the SCC cracks
propagate through transgranular manner at high current densities.
(4) In a subsea environment, the permeation of sea water in the gaps will promote the peeling of the
coating resulting in a complicated and more severe corrosion in pipeline steel by destroying the
coating of pipeline steel.
(5) Addition of some elements to the pipeline steel have a substantial effect on the SCC susceptibility.
For instance, Carbon, manganese and phosphorus elements are segregated at the center of
thickness of pipeline slabs and make some hard phases and structures such as bainite and
martensite. Copper also makes a protective layer on the surface of steel and decrease the
hydrogen diffusion inside the steel.
(6) The SCC crack propagation near-neutral pH solution does not occur under constant loading and
fluctuation loading is required to initiate and propagate the cracks. The time of crack initiation
near-neutral environment under constant loading is decreased when preload is applied.
(7) Crystallographic texture plays a key role in SCC crack propagation. Grains with {111}‖rolling
plane and {110}‖rolling plane, coincidence site lattice boundaries and low angle grain boundaries
are recognized as crack resistant paths while grains with high angle grain boundaries provides
easy path for intergranular SCC crack propagation.
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